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The 1960 Extractive Metallurgy Division Lecture 
The Development of Modern Copper Smelting 


Ir is a great privilege and honor, for which I am 
humbly grateful, to give the second lecture on ex- 
tractive metallurgy before this group of competent 
members of the Extractive Metallurgy Division of 
the Metallurgical Society of the AIME. The honor 

is considerably enhanced by the fact that one year 
ago, at the San Francisco Annual Meeting, the first 
of this series of lectures was given by that most 
distinguished metallurgical genius, Dr. William 
Justin Kroll, when he spoke on the subject, ‘‘The 
Present State of Titanium Extractive Metallurgy.’’ 
He gave us the story of the fantastic, rapid develop- 
ment of that element, which has so recently been 
unlocked from its minerals for the use of mankind, 
that the creation and development of its metallurgy 
has occupied a period perhaps only one-thousandth 
of the duration of time employed by mankind in first 
discovering the extraction of copper and bringing it 
up to its present state of development and uses. Dr. 
Kroll lectured to us with the authority of a creator 
and developer of the metallurgy of that exotic metal. 
Today I have the assignment, ‘‘The Development of 
Modern Copper Smelting,’’ urged upon me by Dr. 
Carleton E. Long, President of the Metallurgical 
Society, to present the story of the extractive metal- 
lurgy of that old, honorable, but beautiful and en- 
during, work-horse metal, copper. I stand before 
you, not as a creator of a new metallurgy like my 
predecessor, Dr. Kroll, but as one who has been 
involved for fifty years in the routine extraction and 
production of copper from its ores; a half-century 
—but less than one-hundredth of the long stretch of 
time since man first discovered how to win this 
metal from its minerals and fashion it to his use. 


THE ANCIENT METALLURGY OF COPPER 


Although copper in all of its natural compounds is 
only a ten-thousandth part of the lithosphere and 
therefore ranks very low in order of abundance of 
the elements in the earth’s crust, its spectacular 
minerals have been observed at the surface in all 
the continents, many subcontinents, and often in 
islands, both large and small. Because the surface 
expressions of such deposits have frequently in- 
cluded, as an alteration product, the native metallic 
element itself, in a setting of highly colored min- 
erals, prehistoric man detected such occurrences, 
gathered the metal particles, and shaped them for 
his use. There can be no doubt that copper was one 
of the first metals which early mankind utilized, not 
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only for ornamental and precious possessions, but 
also because of its utility in vessels, tools, and 
weapons. 

The extraction of copper from its minerals is so 
easy that even primitive man was not long in dis- 
covering a means of winning the metal from its 
colorful ores, after the local supply of the native 
metal produced by processes of nature had been 
exhausted. There doesn’t seem to be any doubt that 
the two fundamental simple processes of oxidation 
and reduction, which are still the bases of modern 
metallurgy of the metal, were discovered and util- 
ized long before man was in the habit of recording 
his discoveries and deeds. As the Honorable Her- 
bert Hoover, former President of the United States 
and of this Institute, a diligent researcher of the 
oldest mining and metal arts, noted during his study 
of the earliest literature on the subject, the dis- 
coverer of the pyrometallurgy of copper—that is, 
its reduction by fusion—will never be known, be- 
cause whoever it was lived long before the making 
of human records of such things. Moreover, be- 
cause of the lack of easy and frequent communica- 
tion among peoples living in various parts of the 
world, there have been discoverers who acquired 
their knowledge at different times and independently 
of one another. Modern prospectors, examining 
engineers, and archaeologists have observed on the 
surface, or have excavated in such places as Asia 
Minor, Egypt, and the Isle of Cyprus, evidences of 
the fact that the metal was actually extracted from 
its mineral compounds at periods of time as much 
as 5000, or perhaps 7000 years ago. But even these 
may not be rated as the earliest of man’s efforts in 
copper smelting, if we can assume that there exist 
ancient sites in more remote regions that have not 
yet been explored, dated, and reported. Be that as 
it may, it is well known that copper objects appear 
in Egyptian prehistoric remains, dated as early as 
4000, or perhaps 5000 B.C.; and bronze articles, 
which certainly indicate at least fabrication, and 
perhaps extraction by fusion, have been found and 
dated as early as 4000 B.C. 

Hoover and others have stated that there is evi- 
dence that in the Bronze Age primitive methods 
certainly included the making of shallow pits in the 
ground, into which the ore was placed, underlaid 
with charcoal, and reduced to copper. Chemical 
analyses of the Bronze Age copper made by Pro- 
fessor Dowland and others, show such a small per- 
centage of sulfur that this copper must have been 
made by the reduction of oxidized ores. Although 


there has been much written on the subject of ancient 


mining in Cyprus, we have it straight from some of 
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our colleagues who have been employed in the recent 
rejuvenation of mining and milling on that island in 
the eastern Mediterranean, that they have observed 
sizable slag piles of ancient origin, and that the 
tonnage in these dumps must run into a figure of six 
digits. They do not report any present day evidences 
of native copper of importance, and so they believe 
that the earliest production was from the oxidized 
alteration products in the gossan of the orebodies. 
But they also believe that because the primary ore- 
bodies occurred in such a heavy pyritic mass, it 
couldn’t have been long before the ancient miners 
penetrated the secondary ores and encountered the 
problem of extraction of copper from the primary 
sulfide minerals. Inasmuch as research in Cyprus 
shows that this island produced copper from 3000 
B.C., it is quite likely that long before the domina- 
tion of the island by the Romans, the extraction of 
copper from sulfide minerals by roasting, followed 
by reduction, had been discovered and was practiced. 
The importance of the metal at that time can well be 
imagined, because the island was a principal source, 
and its domination passed successively under the 
Egyptians, Assyrians, Phoenicians, Greeks, Per- 
-Sians, and Romans, perhaps as each of these was the 
then current military power. Cyprus has been in 
recent years a British Colony, and perhaps most of 
this audience is aware of the fact that after the im- 
portant operations of the Romans ceased in about the 
third century A. D., the Cyprus mines are again 
producing in this twentieth century in operations 
conducted by an American company having leasehold 
concessions from the Cyprus government. At the 
moment Cyprus has become a republic, but its cop- 
per output is only a tiny fraction of world production, 
and any political interference in mining will not be 
earthshaking. Various recent papers, written by 
staff members of the Cyprus Mines Corporation 
and presented to the Institute, contain observations 
on the works of the ancients. These, together with 
many Similar observations on more ancient ac- 
tivities at other sites, lead to the conclusion that 
the two principles underlying modern copper smelt- 
ing have existed and have been practiced for several 
millenia. 

Authors of treatises on metallurgy have hereto- 
fore made quotations even from the Bible that are 
of historical significance with reference to the age 
of the metals art. For example, it is related in the 
fourth book of Moses called Numbers, at Chapter 
XXXI, Verses 22 and 23, that Moses, in directing the 
division of the spoils of war captured from the 
Midianites, ordered the processing of the metals as 
follows: ‘‘the gold, and the silver, the brass, the 
iron, the tin, and the lead, everything that may abide 
the fire, ye shall make it go through the fire, and it 
shall be clean.’’ The oldest Bible in my library 
dates this in the fifteenth century B. C.; so I am led 
to offer the suggestion that the collection and smelt- 
ing of secondary metals was organized at least 3500 


years ago. 


THE RENAISSANCE PERIOD IN COPPER SMELTING 
The late J. L. Bruce presented a paper to the In- 
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stitute in 1947 entitled, ‘‘Cyprus Mines Copper 
Again.’’ In it he made the statement that there had 
been something like 1700 years of inactivity follow- 
ing the important operations of the ancient Romans in 
Cyprus. This hiatus in progress was even greater 
than the period of the Dark Ages in Europe when 
progress of man as an artiSan or as an intellectual 
generally ceased or was curtailed, or at best became 
quite obscure. Fortunately for the world, that period 
ended, and communication of ideas became greatly 
enhanced by the development, reputedly by Guten- 
berg, in the middle of the fifteenth century, of the art 
of printing with movable type. The period of the Ren- 
aissance, which then began, had a beneficial influ- 
ence on the sciences and the arts, including even the 
art of smelting copper. Quite a number of books 
appeared fairly early in the Renaissance period, 

and in a category which we might classify as metal- 
lurgical literature. Among these, the three by 
Agricola, Ercker, and Biringuccio, taken together, 
presented in printed form most of the metallurgical 
knowledge acquired up to that time. Biringuccio’s 
‘‘Pirotechnia’’ was in Italian. ‘‘De Re Metallica’’ 
was first published in 1556, and was written in 

Latin under the pen name, Georgius Agricola, 
Latinized from his real name of Georg Bauer. He 
lived and died in Saxony, but spent much of his life- 
time in Bohemia, both of which countries are on the 
slopes of the Erzgebirge, the most prolific metal 
mining and smelting district of Central Europe. In 
1574 the book which is expressed in English as 
‘‘Treatise in Ores and Assaying’’ was first printed 
in German, and was the work of Lazarus Ercker. He 
wrote also in the Bohemian language, apparently ac- 
quired from his residence in the Saxon Erzgebirge, 
close to the Bohemian border; and he was, according 
to the title page of some of his editions, the chief 
Superintendent of Mines and Comptroller of the Holy 
Roman Empire and Kingdom of Bohemia. The metal- 
lurgical profession is indebted to Herbert Clark 
Hoover and his wife, Lou Henry Hoover, for their 
excellent English translation of Agricola, and to 
Sisco and Smith for their English translation of the 
1580 German edition of Ercker. 

Ercker and Agricola, in those publications of about 
400 years ago, have described practically all of the 
copper minerals that we know of today. Because 
they were writing in a period before the dawn of 
chemistry, their descriptions are in physical terms, 
particularly color, amenability to concentration, and 
ease or difficulty in smelting, together with a grade 
classification of lean or rich. Beneficiation, both 
prior to and subsequent to treatment by fire, was 
known at that time. For example, Ercker stated that 
copper ore does not occur alone in a vein, that much 
ore is associated with gangue, and as interspersions 
of pyrites and finely-disseminated copper glance, 
but such lean ores can readily be separated and con- 
centrated by crushing and washing, He also says, 
‘‘It is important to know that, even if the vein is 
wide, it can thus be worked with advantage and 
profit, which could not be done if you should try 
without previous treatment to smelt ore that is so 
widely disseminated.’’ That was gravity concen- 
tration prior to smelting. It is quite interesting to 
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note that Ercker observed the phenomenon of flota- 
tion of sulfides without appreciating its importance 
when he said, ‘‘Lean schists that contain very little 
copper cannot be concentrated satisfactorily be- 
cause most of them float in water and escape.’’ 
Ercker and Agricola were writing on ore treat- 
ment a couple of centuries before oxygen was known 
as such—that is, before it was discovered and iso- 
lated by Priestley. They knew the ancient practice 
of reducing to metal the minerals that we classify 
as oxides, carbonates, and silicates, by the use of 
charcoal. But they encountered copper ores of such 
oxidized minerals occurring as interspersions with 
gangue, and this posed a different problem, preclud- 
ing effective beneficiation prior to smelting. Ercker 
said, ‘‘Other copper ores occurring as intersper- 
sions, such as the beautiful azure copper ore, 
mineral green, or the rich brown copper ores, can- 
not readily be separated from their gangue by wash- 
ing because they are very light and not weighty like 
pyrites and hence go off with the water.’’ He further 
explained that if such ores contained much silver, 
it would be worth while to give them a prior treat- 
ment before concentration. He said, ‘‘But if they 
do contain silver, heat these ores strongly and 
quench them suddenly in cold water. Any rich copper 
ore present will thereupon collect in fine little grains, 
as was described previously in the book on gold ores. 
These ores should then be crushed or ground small 
and converted into schlich you can separate there- 
from.’’ Then as now, minerals beneficiation was 
closely intertwined with extraction metallurgy. Such 
interdependency in methods is well illustrated in 
another quotation from Ercker where he was dis- 
cussing the difficulty presented by small amounts of 
high grade copper minerals interspersed in large 
amounts in quartz, and I quote: 


‘‘Lean good copper ores that are interspersed in quartz 
cannot be crushed in large quantities on account of their 
hardness; neither can they be smelted to recover the 
metal, on account of their refractoriness. The quartz is 
so hard that before it becomes sufficiently broken up 
under the stamps, it has made the interspersed ore so 
fine that it floats on the water and escapes. For these 
reasons (as was said repeatedly before) there is no more 
reliable, more convenient, or more efficient way of 
treating such copper ores than to roast them very strongly 
in a high roasting furnace specially built for the purpose, 
and, when the great glow shows that the ore is calcined, 
to pour on water and cool it suddenly. This frightens the 
metal in the ore and makes it run together in the form of 
grains which are heavy enough to sink in water and to be 
subsequently washed out and thus obtained by themselves. 
What is not converted into pure copper by this process 
becomes good, heavy copper matte. When made brittle 
by roasting, copper ore that is associated with quartz can 
very readily be crushed and washed in large quantities, 
and the metal present can then be collected. Or you can 
smelt in one campaign the schlich yielded from a quantity 
of crude ore that could not be smelted in less than ten 
campaigns.’’ 


The ancients had discovered and practiced reduc- 
tion of oxidized ores with carbon, and probably not 
later than Roman times had discovered the roasting 
of pyritic ores and the reduction of the calcine by 
carbon. The Renaissance Age metallurgists pro- 
gressed into the field of beneficiation and concen- 
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tration of the ores containing the interspersed or 
disseminated mineralization, after fine crushing in 
crude stamp-mills driven by water wheels. And in 
their fire metallurgy they seem to have discovered . 
that partially roasted sulfides, followed by subse- 
quent fusion, would bring forth to some extent, at 
least, the elemental metal. This scheme became 
very well developed during the next 300 years as 

the basis of the various German, English, and Welsh 
processes of metallurgical treatment of copper sul- 
fide ores practiced until about the end of the nine- 
teenth century. 


NINETEENTH CENTURY DEVELOPMENTS 


By the end of the eighteenth century a number of 
important historical events had transpired which 
had their effect on the development of copper metal- 
lurgy. The science of chemistry began to emerge; 
oxygen had been discovered; and the old theory of 
phlogiston, which was based on the principle of 
fire being a material substance, began to topple, 
and eventually was abandoned. As a result, smelter- 
men were provided with scientific explanations of 
the oxidation and reduction processes that had been 
used in the production of copper from time imme- 
morial. This new knowledge aided those practicing 
the German, English, and Welsh processes to per- 
fect them to the point of exact control. They now 
understood that iron has a greater affinity for oxygen 
than has copper, that copper possesses a greater 
affinity for sulfur than iron, and that the sulfur of 
cuprous Sulfide has a greater affinity for the oxygen 
of the oxides of copper than it has for the copper. 
These considerations, coupled with quantitative 
chemistry, enabled them to make high quality copper 
from sulfide ores by a series of beautiful steps, al- 
ternating between oxidation and reduction, in which 
the reducing agent was copper sulfide itself. They 
even learned to separate precious metal from copper 
by carefully controlled roasting and leaching. This 
beautiful metallurgy was well described by the end 
of the century, particularly by Dr. Carl Schnabel in 
his German edition of ‘‘Handbook of Metallurgy,’’ 
which became available to English speaking people 
by the excellent translation made by Henry Louis. 

While the European processes were being per- 
fected, other events of great importance were setting 
the stage for increased usage and demand for copper. 
The Industrial Revolution had gotten under way,based 
on power from steam, power for tools, and labor- 
saving machinery, the result of which began to be 
particularly noticeable toward the middle of the cen- 
tury. Whereas in the first decade, from 1801 to 1810, 
the average world wide production of copper was 
18,000 tons, it had reached 50,000 tons per year 
during the fifth decade, and by the tenth decade was 
over 400,000 tons per year, a fantastically rapid 
geometric rate of increase in production, by what 
looks like, on observation of the curve, at least a 
90 pet factor from one decade to another. No doubt 
it was the Machine Age development, plus the be- 
ginning of the Electrical Age which created such 
expansion in the use of copper. And the great de- 
mand brought about a great shift in the geography 
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of production. Logically, the production had to shift 
to places where new orebodies could be found. 
Whereas in the first decade of the nineteenth cen- 
tury the European production was 68 pet of world 
output, it was down to 20 pct in the last decade of 
the century. During the same time, the North Ameri- 
can share increased from 0 to 60 pct of the world 
output. Thus the problem of the development of 
modern copper smelting became the task of the 
North American metallurgists, and particularly 
those in the United States. 


TWENTIETH CENTURY DEVELOPMENTS 


Just before and after the dawn of the twentieth 
century, metallurgists were blessed with a number 
of good textbooks on the metallurgy of copper, par- 
ticularly those of Peters, Schnabel, and Hofman. 
Many of the older members of the audience in this 
room undoubtedly have one or more copies of such 
books carefully preserved in their private libraries. 
Professor E. D. Peters, Jr., brought out his first 
edition in June, 1887, of ‘‘Modern Copper Smelting,”’ 
which was later revised and reissued from time to 
time in at least eleven editions of a rather volumin- 
ous work on a subject which I am tackling today for 
presentation in a little more than half an hour. The 
fact that those eminent metallurgists and writers 
did such a good job makes my task a lot easier. 
Their textbooks, running collectively up to 1914, give 
complete coverage, including the first phase of a 
very important modern development in the smelting 
of copper. I am referring to the converting of molten 
matte to molten blister copper. 

Following the announcement in 1856 by Sir Henry 
Bessemer that molten pig iron could be made into 
molten steel by intensive oxidation through air 
tuyeres, it was not many years before copper metal- 
lurgists began to consider that method for the 
processing of copper matte. Professor J. Arthur 
Phillips in his revised edition of 1887 of ‘‘Elements 
of Metallurgy’’ stated, ‘‘All experiments, from the 
first, made in Russia in 1867, to those made in this 
country (England) up to 1879 by John Hollway, re- 
sulted in complete failure.’’ Pierre Manhés of 
France commenced experimenting in 1880, but 
didn’t have any success until in 1881 he changed 
from bottom blowing to side blowing, but even so, 
his success only enabled him to do the job in four 
steps—namely, the melting of matte, blowing to 
white metal, casting and melting of white metal, and 
blowing to copper. Nevertheless, this measure of 
success in treating 1-ton charges of matte attracted 
the process to America; the first installation was in 
Butte, Montana, in 1884, at the Parrot Smelter, of 
which Dr. Peters was manager. Under the direction 
of such men as Peters, H. A. Keller, Alex McKenzie, 
and others, great progress was made in eliminating 
the multiplicity of steps so that by the turn of the 
century the Montana smelters had larger converting 
vessels and did the whole job without casting and 
remelting either the matte or the white metal. It 
developed into the complete conversion of copper 
matte to blister copper in converters lined with very 
siliceous material, which also provided the flux 
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necessary for the production of silicate slag from 
iron oxide made by the oxidation of the iron in the 
matte. At the beginning of the twentieth century it 
was quite evident, from the fact that there were at 
least a half-dozen installations of silica lined con- 
verters, that this so-called acid converting was going 
to be universally adopted. It successfully eliminated 
a number of the multiplicity of steps utilized in the 
beautiful but laborious older metallurgy of upgrading 
the matte to blister copper in small roasting and 
reverberatory furnaces. Its development and use 
was a great factor in making it possible for the 
smelters of the day to meet for at least two decades 
the fantastic rate of increase in the demand for 
copper. 

Simultaneously with the advent of Bessemerizing 
of matte, the development of electrochemistry and 
its application to the electrolytic refining of copper 
for the separation of the precious metals had ad- 
vanced to the point where it was accepted as a big 
improvement over the older European methods of 
pyrodissection, or pyrodissection and leaching, of 
winning the precious metals from the copper. This 
parallel event made it all the more desirable to 
adopt Bessemerizing for the quick one-step produc- 
tion of copper bullion from matte. 

At the end of the first decade of the twentieth cen- 
tury, copper smeltermen were developing a still 
greater change in the art, an improvement by which 
it became possible to convert the matte to blister 
copper in vessels lined with relatively and substanti- 
ally non-corrodible lining. This has been named the 
basic converter practice, which has had an even 
more profound influence on the ability of copper 
smelters to keep up with the accelerating demand 
for the metal. It is my opinion and belief, based on 
considerable study of the subject, that the primary 
credit for the success of converting on a basic lining 
such as magnesite brick belongs to Ralph Baggaley, 
who undoubtedly did it successfully and commercially 
at his Pittsmont smelting plant in Butte as early as 
1906. Unfortunately, Baggaley’s Pittsburgh and 
Montana Mining Co. enterprise ran out of adequate 
ore supply, and his basic converting, together with 
other metallurgical projects, had to cease operation. 
His patents were purchased by the Peirce-Smith 
Converting Co., which company developed much 
larger vessels of the horizontal rotating type. E. A. 
Cappelen Smith of that company obtained a patent 
on his method of so proportioning the volume of 
the air blast to the amount of siliceous flux and the 
matte being converted that he could control the tem- 
perature of the slag formed in the converter so that 
it would not substantially corrode the magnesite 
lining. At the same time Archer E. Wheeler and 
Milo W. Krejci in Montana developed the Great Falls 
type of converter to huge units of the vertical type, 
and they obtained a patent for the process of pro- 
tecting the magnesite brick lining of any converter 
with a coating of magnetite, artificially made when 
needed by a special phase of the converter blowing 
process. No longer was it necessary for the iron 
oxide produced by Bessemerizing to satisfy its 
appetite for silica by corroding a siliceous lining. 
The required silica was easily introduced in the 
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converter by gravity or pneumatic injectors at the 
will and in accordance with the judgment of the 
operator. No longer did the converting vessels have 
to be taken out of service for relining after only a 
day or two of service. Thus in the first part of the 
second decade of the twentieth century, basic-lined 
converters had been universally adopted. 

In the Seventy-fifth Anniversary special volume 
published by the AIME, entitled ‘‘Seventy-five Years 
of Progress in the Mineral Industry,’’ there is an 
excellent chapter by our most eminent contemporary 
metallurgist, Frederick Laist, which outlines many 
of the changes made in the smelting and leaching of 
the nonferrous metals during that period 1871 to 
1946. For me-to recite the same details could not 
possibly improve his story, which remains an au- 
thentic and convenient record for all who wish to 
consult it. As he and others have pointed out, the 
growth of copper smelting in America began in 
Michigan, but it was a simple process because the 
‘ ore there was of elemental copper. The industry 
then rapidly shifted to the West, particulary to Mon- 
tana and Arizona, where prospectors had discovered 
large deposits of sulfide ores with their oxidized 
surface cappings. Logically, the first large smelt- 
ing plants in the western United States tended to 
follow the practices of the European copper smelting 
of the nineteenth centruy. But while those processes 
had been beautifully worked out, they were operated 
in such small units and on such a small scale that 
new plants of our West soon became inadequate to 
meet the problem of producing for the skyrocketing 
demand for copper. Laist emphasized this when he 
described how in the year 1901 the big and sprawling, 
but already obsolete Anaconda works produced 
57,000 tons of copper in one year, but to do so em- 
ployed more than 200 furnaces and several thousand 
men. This quotation impels me to get a little ahead 
of my story by stating that fifty years later in 1951 
a new smelter was operating at Ajo, Arizona, at the 
production rate of 72,000 tons of copper per year 
with the use of only one furnace, operating three 
shifts per day, and two converters, each of which 
operated two shifts per day, all with the employment 
of approximately 100 men. Equally startling is the 
comparison of the first reverberatory furnaces built 
in Butte, Montana, after the European style, with a 
capacity of about 12 tons per day, with the 1915 at- 
tainment at Anaconda of over 600 tons per day, and at 
Clarkdale, Arizona, in the 1930’s of 1600 tons per 
furnace day, and of the later developments by Boggs 
and Anderson at Noranda in Canada, of over 2000 
tons per day. All of this rapid and fantastic depar- 
ture from the European practice was, as Laist put it, 
the result of ‘‘Americanization.’’ 

The Washoe Smelter, the world’s newest and for 
years the greatest, came in as the masterpiece of 
Frank Klepetko and William J. Evans at Anaconda 
in 1902, but the tempo of expansion was so fast that 
many of its features were soon much enlarged, re- 
placed, or remodeled under the successive manage- 
ments of E. P. Mathewson and Frederick Laist. 

Meanwhile, in the southwestern United States, 
parallel and equally important developments were 


going on under the direction of Dr. James Douglas, 
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Dr. L. D. Ricketts, Gen. John C. Greenway, and 
others. 

It must be admitted that the achievements during 
this era of rapid expansion were not accomplished 
solely because of the skill and imagination of copper 
metallurgists. They were the combined work of all 
the engineering professions and were possible only 
because of the equally phenomenal development and 
availability of steam, mechanical and electrical 
power, of better materials of construction, of bigger 
and better machines, of better refractories, and 
railroad transportation of fuel, supplies, and prod- 
ucts. 

However, during the current century the greatest 
unloading of the burdens of the copper smeltermen 
was afforded by the contributions of the mineral 
engineers, the beneficiators or ore-dressers. And 
through the years the physical and chemical char- 
acteristics of the products made in the concentra- 
tion of ores prior to smelting have really been the 
controlling influence upon the type of furnaces used 
from time to time. At the beginning of the century 
all such concentration was by the gravity methods 
applicable to sulfide ores. The ores were relatively 
high grade, and the sulfides could be dissected by 
crushing and concentrated in relatively large par- 
ticle sizes, which coarse concentrate, together with 
direct smelting ores, enabled the blast furnaces to 
survive until various parts of the third decade. But 
as the lower grade of ores became economically 
mineable and the sulfide inclusions were smaller 
in size, the concentrate became fine-grained and 
compelled the smeltermen to more and more 
develop roasting in mechanical furnaces followed 
by melting in reverberatory furnaces. The gravity 
methods of concentration, however, did not do much 
in dissecting the various sulfides from each other. 
Almost no pyrite was rejected in the concentration 
process, and the smeltermen had an ever-increasing 
burden in slagging off the iron. 


In the second decade the great low-grade 
porphyry ore deposits in Utah, Arizona, New 
Mexico, and Nevada were successfully mined by 
open-pit methods on a huge scale by D. C. Jackling, 
L. S. Cates, and their associates, who, very shortly 
thereafter, adopted and put into effect the then new 
flotation method of concentration. But for too many 
years the flotation process was practiced so as to 
float all the sulfide content of the ore without re- 
jecting much of the pyrite, and the smelterman con- 
tinued to make a high ratio of slag with respect to 
his copper product. Along in the third decade there 
was, however, a significant improvement in the art 
of selective or differential flotation whereby the 
copper was upgraded in its concentrate by rejecting 
pyrite to the tailing, and from that time on the cop- 
per smelting process developed to its most simpli- 
fied form. 

At Cananea, in Mexico, A. D. Wilkinson noted that 
the grade of his concentrate was getting high enough 
that, if smelted without roasting, a good grade of 
matte could be produced by direct melting, and so 
he successfully started there the novel practice of 
charging the cold, moist flotation concentrate di- 
rectly into a hot reverberatory furnace—a practice 
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which has been almost universally adopted wherever 
the copper to iron ratio in the concentrate is high 
enough, where there is no profitable siliceous flux- 
ing ore, and where there is no mineral present in 
the concentrate which would make a nuisance if 
smelted without roasting. 

Thus, after thousands of years, the copper smelt- 
ing plant has developed into an extremely simple 
two-step process—the first, the smelting of ‘‘wet’’ 
concentrate with recycled molten converter slag in 
a reverberatory furnace for the production of molten 
matte; and the second, the conversion of the molten 
matte to blister copper. The smelting plant is no 
longer a reduction works—that is, in the chemical 
meaning of the word ‘‘reduction.’’ It merely se- 
lectively oxidizes the iron and the sulfur to free the 
copper. What could be simpler? In 1947 Frederick 
Laist stated in his review, ‘‘It is difficult to see how 
a smelting plant consisting of a few reverberatory 
furnaces and converters can be much further sim- 
plified.’’ The only simplification since then is that 
now one such furnace and two converters make a 
very efficient plant of fairly large copper producing 
capacity. 

The over-all story of copper smelting from its 
beginnings tells us that: the ancients reduced oxi- 
dized copper minerals with carbon; the Romans 
probably carried on the process of roasting copper 
sulfide minerals and then reducing with carbon; the 
Renaissance metallurgists practiced both methods, 
but added crude ore beneficiation processes, and 
they began to get into the art of reducing roasted 
ore by fusion with raw ore—a practice which the 
European smeltermen of the nineteenth century de- 
veloped to quantitative perfection; but it was the 
phenomenal demand of the twentieth century and the 
achievements of the mineral engineers that put the 
pressure on the modern metallurgists to come up 
finally with the simplest of all—simple melting and 
selective oxidation. 


WHAT OF THE FUTURE? OR WHERE DO WE GO 
FROM HERE 


After the great simplification in copper metal- 
lurgy, as I have described it, yielded great produc- 
tion in compact plants with relatively few workmen, 
the operating cost of smelting copper—that is, from 
concentrate to blister—was reduced to one cent or 
lower per pound. As a result, there was a tendency 
for the smelterman to become rather complacent 
and self-satisfied. At the same time, the design of 
new plants and furnaces was passing out of the hands 
of the local engineering departments. It has become 
the fashion for new smelters to be designed under 
contract between the prospective owners and some 
large engineering organization, set up not only for 
consultation, but for design and supervision of the 
construction. Such arrangements with absentee 
engineers may have a number of advantages, but 
certainly there is a disadvantage in that the old, 
close liason between the operating department and 
the designing department has been considerably im- 
paired. Furthermore, there has been a noticeable 
tendency on the part of the owners and such ab- 
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sentee designing contractors to avoid ‘‘sticking out 
their necks.’’ In fact, some owners have actually 
given orders that they didn’t want any untried 
schemes incorporated in the projected plants. Real 
innovations were coming to be less frequent. 

If we look at the present day statistics of world 
production and the portions thereof produced in 
various countries, we find that another shift has 
been taking place. 


1958 Copper Smelter Production 


Rank Country 1000 Tons Pct of World 
1 1069 
2 Chile 482 12:3 
3 470 12.0 
4 Rhodesia 420 10.7 
5 Canada 330 8.4 
6 Germany 325 8.3 
7 Congo 262 6.7 
8 Japan 114 2.9 
9 Australia 72 1.8 

10 Mexico 67 1.7 
18 Others 319 8.0 
World 3930 100.0 


The margin of leadership in production that has been 
held in the United States for decades has been nar- 
rowing. Although the U.S. A. volume has not de- 
creased, the share of the world total has declined 
from the 60 pct of forty years ago to about 25 pct. 
Leadership in metallurgical achievement is like- 
wise being divided; so the present and immediate 
future is and will witness a reawakening of metal- 
lurgical thought beneficial to the smelting art. Re- 
cent events have so inflated the prices of labor, 
fuel, and usual commodities that the cost of copper 
smelting per se is an item no longer to be neglected. 
There will be real efforts made not only to reduce 
it to a lower level, but perhaps to wipe it out en- 
tirely by developing a greater yield of power and 
by-products. 

The smelting of copper has been simplified to 
the use of fuel and oxygen, but with very little ex- 
ception the oxygen has been as supplied by atmos- 
pheric air. It may indeed be fortunate that oxygen, 
the most important reagent in the metallurgy of 
copper, has been the one commodity which over 
the past decades has been becoming available in 
greater quantities and at a continuously declining 
price. The great surge in the oxygen-blowing of 
pig iron to steel going on throughout the world in the 
past few years has brought about the building and 
operation of plants for the production of relatively 
pure oxygen on a large scale. No doubt it is being 
manufactured and profitably sold at a price in the 
range of $10.00 to $15.00 per ton. Where 5-mill 
power, large continuous load, and other favorable 
factors are available, a production cost of $5.00, 
including amortization, can be attained. Simul- 
taneously, nitrogen has become available and may 
find some uSe in copper smelting. The fact that the 
production of ammonia has been expanding at a 
great rate, and at a lower and lower cost, makes 
that compound available, and perhaps within reach 
for certain special applications in the metallurgy of 
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copper. The advent of ammonia synthesis has de- 
veloped the commerical and cheap production of 
hydrogen by steam-reforming of natural gas to the 
point where packaged plants can be supplied for the 
use of the metallurgist who desires to try out this 
reductant in his metallurgical schemes. Air-re- 
formed natural gas is being used in lieu of tree 
trunks in the fire refining of copper; and in making 
sponge iron from matte. 

The International Nickel Co. has successfully put 
to use for several years the old idea of autogenous 
flash smelting of finely divided concentrates with 
oxygen at its Canadian plant. Some success has been 
achieved in Finland by using preheated air for the 
same purpose. Russians have advocated the same 
in cyclone-type combustion chambers. Thought is 
also being given to the use of oxygen for enriching 
the combustion air where fuel is used to fire the 
furnaces, and a report from Russia indicates a 
great increase in smelting capacity. A number of 

-plants are already using preheated air in the firing 
of reverberatory furnaces. A little thought is now 
being given to the preheating of such combustion air 
to even a higher temperature by utilizing the exhaust 
of the modern gas turbine. If this becomes success- 
ful, power would be produced from both ends of the 
reverberatory furnace. Many metallurgists are con- 
templating how they can use oxygen in converting of 
matte, and at the same time control the heat and put 
it to profitable use. 

The use of oxygen develops other possibilities, 
such as greater concentration of sulfur dioxide 
gas for the recovery of sulfur as brimstone; Inter- 
national Nickel Co. liquefies the gas for a good 


nearby market. The use of oxygen may make it 
possible to recover a high grade iron product 
more easily. Some thirty years ago I recommended, 
in patents long since expired, the pyrodissection 

of pyritic sulfide ores containing copper and zinc, 
as well as other minor sulfides in massive or con- 
centrated pyrite. This scheme would utilize inten- 
sive oxidation for the production of molten sulfur- 
free magnetite and rich sulfur-containing gas. 
Fractional reduction of the magnetite to ferrous 
oxide, i.e. ferra, would complete the elimination of 
the zinc with the simultaneous separation of cop- 
per and precious metals in a copper bullion; and 
finally, the reduction of the ferrous oxide would 
produce a steel containing the optimum amount of 
copper. I feel certain that schemes like these are 
going to be resurrected and successfully applied. 

Contemporaneously, considerable thought is being 
given to the use of electric furnaces such as the 
late Dr. Marvin Udy schemes for the production of 
steel from silicate slags made from copper smel- 
ters. 

The principal deterrent to commercial develop- 
ment of by-product schemes in the past has been 
that most copper ores were smelted where markets 
have not existed for heavy cheap commodities like 
iron and sulfur. In the United States, where the 
phenomenal growth in the West may bring the market 
closer to mining and smelting communities, eco- 
nomics may permit the successful adoption of 
processes for the recovery of many by-products; 
and copper smelting will become a source of addi- 
tional profit. The possibilities are intriguing chal- 
lenges to the metallurgists of today and tomorrow. 


New Tough Pitch Continuous Copper Melting and 
Casting Unit at Asarco’s Perth Amboy Plant 


Design features and operating methods of ASARCO’s new unit 
for the continuous melting and casting of tough pitch copper at 
Perth Amboy are described. Preliminary studies made for de- 
termining economic feasibility and design details are also pre- 
sented. Cathodes are preheated with oil and melted in an electric 


furnace at a 40-ton per hr rate, from whence the molten copper 
is fed simultaneously to the wire bar casting wheel and the con- 


tinuous casting of cakes and billets. 


In the early 1950’s the copper refining furnaces at 
ASARCO’s Perth Amboy plant reached a point where 
major expenditures would have to be made for re- 
placement of the furnaces and the auxiliary equip- 
ment. The problem was whether to continue with 
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the standard reverberatory furnaces or to consider 
continuous melting in electric furnaces. 
Reverberatory furnaces have been used for years 
in the copper industry and for some 50 years at the 
Perth Amboy plant. Reverberatory melting practice, 
however, imposes certain restrictions. First, labor 
costs are high, usually requiring three shifts per 
day. Secondly, they operate on a batch basis, the 
conventional operation being a 24-hr cycle including 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 


charging, melting, oxidizing, skimming, poling, and 
casting. Thus they are not amenable to new con- 
tinuous casting techniques because of their inability 
to supply a continuous flow of refined metal. Fur- 
ther, they require the use of very high casting rates 
in order to dispose of their large capacity within the 
permissible casting period. 

These factors all pointed to the desirability of 
continuous melting and casting at Perth Amboy. The 
expected advantages would be lower labor costs, 
less slag to handle, uniformity of composition, and 
a continuous flow of metal at lower hourly rates to 
permit improvements in the casting of standard 
shapes and the continuous casting of cakes and 
billets. 

For some years electric arc furnaces for melting 
copper have been used in North America by the 
Ontario Refining Co., the Kennecott Copper Corp., 
the Canadian Copper Refiners, Ltd., and by 
ASARCO’s Baltimore plant. Melting capacities 
ranged from about 12 to 20 tons per hr. Perth 
Amboy desired a minimum capacity of 30 tons per 
hr. In addition, lower melting costs and a more ef- 
fective method to control the sulfur content of the 
copper were needed to enable arc furnace melting 
to compete with reverberatory practice on a sound 
commercial basis. 


PROBLEMS AND PRELIMINARY STUDIES 


In view of the almost prohibitive cost of rebuild- 
ing the reverberatory furnace establishment, 
ASARCO’s Research Department, in cooperation 
with the Engineering Department of the Perth 
Amboy plant, undertook a study of the problems of 
continuous operation. Advantage was also taken of 
the experience gained through the operation of an 
arc furnace at the Company’s Baltimore plant. First 
to be considered was the feasibility of processing 
Perth Amboy’s entire production in an electric arc 
furnace, particularly in an area where oil is con- 
siderably less expensive than electricity on a heat- 
unit basis. 

Preheating and Handling—During the test period 
it was first determined that the use of an arc fur- 
nace as a source of molten metal could only be 
justified if approximately half of the Btu’s required 
were supplied by an oil-fired preheater. To attempt 
to supply much more of the required Btu’s in the 
preheater, however, would reduce the efficiency of 
the oil firing and would probably melt portions of 
the cathodes. 2 

It was also determined that by maintaining 
slightly oxidizing conditions in the preheater, 
adequate removal of the sulfur from the cathodes 
was obtained. This was of utmost importance since 
there is little that can be done to lower sulfur after 
the cathodes are charged to the arc furnace. 

The handling of hot cathodes presented still other 
problems. In order to obtain a satisfactorily low 
oxygen content in the bath the amount of oxide 
formed in the preheater had to be held to a mini- 
mum to permit the normal pickup of oxygen from 
the air in transferring to the arc furnace. Other- 
wise an elaborate system to exclude air from the 
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transporting and charging area would have been 
required. 

The hot cathodes had to be handled rapidly, not 
only to minimize oxygen pickup, but also to meet 
tonnage requirements. This practically precluded 
the conventional arc furnace practice of feeding 
single cathodes, but favored the handling of stacks 
of cathodes, preferably weighing one ton or more. 

With that in mind it was then determined ex- 
perimentally that stacks of cathodes, having the 
desired size and a reasonable degree of uniformity 
of weight, could be split from the cathode stacks on 
narrow gage cars. It was also determined that the 
cathode stacks could be transported, hot or cold, 
without difficulty. 

The preheating tests mentioned above were made 
with 1-ton stacks of cathodes. 

Arc Furnace Design—The design of an arc fur- 
nace with a minimum melting capacity of 30 tons 
per hr also presented problems. 

To permit the rapid charging of stacks of hot 
cathodes, weighing 1 ton or more, the idea of using 
the conventional charging slot was abandoned in 
favor of a large door. The door also had to open 
and close rapidly to permit a reasonable control 
of the furnace atmosphere. 

Studies were made to determine the effect of 
charging stacks of cathodes into the furnace bath. 
When 1-ton stacks of cathodes were charged into 
molten copper in a reverberatory furnace there was 
considerable disturbance of the bath surface, but no 
explosions occurred. It was also observed that the 
cathodes floated on the bath, probably due to en- 
trapped gases. 

Points that could not be ascertained beforehand 
were the metallurgical, physical, and electrical 
effects of charging stacks of cathodes into the arc 
furnace with full power on. Charging with full power 
on, however, has presented no problems and has be- 
come standard practice. 

Mainly because of the bath disturbances when 
charging cathode stacks, special controls’ also had 
to be designed to move the heavy electrode assem- 
blies rapidly and precisely to maintain stable arcs. 

Next, careful consideration was given to the arc 
furnace design in order to provide a molten metal 
bath of adequate area and volume. 

The area, or diameter since the furnace was 
round, had to be sufficient to prevent breakage of 
electrodes during charging, and to permit the rapid 
transfer of arc heat to the bath without superheating 
the refractories. 

At the same time the volume of the bath had to be 
sufficiently large to minimize surges, both in the 
amount of metal and in its oxygen content, caused 
by variations in charging rate and the size of the 
cathode stacks, by fluctuations in the power input, 
furnace atmosphere and slag build-up, and by rob- 
bing the bath to supply the various casting units. 

Arc Furnace Lining—Considerable study and ex- 
perimentation also preceded the final choice of the 
are furnace refractory lining. A brief history of 
arc furnace refractory linings, together with 
ASARCO’s own past experience, might be of in- 
terest here. 
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The first arc furnace bottoms were fused mono- 
lithic refractory. Successive layers of periclase 
were fused on the furnace bottom by arcing on 
broken electrodes placed directly over the peri- 
clase. This method of installing a bottom is ex- 
tremely hot and difficult as well as expensive and 
time consuming. 

The next major change in refractory practice 
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was introduced at the Baltimore plant of ASARCO, 
whereby the bottom was constructed of chemically 
bonded magnesite brick. Bricks were installed dry 
and chrome-magnesite cement was carefully 
brushed over each course. Cardboard strips were 
placed throughout the sidewalls and roof in order 
to take care of expansion. 

Prior to the installation of the Perth Amboy fur- 
nace a new lining was installed at Baltimore. The 
lining consisted of burned chrome-magnesite brick. 
The bottom was laid up with mortar and the side- 
walls were installed dry. This type of construction 
proved to be very successful as the Baltimore fur- 
nace operated for over a year without a major re- 
pair. The bottom and sidewalls of the arc furnace 
at the Perth Amboy plant are also lined with burned 
chrome-magnesite brick. The roof is lined with 
Thermag brick which is a burned magnesite chrome 
brick. The original bottom shows no signs of seri- 
ous wear after operating for 16 months. 


PLANT FLOWSHEET 


After working out as many of the metallurgical 
and design problems as was possible prior to actual 
operation, ASARCO’s decision was to build a con- 
tinuous melting and casting unit rather than revive 
the old reverberatory units. 

The accompanying flowsheet shows, in schematic 
form, the final layout of the melting and casting 
system. 

In brief, the process is as follows: 

Stacks of cathodes are removed by fork truck 
from the narrow gage cars and placed on the split- 
ting stand. There they are split into stacks of the 
desired weight, straightened and then transferred 
to the feed conveyor, all by fork truck. 

The charging machine then places the stacks in 
the Salem-Brosius rotary hearth preheater. The 
oil-fired preheater holds thirty stacks and is di- 
vided into three zones to provide better tempera- 
ture and atmosphere control. After adequate sulfur 
removal and upon reaching the desired temperature 


Fig. 1—Rotary hearth preheater. 
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(about 1 hr), the stacks are removed by the charging 
machine from the same door used for charging, and 
immediately charged to the arc furnace. 

Both the preheater door and the arc furnace door 
open and close by sliding up and down, and are con- 
trolled from the charging machine cab. 

The arc furnace charge door also serves as the. 
skim door. A small side door is provided for poling, 
if necessary. 

The Whiting arc furnace melts 40 tons of copper 
per hr and has a capacity of about 90 tons of molten 
copper. The furnace can be tilted to provide differ- 
ent rates of withdrawal and to facilitate skimming. 

Arc furnace metal bath temperatures can be con- 
trolled by adjusting the current input, the charging 
rate, and by changing the temperature of the cath- 
odes, within limits. 

Control of the oxygen content of the bath can be 
obtained by adjusting the arc furnace damper set- 
tings, the charging rate, and by changing the pre- 
heater atmosphere. 

From the arc furnace the molten copper flows 
through a submerged tube into a main launder, which 
in turn feeds two branch launders—one for wire bar 
casting and one for continuous cake casting. Pro- 
vision is also made for tapping the wire bar launder 
to provide metal for a continuous billet casting stand 
and also for mold casting. 

Each of the production casting units is fed through 
a 10-ton, low-frequency, Scomet-type, Ajax holding 
furnace. The three furnaces are the same size so 
as to be interchangeable. 

These furnaces were designed to act as balance 
wheels in the molten copper streams since the 
power input is only 200 kw per furnace and melting 
capacity is low. They are of sufficient capacity, 
however, to permit slag removal, temperature 
control, and adjustment of the oxygen content as 
needed. 

Construction of the plant, as described above, 
began in June 1956 and was completed in July 1957. 
The unit has operated since September 1957. 


EQUIPMENT 


A detailed description of the equipment and its 
operation follows. 

Rotary Hearth Preheater, see Fig. 1—The Salem- 
Brosius rotary hearth preheater is 45 ft in diam 
and is fired by 32 Hauck, 2-in. proportioning oil 
burners. The furnace is divided into three com- 
bustion zones which are separated from each other 
by hanging walls or curtains of interlocking re- 
fractory. Each zone is serviced by a separate 
flue which terminates in a common flue and stack. 
Combustion zones are separately controlled by 
automatic instrumentation. Continuous samples 
of gas are withdrawn, analyzed, and recorded 
automatically from each zone. 

A time interval of 55 min is required for the 
30 piles of cathodes or rejects to make one revo- 
lution through the unit, discharging copper rela- 
tively sulfur free at a temperature of 1500°F. 

The rotary hearth is covered by a castable 
refractory. Furnace sidewalls, flue and stack 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 2—Arc furnace. 


linings are of lightweight insulating brick. The 
roof is constructed of interlocking lightweight 
brick suspended by alloy steel hangers. A non- 
circulating water trough extending around the 
circumference of the furnace serves as a seal 
between the rotary hearth and sidewalls, allowing 
for atmospheric control within the zones. Water 
lost by evaporation is replaced by an automatic 
level control system. Periodically, foreign matter 
is removed from the water trough and the pH of 
the water adjusted to maintain a slightly basic 
condition. 

Arc Furnace, see Fig. 2—The furnace is a 
Whiting, full nose-tilt, 90-ton bath capacity, 18-ft 
diam, 3-phase, direct arc type employing 18-in. 
diam electrodes. We believe this is the largest 
copper melting arc furnace in the world at the 
present time. 

Purchased power from the Public Service 
Electric and Gas Co. is supplied to the plant sub- 
station by two 27-kv transmission lines. Unin- 
terrupted power is assured by protective relays 
which, in the event of a transmission line fault or 


outage, open only the circuit breaker to the defec- 
tive line. The 8000-kva (40°C rise) forced-oil, 
water-cooled transformer is energized from a 

27 kv air blast circuit breaker operated from the 
arc furnace control console. The transformer 
secondary has a maximum current rating of 
30,400 amp and its primary has 12 taps providing 
secondary voltage from 200 to 73, phase to phase. 
The voltages presently employed by the 4-position 
tap changer are 182, 152, 115, and 88, which give 
power inputs varying from 6300 kw to 2000 kw. 
Power factor readings have averaged 70 pct and 
better. 

The electrode controls, which were designed to 
ASARCO’s specifications by the Whiting Corp. and 
the General Electric Co., produce an extremely 
stable arc, utilizing a servohydraulic system es- 
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pecially designed to provide extremely rapid and 
precise electrode positioning. Oscillograph records 
taken during operation have proven that the ten tons 
of load on each phase, consisting of electrodes, arm 
and cable, accelerates to full speed within % sec in 
response to power change signals. Also, the direc- 
tion of electrode travel is reversed when required 
in less than 7/3 sec. A system of this type is re- 
quired to maintain stable and efficient power inputs 
of 4 to 7 megawatts despite molten metal disturb- 
ance set up by charging 1-ton and larger cathode 
piles with the power on. 

The charge door opening is unique in copper arc 
furnace practice in that its dimensions are much 
greater than the usual narrow water-cooled cathode 
slot. The large opening created when the door is 
open does not present a serious oxygen control 
problem in the furnace bath. 

A cooling tower with automatic emergency d-c 
pumps supplies water for the transformer and com- 
ponent parts of the arc furnace consisting of roof 
ring, bezel ring, electrode clamps, glands, bus bars, 
and charging door arch. 

The electrode ports in the roof are cooled by 
water glands which are placed around each elec- 
trode. A funnel shaped device of steel is attached 
to the top of the gland to receive a packing of 2-in. 
asbestos rope for air sealing. 

The electrode clamps are operated pneumatically 
and are controlled from the furnace operator’s con- 
sole. An overhead crane assists in electrode addi- 
tions. 


The initial heating up of the new furnace was 
spread over a 2-week period. Brick temperature 
was brought up to approximately 900°F by propane 
gas burners over a 9-day period. Oil firing was 
used from 900° to 2100°F for 5 days. An initial 
charge of about 35 tons of cathodes was melted by 
oil fire over a 24-hr period. The arc was then 
struck and the furnace filled to 90 tons with pre- 
heated cathodes. The furnace was drained com- 
pletely after 10 months’ service for a revision to 
the brickwork around the charge door. Inspection 
of the lining at this time revealed no serious wear. 


OPERATIONS 


Arc Furnace Operations—The melting crew con- 
sists of a head furnaceman, an assistant furnace- 
man, a charging machine operator, and a lift truck 
operator. 

The oxygen content of the metal within the fur- 
nace is controlled by regulating the flow of fume 
and gases through a 10-in. water-cooled vent in the 
roof. Optical oxygen determinations are made 
every 20 min on the metal flowing from the arc 
furnace pour tube and ingot samples for observing 
the set are taken more frequently at the same 
location. 

The arc furnace is normally operated in a hori- 
zontal position (0 deg tilt) during casting. Metal 
flow is maintained by displacement from the incom- 
ing charge. The furnace may be tilted 30 deg for- 
ward in order to drain it completely or 10 deg 
backward when skimming. During holdovers the 
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furnace rests on chocks at approximately minus 3 
deg. The arc furnace may be tilted upward from 
0 to 2% deg during charging. 

Continuous metal flow is maintained 24 hr per 
day to either the wire bar or semicontinuous cake 
casting unit or simultaneously to both units. During 
this period metal is occasionally diverted to a 
5-ton transfer furnace for mold making or billet 
production. The average melting rate is 40 tons 
per hr. 

The metal temperature within the arc furnace 
is maintained fairly constant, ranging from 2090° 
to 2120°F during casting. 

There are three factors to be kept in balance in 
order to properly control the temperature: 

1) The rate at which copper is charged into the 
arc furnace. This rate is controlled by the furnace- 
man who sets the Cramer cycling pulse timer 
whereby a signal flash appears in the cab of the 
charge machine operator. 

2) Temperature of copper as removed from the 
preheating furnace. 

3) Transformer tap changes in order to increase 
or decrease the power input to the metal bath. 

Electrodes are slipped or changed and minor re- 
pairs are made on the arc furnace without inter- 
rupting metal flow since 10 tons of metal is avail- 
able in either the semicontinuous cake casting 
induction furnace or the wire bar induction furnace. 

Electrode consumption is presently averaging 
2.8 lb of graphite per ton of copper melted. Power 
consumption figures based on 5-day, 3-shift pro- 
duction have been ranging from 120 to 140 kw-hr 
per ton of copper melted, including holdover power. 

The oxygen content of the metal delivered for all 
units from the arc furnace is presently averaging 
0.02 pet. The furnace is skimmed whenever neces- 
sary, but there is no scheduled time for skimming. 
However, the indications that skimming is neces- 
sary are a sidewall temperature of 2600°F, or in- 
ability to control oxygen content by roof damper 
adjustment. When operating on a 3-shift, 5-day 
schedule it is normal practice to skim the furnace 
once every 24 hr. 

Two small flues connected to a common 18-in. 
flue convey the fume to a fan discharging into a 
Research-Cottrell cyclone and finally into a 4-sec- 
tion Wheelabrator dust collector. The cyclone and 
dust collector are equipped with individual hoppers. 
At present 2.5 lb of fume is collected per ton of 
copper melted in the arc furnace. 

Melting and Casting Operations—The preheating 
furnace is designed to handle the entire output of the 
electrolytic refinery. Cathodes are delivered to the 
building by narrow gage railroad cars. Parallel 
trackage runs the length of the interior of the build- 
ing along the west wall, adjacent to the rotary hearth 
preheater. 

Each narrow gage car contains three, 3-ton 
cathode piles. A fork lift truck fueled with L-P 
gas removes a 3-ton pile from the narrow gage 
car and places it on a splitter stand which is shaped 
similarly to a low chair. The seat part of the stand 
is a turntable which permits the cathode loops or 
hangers to be placed in the preheater in any direc- 
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Fig. 3—Wire bar casting equipment. 


tion desired and the stack of cathodes more easily 
aligned. A lift truck splits the cathode piles into 
1-ton units and places them upon a straight-line 
conveyor which is electrically interlocked with a 
charging machine. Reject shapes stacked upon 
cathodes may also be placed on the conveyor by the 
lift truck. The conveyor is operated manually or 
semiautomatically by the charging machine operator 
and has positions for 5 units of charge material. As 
each pile is indexed in front of the rotary hearth 
preheater door, the peel-type stationary charging 
machine picks up the 1-ton unit and places it upon 
a set of piers resting on the rotary hearth. The 
charging machine peel is withdrawn and the hearth 
of the preheater indexes 1-position, bringing a 
preheated pile of cathodes to a point in front of the 
hearth door. The charging machine peel enters the 
furnace, picks up the hot pile, withdraws it from the 
furnace, and then the charge machine rotates through 
a horizontal angle of 67 deg 30 min to a stop point in 
front of the arc furnace charging door. Meanwhile 
the cathode conveyor indexes and the arc furnace 
door opens. The charging machine peel travels 
forward carrying the preheated copper to a position 
just inside the arc furnace charge door. The charge 
is pushed off the peel into the molten bath by a ram 
installed in the peel head. The cycle is concluded 
by withdrawal of the peel from the arc furnace, 
closing of the arc furnace door, and the returning 
of the charging machine to its original pester! in 
front of the preheater door. 

The metal flow from the arc furnace is main- 
tained by displacement or tilt (up to 30 deg) from 
a submerged type pour tube. The arc furnace _ 
launder is divided into two branch launders, the 
shorter branch (12 ft) discharging into the 10-ton, 
Ajax, low-frequency, Scomet-type induction fur- 
nace for semicontinuous casting of cakes. The 
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Fig. 4—Vertical cake casting equipment. 


longer branch (40 ft in length), which in turn can 
be tapped for the billet unit and for mold making, 
discharges into the 10-ton induction furnace for 

wire bar casting. The launders—outside dimen- 
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Fig. 6—Vertical cast cake lift. 


sions 24 in. wide by 20 in, high—are lined with 
insulating brick surrounding special ‘‘U’’ shaped 
tiles. A charcoal cover is maintained on the laun- 
ders. The tiled section is sealed with refractory- 
lined, metal framed covers. 

The temperature of molten copper in the induc- 
tion furnaces is measured by a radiamatic unit 
sighting on the bottom of a submerged silicon car- 
bide tube and temperature control is automatic. 

The wire bar induction furnace, see Fig. 3, dis- 
charges a controlled flow of metal into a ‘‘Montreal’’ 
type ladle. The ‘‘Montreal’’ type ladle is designed 
for pouring very cold copper at a high casting rate 
per lip. Metal temperatures in the ladle are re- 
corded. Wire bars and other standard shapes are 
cast on a conventional 18-mold, Walker-type wheel. 
The castings are dumped into a bosh and are re- 
moved by an inclined, steel flight bar conveyor for 
inspection. After inspection the wire bars are re- 
moved, four at a time, by end grab tongs and 
stacked in 3-ton piles. Lift trucks are used to 
transport the cast shapes to a scale and finally 
to stock or direct shipment. 

Metal for the semicontinuous cake casting unit 
discharges from the 10-ton induction furnace into 
a ladle similar to the ‘‘Montreal’’ type ladle, see 
Fig. 4. 

The cake casting operation is unique and is based 
on the use of water-cooled graphite molds. ASARCO 
has used variations of graphite molds for 20 years, 
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Fig. 7—Cake sawing operation. | 
| 


as graphite is adaptable for continuous casting op- 
erations due to effective heat transfer properties 
and inherent lubricity. The casting unit consists of . 
dual graphite molds, water-cooled, mounted on a | 
reciprocating carriage suspended over a well 32 ft | 
in depth. 
Copper is poured from the ladle through a funnel | 
arrangement to each mold. As the castings freeze 
they are continuously lowered through the molds by 
means of a hydraulic ram, see Fig. 5, at controlled 
speeds, and pass through a series of high-pressure 
water-cooling sprays. 
Tough pitch cakes are cast in 25-ft lengths with 
cross-sectional dimensions of 5 by 25 in., 5 by 
30 in., or 5 by 36 in. 
After completion of casting, the mold carriage 
is swung aside to allow removal of the cakes from 
the well by crane lift, see Fig. 6, using scissor- 
type tongs. 
The cakes are then laid in a horizontal position 
on wood blocks. A double-woven, mesh-type sling 
is used to lift the cakes to an inspection table. A 
Model 1000 Wagner saw, equipped with a 40-in. cut- 
off saw blade, is used to cut the 25-ft cakes into 
specified lengths. Custom lengths are then trans- 
ported by crane or fork lift trucks to a scale for 
weighing and subsequent shipment, see Fig. 7. 
Molten metal for mold making and billet casting 
is drawn off the main wire bar feed launder into a 
5-ton transfer furnace which is transported by 
crane. The transfer furnace may be emptied into 
either the mold press or directly into a 10-ton 
induction furnace serving the continuous casting 
billet unit. 
As billet casting is now undergoing minor changes 
during the shakedown period, complete operating 
and design data are not resolved at this time. No 
doubt a paper on this new development will be sub- 
mitted for future production. 
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The Precipitation of Carbon from Alpha-lron 


|. Electronmicroscopic Study 


The first carbide phase that precipitates at 120°C from 
a@ iron containing about 0.02 wt pct,C was studied with the elec- 
tron microscope. In both strained and unstrained material the 
carbide particles appeared to form on the dislocations in the 
iron, in agreement with the results of the kinetic study in part II. 
The structure of the carbide was tentatively identified as an ex- 
panded a-iron lattice (body-centered tetragonal) with about 0.7 


wt pct C. This phase appeared to be metastable and apparently 


R. H. Doremus 


transformed into cementite or epsilon carbide when the iron 


was over-aged. 


Wuen @ iron containing less than about 0.025 wt 
pet C is quenched from 700°C to room temperature 
the carbon is retained in solid solution and precipi- 
tates out slowly with time. The morphology and 
structure of the precipitating phase are still in 
doubt, two different carbide phases, epsilon carbide 
and cementite, have been identified, but there is 
considerable disagreement about the time and tem- 
perature at which they appear.’~* Epsilon carbide 
seems to form at lower temperatures than cemen- 
tite, although one group of investigators* found only 


the latter phase over a wide range of aging tempera- 


tures. Usually these two phases have been identi- 
fied after aging times much longer than needed to 
drain the carbon from supersaturated solution, at 
least for aging temperatures below 200°C. The 
precipitated carbides have been observed with the 
electron microscope,* ° but again most results 
have come from samples aged much longer than 
necessary to reduce the carbon concentration in 
solution to a low value. In this study the carbide 
phases were observed in earlier stages of pre- 
cipitation with the electron microscope, in order 
to learn more about the shape, size, and distribu- 
tion of the carbide particles. Samples strained 
small amounts before aging, as well as unstrained 
samples, were studied, and the structure of the 
carbide phase was tentatively identified. 


EXPERIMENTAL 


‘‘Ferrovac E’’ vacuum-melted iron, from 
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which the wires for kinetic studies were also 

made (Refs. 6 and 7 and the following paper) was 
used for this work. An analysis of this material 

is given in Table I; it agrees well with the manu- 
facturer’s values. The number of inclusions in 

the iron was very small, as can be seen in the 
optical micrograph in the following paper. Pieces 

of iron about 1 mm thick and 5 to 10 mm in diam 
were used for all the studies except for those in 
which the sample was strained before aging; then 
the specimen was a rod 3 to 6 mm in diam and 20 
cm long. The samples were held at about 700°C in 
wet hydrogen for at least an hour to remove residual 
carbon and nitrogen, after which they were heated to 
950° (in the y region) and cooled to room tempera- 
ture in the furnace. This treatment gave an average 
grain diam of more than 1 mm, so that the effect 

of grain boundaries on the precipitation process 

was negligible. The samples were carburized at 
710°C for about 2 hr in hydrogen that had passed 
over toluene held at —30°C; then they were rapidly 
quenched into water. From chemical analysis this 
treatment gave a carbon concentration of from 0.012 
to 0.016 wt pct, which is less than the solubility of 
carbon at this temperature. After quenching, the 
samples were aged at 120°C in an oil bath for vari- 


Table I. Analysis of the Iron Used in this Study 


Element Wt Pct Element Wt Pct 
Oxygen 0.004 Chromium 0.001 
Nitrogen 0.0001 Copper <0.002 
Phosphorus 0.002 Silicon <0.01, >0.001 
Sulfur 0.002 


Manganese, Vanadium, Aluminum, Nickel, and Molybdenum all <0.001 
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Fig. 1—Absence of carbide precipitation in ironas-quenched. 
X10,000. Reduced approximately 30 pct for reproduction. 


ous lengths of time. Two samples were strained in 
Instron tester before aging. 

The concentration of carbon in the samples was 
determined from a sample of iron carburized along 
with those specimens uSed for observation. The an- 
alyses were made with a Leco Conductimetric ap- 
paratus, and should be accurate to about + 0.002 wt 
pet or better. 

To prepare the samples for examination in the 
electron microscope they were first polished elec- 
trolytically with Disa Electropol Ac-1 solution and 
then etched with 2 pct picric acid in ethyl alcohol. 
Two replicating techniques were used. For the in- 
direct carbon replicas a cellulose acetate replica of 
the polished and etched samples was shadow cast 
with chromium at 30 deg to the surface. Carbon was 
then deposited on the primary replica, which was 


Fig. 3—Carbide precipitation in iron aged 4 hr at 120°C. 
X10,000. Reduced approximately 30 pct for reproduction. 
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Fig. 2—Carbide precipitation in iron aged 4 hr at 120°C. 
X10,000. Reduced approximately 30 pct for reproduction. 


afterwards dissolved away; this carbon film was 
used for the transmission micrograph. The arrows 
on the photographs show the direction of shadowing. 
For the unshadowed or direct replicas carbon was 
deposited directly on the polished and etched sur- 
face of the sample, and this carbon film was etched 
off electrolytically with 4 pct nital. The electron 
microscope was a Philips Model EM-100. 

Electron diffraction patterns were obtained from 
the polished and etched samples by inclining the 
electron beam to the sample surface at a very low 
angle. In this way particles protruding from the 
surface were emphasized. 


RESULTS 


Electron micrographs of indirect replicas are 
shown in Figs. 1 to 3 and 5 to 7, and of a direct 


x 


Fig. 4—Carbide precipitation in iron aged 4 hr at 120°C, 
Direct carbon replica. X10,000. Reduced approximately 
30 pet for reproduction. 
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Fig. 5—Carbide precipitation in iron strained 1 pct and 
aged 1 hr at 120°C. X10,000. Reduced approximately 29 
pet for reproduction. 


_carbon replica in Fig. 4. The black lines repre- 
sent a length of 1 p in the micrographs. 

Fig. 1 shows an unaged sample just after it was 
quenched. The transverse band is a grain boundary; 
the interiors of the grains show no precipitates. The 
particles on the grain boundary were either impur- 
ities or cementite formed at the carburizing tem- 
perature. Since the grain size was large the number 
of these particles was negligible. No pattern for 
cementite was found in the as-quenched sample 
either by electron or X-ray diffraction, which 
showed that essentially all the carbon was retained 
in solid solution. The specimens shown in Figs. 1 to 
3 were treated together and contained 0.016 wt pct C 
by chemical analysis. The sample shown in Figs. 2 
and 3 was aged 4 hr at 120°. This time corresponds 
to about 40 pet of total precipitation according to the 
internal friction results in the following paper. One 
can see from Figs. 2 and 3 that carbide particles 
have formed on subgrain boundaries and also at 
isolated points throughout the iron matrix, where 
they are larger. 

In Fig. 4 is shown a micrograph of a direct car- 
bon replica taken from the same sample as shown 
in Figs. 2 and 3 after it was again purified with wet 
hydrogen, recarburized, quenched, and aged 4 hr at 
120°. The carbon concentration after this treatment 
was 0.012 wt pet. One might question whether or not 
some carbide particles were pulled from the iron 
matrix with the technique used to make the direct 
replicas. Since no diffraction patterns were found 
from these replicas and the contrast in them was 
not great it is probable that no particles were ex- 
tracted in this replicating procedure, and that the 
micrograph represents a direct copy of the speci- 
men surface. In Fig. 4 the particles appear to be 
plates that form preferentially on certain lattice 
planes. The distribution of isolated particles is 
about the same as in Fig. 2, and those along the 
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Fig. 6—Carbide precipitation in iron strained 2 pct, and 
aged 1 hr at 120°C. X20,000. Reduced approximately 20 
pet for reproduction. 


boundaries seem to be about 1000A apart. Many of 
the isolated particles appear in pairs at right . 
angles; they are roughly 3000Ain diam and 200A 
thick. The particles in the boundaries are somewhat 
smaller. 

A sample that was strained 1 pct after quenching 
and then aged for 1 hr at 120°C is shown in Fig. 5. 
The particles are smaller and much more numerous 
than for the unstrained. samples. In Figs. 6 and 7 
is shown a sample that was strained 2 pct after 


Fig. 7—Carbide precipitation in iron strained 2 pct and 
aged 1 hr at 120°C. X40,000. Reduced approximately 25 
pet for reproduction. 


VOLUME 218, AUGUST 1960-593 


Table Il. Comparison of Carbide Spacings (in Angstrom Units) 
Kound in this Study with Spacings of Known Carbides 


Table ill. Indexing of Carbide Pattern as Expanded a-lron 
Lattice. Spacings in Angstrom Units. 


j ta, Single Crystal Indices Polycrystalline Rings 
Cementite Epsilon Carbide This Study a ing a 
oe 2.40 2.023 2.012 101 2.053 2.062 
2.21 1.430 1.428 002 1.473 1.476 
112 1.191 1.195 
2.02 0.905 0.906 310 
1.85 : 0.826 222 0.834 0.828 
1.68 1.60 
nae aie 1.195 axial ratio in martensite as a function of carbon con- 
1.10 1.172 centration. This structure must be regarded as 
Je 0.828 tentative, because it is based on a single pattern 


quenching and then aged 1 hr at 120°C. Again the 
number of particles is much larger than for the un- 
strained sample. From Fig. 7 at higher magnifica- 
tion the particle size can be estimated to be roughly 
300A in the longest dimension. In Fig. 6 in one grain 
parallel lines of particles can be seen clearly. 

The backgrounds of Figs. 1-3 are somewhat 
rougher than those of Figs. 5-7. The most prob- 
able reason for this difference is that more chrom- 
ium was deposited on the replicas of Figs. 1-3, 
since they were shadowed together. 

An electron diffraction pattern was obtained from 
the surface of the specimen shown in Figs. 2 and 3. 
Single crystal spots corresponding to the body-cen- 
tered cubic lattice of a iron were present, as well 
as faint polycrystalline rings. These rings appar- 
ently originated from the carbide particles sticking 
out of the sample, as no pattern was obtained from 
the as-quenched specimen shown in Fig. 1. The 
rings were not continuous; only arcs were visible at 
certain positions, indicating a preferred orientation 
of the particles. The spacings calculated for the 
rings are given in Table II and for comparison the 
spacings found by other investigators for epsilon 
carbide and cementite are also listed in the table. 
The data for epsilon carbide were taken from the 
results of Jack.* Many lines have been reported 
for cementite; those in Table II were found in at 
least three of four separate investigations’ ®*® and 
appear to be the most prominent ones. It is clear 
from Table II that the pattern found in this work 
does not correspond to either carbide structure. 
One possible structure for the carbide precipitate 
would be an expanded iron lattice, similar to that 
found for martensite. In Table III the carbide pattern 
is indexed as body-centered tetragonal with a c/a 
ratio of 1.03. Spacings calculated from the ASTM 
data for @ iron are listed in the table; the agree- 
ment with the observed spacings is within experi- 
mental error. The value of c calculated from the 
{002} ring is 2.952, and using this number the 
average value of a calculated from the four other 
rings is 2.862. These distances agree with those 
for martensite with a c/a ratio of 1.03 within the 
error in their calculation that results from errors 
in the experimental ring spacings. If the structure 
is indeed the same as martensite the carbon con- 
centration in the particles should be about 0.7 wt 
pet from the formula given by Roberts?® for the 
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only. The concentration of carbon in the samples 
was so low no X-ray pattern for the carbides was 
found. Therefore further work is needed to verify 
the proposed structure for this carbide phase. 


DISCUSSION 


Most studies of carbides that precipitate from 
a iron at aging temperatures below about 200°C 
have been carried out on over-aged samples. By 
‘“‘over-aged’’ we mean aged for times much longer 
than necessary to drain most of the carbon from 
solution, as measured from the internal friction of 
the iron. Since the present study was made on iron 
in which only about half of the carbon had drained 
from supersaturated solution our results are not 
directly comparable with those on over-aged sam- 
ples. In fact it appears that the carbides in over- 
aged samples have quite different structures and 
morphologies than found in our work. For example 
dendritic cementite*”* and uniformly spaced plates 
of epsilon carbide* that were considerably larger 
than the carbides found in this work have been ob- 
served in over-aged samples that were otherwise 
treated about the same as those in this study. Thus 
it appears that the carbide phase that first pre- 
cipitates is metastable, and after further aging either 
transforms or dissolves and reprecipitates as a 
more stable phase. There are several observations 
that agree with this hypothesis. Other investiga- 
tors have found evidence for neither cementite nor 
epsilon carbide in samples not over-aged but aged 
long enough to precipitate most of the carbon from 
solution. In a detailed study of this effect Leslie 
et al.* have given a graph for the time of appear- 
ance of cementite in their samples; it appears 
abruptly at times much longer than needed for com- 
plete precipitation of carbon, at least below 200°C. 
Further evidence that the first carbide phase trans- 
forms into a second comes from the internal fric- 
tion results reported in the following paper. At the 
end of the initial stage of precipitation the amount 
of carbon in solution as calculated from the internal 
friction was about (10)° wt pet. From the solubility 
of cementite at higher temperatures (500° to 700°C) 
one would expect a much lower solubility for this 
phase at the aging temperatures used. For a certain 
further aging time, which depended upon the aging 
temperature, the internal friction was nearly con- 
stant; then it dropped comparatively rapidly toa 
lower value which was hardly larger than that for 
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background damping. This behavior also occurred 
in the experiments of Pitsch and Liicke, Ref. 10, 
Figs. 7 and 8. The time at which this second de- 
crease in internal friction occurs agrees roughly 
with the time at which Leslie et al. begin to see 
cementite in their samples. Therefore it seems 
reasonable to assume that by this aging time the 
metastable carbide formed during the initial stage 
of precipitation had transformed into a more stable 
configuration with a lower solubility. Other proper- 
ties of the iron show changes that are consistent 
with a slow transformation of the phase formed 
initially into a more stable structure. Thus the 
resistance and hardness continue to decrease after 
the first stage of precipitation is completed.*! The 
second carbide phase is either cementite’ or epsilon 
carbide;” the evidence for both these phases is con- 
vincing, and the reason for the formation of one or 
the other is obscure. 

Lagerberg and Lement’ have reported that they 
found an electron diffraction pattern for epsilon 
carbide in a sample aged 30 min at 154°C, which 
would not be over-aged by our definition. It is pos- 
sible that at this temperature, which is 34° 
higher than the aging temperature of 120°C used 
here, some of the initial carbide had already been 
converted into epsilon carbide, but other investi- 
gators have not reported the presence of epsilon 
carbide at comparable aging times. After a further 
12 hr of aging at 154°C Lagerberg and Lement found 
a pattern for cementite; however, Pitsch and 
Schrader found only epsilon carbide in comparable 


samples aged 1000 min at 150°C and 500 hr at 200°C. 


Further work is needed to clarify these discrep- 
ancies. 

The carbide structure proposed here is quite 
similar to that of a” iron nitride (Fe,,N,), which 
was found by Jack in tempered nitrogen martensite” 
and also is the first nitride to precipitate from a 
supersaturated solution of nitrogen in a@ iron.** This 
latter process is analogous to the one studied here, 
so itis not surprising that the nitride and carbide 
precipitates have a similar structure. The structure 
found by Jack for a” iron nitride was body-centered 
tetragonal with an axial ratio of 1.10. Thus the 
carbide structure is less expanded and has a lower 
content of interstitial atoms than the nitride. 

When carbon martensite is tempered a metastable 
phase is formed. This phase has a martensitic 
structure (body-centered tetragonal, or an expanded 
a iron lattice) just as the carbide in this study. How- 
ever the phase from tempered martensite has an 
axial ratio of about 1.015, which is appreciably less 
than the axial ratio found for the carbide that pre- 
cipitates from a iron. From the results on nitride 
structure one might expect that the structure formed 
by tempering martensite should be the same as that 
of the carbide precipitate, so the axial ratio calcu- 
lated from the data in Table III may be too high. 
Further work is needed to clarify this point. 

Only a few electron micrographs of carbides 
formed in the initial period of precipitation in a iron 
have appeared. Radavich and Wert* claimed that 
their results showed spherical particles, but it is 
difficult to judge the shape of the particles from 
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their micrograph, Ref. 5, Fig. 1(d). Furthermore 
their samples were aged 25 min at 300°C, which is 
considerably over-aged; Leslie et al.* found cemen- 
tite in their samples under these conditions. Tsou 
etal., Ref. 1, Fig. 4(b) showed a sample aged 16 hr 
at 100°C. Their micrograph, although not too clear, 
is similar to certain areas of Figs. 2 and 3. Seeman 
et al.** have shown electron micrographs taken from 
iron with 0.04 pct C aged at 75°C, but their micro- 
graphs are not clear enough to give much detail of 
precipitate morphology or distribution. Lagerberg 
and Lement?’ published micrographs from rotary 
shadowed replicas. Their Fig. 2(c) is not unlike 
portions of Figs. 2 and 3 away from the boundaries, 
but their Fig. 3(@) is quite different from those 
shown here. These authors claimed that their mi- 
crographs showed evidence for carbide ‘‘films’’ on 
networks from 0.1 to lyin diam; however, the ef- 
fect of their rotary shadowing technique is rather 
uncertain, and in view of the present results their 
‘*‘films’’ seem to be questionable. 

The carbide particles observed here seemed to 
nucleate and grow on dislocations in the iron, both in 
strained and unstrained samples. The rows of par- 
ticles shown in Figs. 2 to 4 formed on subgrain or 
‘‘low angle’’ boundaries, which are simply arrays. 
of dislocations. The dislocations were about 1000 
to 2000A apart in these boundaries. In Figs. 2 and 
3 there are boundaries that were nearly in the plane 
of polish; it appears that rows of particles formed 
along neighboring dislocations. The particles along 
the dislocations were usually less than 1000A units 
apart. The individual particles away from the 
boundaries presumably grew on isolated disloca- 
tions. These particles were larger than those in the 
boundaries, since they did not have to compete with 
particles on neighboring dislocations for solute. The 
number of isolated dislocation lines per sq cm can 
be estimated as roughly 2 (10)’, while the density 
in boundaries is larger, perhaps 6 (10)’. Thus if all 
the dislocations in the sample were decorated with 
particles the total density of dislocations would be 
roughly 8 (10)" lines per sq cm. This is somewhat 
lower than the value of 2 (10)*® calculated by William- 
son and Smallman from X-ray studies.” 

The distribution of dislocations in these samples 
is about what one would expect from the treatment 
given them. A study of etch-pit distributions in 
low-carbon iron showed dislocation structures not 
unlike those found here.** Similar structures have 
also been found in many other materials (see Ref. 17 
for these references). Thus we feel it is reasonable 
to conclude that the carbides formed on the dislo- 
cations in the iron in our experiments. 

In strained samples the dislocation density was 
greater than in unstrained material and a larger 
number of particles were found. At 2 pct strain the 
dislocation density, as judged from the number of 
particles in Figs. 6 and 7, was about (10)*° lines per 
sq cm. The lines of particles in the strained samples 
presumably correspond to slip lines; a number of 
dislocations also seem to have piled-up against the 
boundaries. 

Pitsch calculated the shapes of the carbide par- 
ticles precipitated from a@ iron from the electrical 
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resistivity of the iron.” To derive the relation 
between the resistivity and the particle shape 
Pitsch assumed that the particles were uniformly 
distributed throughout the iron matrix. However 
the micrographs in this paper show that this as- 
sumption is not valid for carbides in @ iron. Pitsch 
calculated that the particles were plate-like; initially 
they were supposed to have a high axial ratio (100 to 
1 or greater) and then became more spherical as 
they grew. This apparent result arose because the 
resistivity initially decreased less rapidly than one 
would expect from the volume of precipitate formed, 
as calculated from the internal friction measure- 
ments. It is more probable that this initial anomaly 
in the resistivity occurred because the many par- 
ticles on the boundaries grew during this stage, giv- 
ing thin surfaces with high resistance, so that the 
total resistivity of the specimen was higher than 
expected. Pitsch claimed that an electron micro- 
graph of carbide particles in a sample aged 1000 
min at 150° confirmed his calculation of the 
particle shape,*’ but these particles were later 
reported to be € carbide, * which would be expected 
from the long over-aging. Therefore we conclude 
that Pitsch’s calculations of particle shape from 
the electrical resistivity are not valid for the car- 
bide particles that precipitate initially from a iron. 
In conclusion the present study indicates that 
carbon precipitates on dislocations in a iron, in 
both strained and unstrained samples; this result is 


consistent with the kinetic study reported in the 
following paper. Conversely the decoration of dis- 
locations in iron with carbide particles may be use- 
ful in deducing the dislocation structure of the ma- 
terial. 
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The Precipitation of Carbon from Alpha Iron 


ll. Kinetics 


From measurements of carbide precipitation rates in a iron 
it was concluded that the carbides nucleated on dislocations in 
both strained and unstrained samples, except for the latter at lower 
temperatures and higher carbon concentrations, where there were 
more nuclei than could form on the dislocations. The equation of 
Cottrell and Bilby for the segregation of atoms to dislocations was 
found to be inapplicable to this system. No satisfactory theory for 


the growth process is available. 


A study of the rate at which a second phase sepa- 
rates from solid solution can frequently reveal much 
about the mechanism of separation. There are still 
many features of the precipitation of carbon from 

a iron that are not understood, although this system 
has been examined extensively. To provide more in- 
sight into the mechanism of carbide precipitation in 
a iron, rates of this process were measured at dif- 
ferent temperatures, carbon concentrations, and 
densities of dislocations in the iron. The concentra- 
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tion of carbon in solution was followed from the 
height of the internal-friction peak; this height is 
directly proportional to the amount of carbon in 
solution and is not affected by the growing carbide 
particles. In this paper these rates are compared 
with those found by earlier investigators, and the 
mechanism of precipitation is discussed in light 
of these results as well as two earlier studies’? 
and the electron microscopic work reported in the 
preceding paper. 


EXPERIMENTAL 
The amount of carbon in solution was followed by 
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Fig. 1—Optical micrograph of iron wire about 1 mm in 
diam that was annealed and carburized at 700° 


means of internal-friction measurements on car- 
burized iron wires. The techniques and materials 


have been described (Ref. 1 and the preceding paper). 


The wires of vacuum-melted iron were cleaned of 
residual nitrogen and carbon by treatment with wet 
hydrogen at 700°C, recrystallized from the y re- 
gion to give a large grain size (bamboo structure), 
carburized at about 700°C, and water-quenched to 
room temperature. The samples that were strained 
after quenching were not recrystallized from the 

y region. Three different methods were used to 
obtain lower carbon concentrations. Some wires 
were quenched from lower temperatures after car- 
burization at 700°C, and others were carburized at 
a lower temperature and then quenched directly 
from this temperature. Wires were also carburized 
at 700°C in hydrogen with a lower toluene content 
and quenched from 700°C. The rates of precipitation 
in samples prepared in these ways were similar, 
showing that the presence of cementite formed at 
high temperatures did not affect the precipitation 
process at low temperatures. The wires were aged 
at a constant temperature after quenching, and the 
amount of carbon still in solution was measured at 
intervals from the internal friction peak. Some 


specimens were strained small amounts in an Instron 


tester before aging. One wire was oxidized in air 
for 1 1/2 hr at about 850°C before carburization. 
This treatment should dissolve a considerable 
amount of oxygen in the sample, according to the 
results of Seybolt on iron that had not been zone 
melted.° 

The fraction W of carbon that had precipi- 
tated at a time ¢ was calculated from the rela- 
tion W= @})/(@ 5 - where is the 
height of the internal-friction peak and the sub- 
scripts O, ¢, and f refer to the start, the time /, 
and the end of the precipitation process, respec- 
tively. Since leveled off at 1.1(10)"* at the 
end of the first stage of precipitation this value 
was used for Q7/ in all the runs. After consider- 
able further aging the peak height became even 
smaller. As mentioned in the previous paper this 
second decrease probably corresponded to the 
formation of a different carbide phase. Q7 was 
remarkably constant for the conditions used, im- 
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Fig. 2—Carbide precipitation from unstrained o@ iron 
with about 0.022 wt pct C. 


plying that the solubility of the metastable carbide 
was not very dependent upon temperature from 
37° to 170°C at least. The background value of 
Q7* caused by the resistance of the damping oil, 
air damping, internal friction of pure iron and 
other unknown factors was quite low. To estimate 
it a pure iron wire was examined after treatment 
with wet hydrogen; the dependence upon strain 
amplitude was so great that a reliable extrapolation 
to the region of no amplitude dependence was not 
possible. In tantalum, for which the strain-ampli- 
tude effects are less marked, Powers (private 
communication) found a background of about 3(10)7*. 
Strain-amplitude effects also made measurements 
at low carbon concentrations less reliable than at 
higher concentrations. Curiously these amplitude 
effects were most marked when the initial super- 
saturated carbon concentration was low; thus for 
samples of high initial concentration reliable data 
could be taken to lower levels of carbon in solution. 
For samples of low carbon concentration Q7 was 
calculated from measurements at such low ampli- 
tudes that its value was independent of amplitude. 
Some care must be taken in deriving the concen- 
tration of carbon in supersaturated solution from 
the @™ values. Several investigators have shown 
that grain size and texture can strongly influence 
the peak height.* ° Thus one would expect that the 
purity and thermal history of samples could affect 
Q~*. To be certain of the relation between the peak 
height and the carbon concentration a careful study 
of the Q~' values for samples of different carbon 
concentrations, as determined by chemical analysis, 
must be made, using the same heat treatment and 
material throughout the study. The most repro- 
ducible results of this kind have been reported by 
Lagerberg and Josefsson* for iron wires recrys- 
tallized from the y region, giving a large grain 
size. Under these conditions the grain structure and 
thus the peak height should not depend much upon 
the purity of the iron. For wires prepared in this 
way the relation between peak height Q* and car- 
bon concentration C in wt pct is Q7’=1.1C from 
Fig. 2 of Ref. 4. The background value of 8(10) * 
used by Lagerberg and Josefsson is probably too 
high, and the correct value is difficult to measure, 
as discussed above. With a lower background the 
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Fig. 83—Carbide precipitation from unstrained @ iron 
at lower concentrations of carbon. 


same relation between Q™ and C, within experi- 
mental error, results, and the small curvature in 
the Q~ vs C plot found by Lagerberg and Josefsson 
at low carbon concentrations disappears. The car- 
bon concentrations reported in this study were cal- 
culated from the relation Q™* = 1.1C for the wires 
recrystallized from the y region. A few checks by 
chemical analysis were consistent with this relation. 
The samples strained after quenching had smaller 
grain size, since they were not recrystallized from 
the y phase. The smaller grain size reduced the 
possibility of inhomogeneous yielding along the 
wires. In Fig. 1 is shown an optical micrograph of 
one of these wires before it was strained. One can 
see that the grains near the surface were larger 
than those near the center of the wire. Lagerberg 
and Josefsson found the opposite for their wires 
with small grains, namely, larger grains in the in- 
terior of the wire. Since the measured internal 
friction is largely determined by the material near 
the surface of the wire, and also depends upon the 
grain size, these nonuniformities in grain size can 
give inconsistent results. This is another reason 
for using samples with the bamboo structure. Non- 
uniformity in grain size is no doubt one reason for 
the greater variations in relations between carbon 
concentration and peak height found by Lagerberg 
and Josefsson for wires with a small grain size. In 
Table I only the peak heights are given for the 
strained wires; the carbon concentrations in wt pct 
are probably somewhat higher than these values. 


RESULTS 


The experimental measurements of carbide pre- 


Table I. Slopes of Lines in Figs. 2, 3 and 4 


Fig. 2 Fig. 3 Fig. 4 
C=0.022 Wt Pct Carbon 
Aging Slope Conc. Aging Slope Pct Slope 
Temp. n WtPct Temp. n Strain 
0 75, 0.013 37 ill 0.026 1 0.98 
37 1.69 0.012 62 ala 0.015 uf 0.94 
50 1.61 0.012 120 0.007 0.52* 
62 1.30 0.08 120 1.1 
75 1.23 0.06 120 aFal 
120 1.16 
170 0.96 


*log W plot —see text. 
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Fig. 4—Carbide precipitation from a iron strained 1 pct 
(O and O) and 1/2 pet (A) and aged at 37°C. The ordinate 


for (A) is log V. 


cipitation in a iron wires are given in Figs 2,3, 
and 4. The results on unstrained wires with the 
highest carbon concentration are shown in Fig. 2 
while those for unstrained wires of lower carbon 
concentrations are shown in Fig. 3, and results on 
wires strained and aged at 37°C are shown in Fig.4. 
The circles with short vertical lines represent re- 
sults from thermal cycling experiments. In these 
experiments the precipitation was started at one 
temperature and finished at a second temperature 
as described previously.” The time at the second 
temperature was then multiplied by an appropriate 
factor to make a Single aging curve. 

The data in Figs. 2 to 4 are plotted on a log 
[—In(1— W) | against log time graph. A straight 
line with slope 7 on this plot results if: 


W = 1- exp [1] 


in which 7 and z are constants. This empirical 
equation describes the data quite well at all aging 
temperatures, although at the earliest and latest 
stages the points deviate somewhat from the lines 
drawn in the figures. This method of plotting exag- 
gerates errors in the measurements in the early 
stages of precipitation, but it is useful for compar- 
ing a large amount of data on one graph. In Table I 
the slopes n of these lines are tabulated. At a car- 
bon concentration of about 0.022 wt pct the slopes 
slowly increase from an aging temperature of 170°C 
until about 60°C where there is an abrupt change in 
Slope; then there is a further slow increase in 7 as 
the aging temperature is lowered. At lower carbon 
concentrations the slopes nu for unstrained wires 
appear to be constant within the experimental ac- 
curacy for all the conditions examined. At a con- 
stant aging temperature the rate of precipitation 
decreases rather markedly as the carbon concen- 
tration is decreased. 

To compare the rates of precipitation at different 
aging temperatures the times t:/2 for completion of 
half of the precipitation for the runs of Figs. 2 and 3 
are graphed against the reciprocal of the absolute 
aging temperature in Fig. 5. This plot correlates 
with the slopes shown in Table I; that is, at 0.022 wt 
pet there appears to be a break at about 60°C 
whereas at 0.012 wt pct a straight line seems to 
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Fig. 5—Half-times for carbide precipitation at different 
temperatures and initial concentrations of carbon. 


describe the data over the entire temperature range 
examined. Similar results for ¢;/2 values were found 
by Dijkstra’ for the precipitation of nitrogen from 

q@ iron. 

The data in Fig. 4 show that changes in the carbon 
concentration also change the rate of precipitation 
in Strained samples. The results for the sample of 
lowest carbon concentration (Q = 0.007) are plotted 
as log W vs log time, as the plot for log [—In(1—W)|] 
is concave upward. For the higher concentrations 
the points deviate from the straight lines in Fig. 4; 
this effect is less marked as the concentration de- 
creases. A similar deviation was found for a sam- 
ple strained 1 pct and aged at 80°C.’ 


COMPARISON WITH PREVIOUS WORK 


The rate of precipitation of carbon in a iron has 
been measured by following various properties such 
as electrical resistance, thermoelectric power, 
hardness, and yielding behavior of the iron. How- 
ever the only property that is directly related to the 
amount of carbon in solution and is not affected by 
the growing particles is the internal friction.® 
Therefore only measurements of this property will 
be discussed in this section. 

Since the rate of precipitation is so dependent upon 
the initial concentration of carbon in supersaturated 
solution this concentration must be known to make 
meaningful comparisons of data. As the above dis- 
cussion showed the relation between internal-friction 
peak height and concentration must be carefully de- 
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Table Il. Results of Pitsch and Liicke® for the 


Precipitation of Carbon in Unstrained a-lron 


Carbon 
Conc. Aging Slope t 
Wt Pet Temp. n Min 
0.017 90° 1,19 1900 
0.015 120° 1.08 255 
0.014 149° 1.08 48 
0.016 170° 1.02 22 


termined for a particular material and heat treat- 
ment, since it depends upon the grain size of the 
sample. This was done by Pitsch and Liicke,° and 
their results seem to be internally consistent even 
though their wires probably had a small grain size, 
as they were not recrystallized from the y phase. 
In Table II the results of Pitsch and Liicke for unde- 
formed wires are shown; the slopes n and half- 
times ¢, jz are consistent with the results reported 
here. 

The most extensive investigation of the precipita- 
tion of carbon in unstrained a iron was carried out 
by Wert,” *° but unfortunately he did not make a care- 
ful study of the relation between peak height and 
concentration, so that the carbon concentrations in 
his samples are uncertain. However the slopes n 
for the results in Ref. 8 are very similar to those 
for samples with 0.022 pct C reported here, includ- 
ing the abrupt change for lower aging temperatures, 
so it is probable that the carbon concentrations 
were not far from 0.022 wt pct in Wert’s samples. 
This would give about the same relation between 
peak height and concentration as found by Pitsch and 
Lucke, or @ *=0.75C. This is reasonable, since 
the samples of the latter were prepared in ‘the same 
way as those of Wert. The times of precipitation in 
Wert’s experiments were also very similar to those - 
reported here except for one experiment at an aging 
temperature of 37°, for which Wert found a much 
higher rate of precipitation. This difference will be 
discussed later. The results of Several other inves- 
tigators’'~'* for unstrained samples were more or 
less in agreement with those presented here, al- 
though an exact comparison is difficult because car- 
bon concentrations in their samples were not care- 
fully determined. 

The results of Wepner’’ for wires strained small 
amounts and aged at 38°C are somewhat different 
from those shown in Fig. 4. For strains of about 1 
pet and higher carbon concentrations (not accurately 
determined) Wepner found breaks in the aging curves 
at about 20 pct transformation, whereas the present 
results show no breaks in the early stages of trans- 
formation. However, at higher strains (2 and 3 pct) 
curves similar to those of Wepner were found in this 
work. For lower carbon concentrations Wepner’s 
curves show two distinct portions when plotted as 
log W vs log time, although this is not apparent from 
Fig. 4, Ref. 12. One straight line on a log W vs log ¢ 
plot describes the present results at lower carbon 
concentration for 1/2 pct strain, as shown in Fig. 4. 
The reasons for these differences are not known, 
but they may be caused by different methods of 
sample preparation, as discussed previously.’ 
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DISCUSSION 


In all of this discussion only the precipitation 
process that is followed by the internal-friction 
measurements will be considered. After this initial 
precipitation, which drains nearly all of the carbon 
from supersaturated solution, changes in morph- 
ology and structure of the precipitate particles occur 
at a relatively slow rate, as discussed in the pre- 
ceding paper; these changes will not be considered 
here. 

In this paper the term ‘‘rate of precipitation’’ is 
used to describe the rate at which carbon is de- 
pleted from solid solution, as measured by internal 
friction. This rate can be affected by changes in 
morphology, distribution and rate of formation of 
the carbide phase and by the rate at which new car- 
bide is added at the carbide-iron interface. The 
latter rate will be termed the ‘‘rate of growth.’’ 

It cannot be measured directly except by metal- 
lographic techniques, although its comparative 
magnitude can be inferred indirectly from certain 
internal-friction measurements in which the effects 
of morphology and distribution are eliminated. 

Several different topics are treated in this dis- 
cussion. First precipitation in strained samples is 
considered; then several conclusions about nuclea- 
tion of carbides in a@ iron are derived from the ex- 
perimental data. Next various features of the growth 
process are examined, and finally the possibility of 
generalizing these results to other systems is con- 
sidered. 

Precipitation in Strained Samples—In this section 
a theory applied to precipitation in strained samples 
is discussed and shown to be inapplicable, and an 
alternative mechanism that is more reasonable is 
presented. 

The segregation of solute atoms to a dislocation 
has been described by Cottrell and Bilby.** They 
derived the following equation for the rate of this 
segregation 


= 3(n/2)'/? N,(Adt/kT) [2] 


in which N,; is the number of atoms that arrive at 
unit length of a dislocation in time ¢, Nj is total num- 
ber of atoms in unit volume of solution, A isa 
parameter involving elastic properties, D is the dif- 
fusion coefficient of the solute, T is the tempera- 
ture, and k is Boltzmann’s constant. A modification 
of Eq.[2] to account for the competition of neighbor- 
ing dislocations for solute has been given by Harper’® 
as 


— In(1— W) = 3 p (ADL)? [3] 


in which W is the fraction of total precipitation and 
p is the dislocation density. Eqs. [2] and [3] agree 
quite well with certain data on the rate of carbide 
precipitation in deformed iron,” °~"* and this agree- 
ment has been taken as a confirmation of their valid- 
ity. However there are several objections to the use 
of Eqs. [2] and [3] to describe the precipitation of 
carbon in deformed a iron; these will now be enume- 
rated and discussed. 

1) The effect of normal volume diffusion has been 
neglected in the derivation of Eq. [2], in which only 
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the ‘‘drift’’ diffusion caused by the stress field of the 
dislocation is considered. This has been recognized 
by Bilby,’® and in a complete treatment for both drift 
and volume diffusion Ham” showed that Eq. [2] is 
valid only in the earliest stages of precipitation, or 
for W less than about 0.05. Ham also showed that 
the modification of Harper for competition, Eq. [3], 
is quite inaccurate when both types of diffusion are 
considered. 

2) A maximum of about two carbon atoms should 
segregate per lattice plane along a dislocation ac- 
cording to Cottrell and Bilby, one close to the core 
of the dislocation and one farther away. However the 
number per atom plane calculated from the experi- 
mental results and Eq. [2] or [3] is considerably 
larger than two; estimates range from five to 
seventy-five. *’®’*® To circumvent this discrepancy 
Bilby suggested that after a certain amount of segre- 
gation discrete precipitate particles form along the 
dislocations.” Thereafter the carbon atoms in solu- 
tion would drift to the dislocations and then diffuse 
rapidly along them to the particles. This implies 
that the precipitate particles have a greater affinity 
for the carbon atoms than have the dislocations, so 
they would be better sinks than the dislocations, and 
the carbon atoms could diffuse directly to the par- 
ticles without the help of the dislocations. From the 
data in the preceding paper on particle size, carbon 
concentration in the particles, and dislocation den- 
sity one can estimate the average spacing of the 
particles along the dislocations. For the specimen 
strained 2 pct this calculated spacing is about 600A, 
which is consistent with the spacings observed in the 
unstrained samples. Since the particles were about 
300Ain their longest dimension they would have suc- 
cessfully competed with the dislocations for dis- 
solved carbon atoms after a relatively short aging 
time. Thus Bilby’s suggestion cannot provide an ex- 
planation for the excessively large number of carbon 
atoms that one calculates from the experimental 
data. 

3) Although the saturation value of carbon atoms 
per lattice plane along a dislocation is about two, 
the segregation of many fewer atoms than this should 
begin to reduce the rate of segregation of the re- 
maining atoms. For this reason also Eq. [2] should 
be valid only in the very earliest stages of precipi- 
tation. This effect was clearly recognized by Cottrell 
and Bilby in their original paper,** but it has been 
ignored when Eq. [2] has been compared to experi- 
mental data. 

4) The activation energy for carbide precipitation 
in deformed iron was calculated to be close to that 
(20.1 kcal) for the diffusion of carbon in iron. 32% 22 
However, determination of the activation energy for 
only growth of the carbide in iron wires strained 1 
and 4 pct gave 16.9 and 16.6 kcal, respectively.” 

The latter values were determined by starting the 
precipitation at one temperature and finishing it at 
another, so that the effect of temperature on the 
amount of carbide phase initially present (nuclea- 
tion) was eliminated. These values were about the 
same as those found for the growth of carbides in 
undeformed iron’ and were significantly less than 
the activation energy required from Eq. [2], which 
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is nearly that for the diffusion of carbon in iron. 

5) The kinetics of precipitation in iron deformed 
small amounts (a few percent) cannot be described 
by Eq. [2] or [3]. The results in Fig. 4 and a pre- 
vious study” show this clearly. As the amount of 
deformation is increased the value of n in Eq. [1] 
decreases uniformly. To explain the results for 
which n is 2/3 in terms of segregation to disloca- 
tions one must postulate that this mechanism sud- 
denly becomes operative at a certain amount of 
strain. This critical amount of strain would have 
to vary with the concentration of carbon in solu- 
tion and the aging temperature to agree with the 
experimental data; such a variation would not be 
expected. The dislocation density probably does 
not change greatly when the amount of strain is 
increased a few percent, so it would be very sur- 
prising to find that Eq. [2] was valid at one level of 
Strain and not valid at a slightly lower level. 

Any one of the above considerations would cast 
considerable doubt upon the description of the rate 
of carbide precipitation in a iron in terms of the 
theory of Cottrell and Bilby, and together they 
constitute conclusive evidence that such a descrip- 
tion is invalid. Thus the agreement of Eq. [2] or 
[3] with the experimental data is entirely fortuitous. 
This conclusion does not invalidate the theory of 
Cottrell and Bilby or Eq. [2] but simply their appli- 
cation in this instance. 

It is proposed, as in a previous paper,* that the 
precipitation of carbon in deformed qa iron pro- 
ceeds by the same mechanism as in undeformed 
specimens (aside from certain anomalies in the 
latter); that is, by the nucleation and growth of car- 
bide particles on dislocations. This supposition is 
consistent with all the experimental facts, and in 


the following discussions of the nucleation and growth 


processes no distinction between deformed and un- 

deformed samples needs to be made. 
Nucleation—The results of the present study indi- 

cate that the precipitation of carbon in undeformed 


a@ iron is anomalous below an aging temperature of | 


about 60° at a carbon concentration of 0.022 wt pct. 
A consideration of this anomalous region will be de- 
ferred at the moment; the following discussion of 
nucleation applies only to precipitation that does 
not show these irregularities. 

The electronmicroscopic study of the preceding 
paper offered evidence that carbon precipitates in 
a@ iron in the form of discrete particles, so that the 
precipitation can be described as a nucleation and 


growth process. This preceding study also indicated 


that the particles nucleated on dislocations in the 
iron; this conclusion is consistent with the higher 
rate of precipitation found in deformed samples, 
which is therefore caused by the greater number of 
nucleation sites present. It is not surprising that 
the dislocations in iron provide preferred sites for 
nucleation of carbides, because carbon is strongly 
attracted to the dislocations in iron.** One can 
speculate that the nucleation sequence is roughly the 
following: First carbon atoms segregate to the dis- 
locations as described by Cottrell and Bilby.”* After 


an appreciable number have segregated (still a small 


amount compared to the total carbon concentration, 
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however) fluctuations in carbon concentration along 
the dislocations form metastable carbide clusters. 
These clusters then grow by draining carbon directly 
from the iron matrix. 

The results of an earlier study showed that the 
number of growing carbide particles was constant, so 
that nucleation occurred in a short time before any 
measurable amount of precipitation.” This agrees 
with the electron micrographs, which show that the 
carbide particles in the undeformed samples fall into 
two uniform classes (those on boundaries and those 
on isolated dislocations) with little size variation 
within each class. Thus any theory that requires 
continued nucleation during precipitation is not appli- 
cable to the precipitation of carbon from a iron. 

The thermal cycling experiments also showed that 
the activation energy for the growth of carbide par- 
ticles in a iron was the same for aging tempera- 
tures of 0° to 170°C, for different concentrations of 
carbon in solution, and for both strained and un- 
strained samples.* Thus changes in the kinetic re- 
lations (different slopes m) for different conditions 
are probably caused by different sizes, shapes, or 
distributions of carbide particles that result from 
the effect of the changing conditions on the nuclea- 
tion process, rather than by any changes in the 
growth process. 

The rate of precipitation varies with aging tem- 
perature because both the growth rate and the nu- 
cleation process are functions of temperature. To 
separate these effects quantitatively requires a 
theory for the growth process, and such a theory 
has yet to be established with certainty (see growth 
section). However certain qualitative features of 
effects of aging temperature on nucleation can be 
established. Thus for unstrained samples the kinetic 
curves (as described by the slope 7) change little 
with temperature, and the over-all rate of pre- 
cipitation has about the same temperature depend- 
ence as the rate of growth, so the nucleation process 
does not seem to be greatly affected by the aging 
temperature. Again these remarks do not apply to 
the anomalous region below an aging temperature 
of about 60°C and at a carbon concentration of 0.022 
wt pet. One might conclude that this apparent re- 
sult of small temperature effect on nucleation arose 
because all samples were quenched to room tem- 
perature and nucleation occurred there rather than 
at the aging temperature. However this cannot be 
the case, because samples aged at room temperature 
showed the anomalies mentioned above, whereas 
those aged at higher temperatures showed no ab- 
normalities. The anomalies were not caused by 
differences in the growth process, because this 
process was the same for all the conditions used. 
To examine further the effect of aging temperature 
on nucleation some samples were quenched directly 
to different aging temperatures. The rate of pre- 
cipitation in these samples was about the same as 
in samples that were quenched to room temperature 
and then aged at a higher temperature, although an 
exact comparison was not possible because the direct 
quenches were slower than those to room tempera- 
ture, so that some carbon precipitated during the 
former. Further tests on directly quenched samples 
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would be helpful for establishing more exactly the 
effect of temperature on nucleation. 

The rate of carbide precipitation at 120°C was 
slowed as the concentration of carbon decreased, 
as shown in Figs. 3,4, and 5. If the number of 
nuclei were the same for different initial carbon 
concentrations one would expect little change in 
t, 4 with this concentration, because /;/2 is inversely 
proportional to the cube root of the initial solute con- 
centration for the diffusion-controlled growth of 
spheres and is independent of it for diffusion-con- 
trolled growth in one dimension. Without a specific 
model for the growth process this relationship is 
not certain, but a decrease in the growth rate alone 
probably cannot explain the decrease in the rate of 
precipitation at lower carbon concentrations. A 
more likely reason for this decrease is that a 
smaller number of carbide particles nucleate at 
lower initial concentrations of carbon. 

A model for nucleation on dislocations has been 
proposed by Cahn.”*-On the basis of this model Cahn 
discussed the energetics of nucleation in terms of a 
parameter a given by 


(1—v) [4] 
in which yp is the elastic shear modulus, b the Bur- 
gers vector of the dislocation, v the Poisson ratio, f 
the volume free energy for formation of the second 
phase, and y the interfacial tension between the 
second and matrix phases. Eq. [4] is valid for edge 
dislocations; the term (1—v) is unity for screw dis- 
locations. When a is greater than one no barrier to 
nucleation exists and the second phase forms cy- 
lindrically around dislocations. If a is less than one 
there is a barrier to nucleation and discrete par- 
ticles form along the dislocations at a finite rate. 
Since the electron micrographs indicate that indi- 
vidual carbide particles form on dislocations when 
carbon precipitates from a iron, a lower limit to the 
interfacial tension y between the carbide phase and 
the iron can be estimated from Kq. [4]. The follow- 
ing simplified equation will be used to estimate f. 


f= 


where R is the gas constant, T is the temperature, 
v is the molar volume of the second phase, and S is 
the saturation ratio or the ratio of the initial concen- 
tration of carbon in supersaturated solution to the 
equilibrium concentration of carbon. As mentioned 
in the preceding paper this equilibrium concentra- 
tion is about 0.001 wt pct carbon for the phase in 
question, so S varied from about six to twenty in the 
present experiments. Then f is roughly 3(10)*° ergs 
per cm® at 120°C, assuming that v is the same as 
for iron. The elastic shear modulus for iron is 
about 8.3 (10)"* ergs per cm®, b should be equal to 
the lattice parameter of iron or 2.5(10)® cm, and 
vis about 0.28. Then if a = 1, y from Eq. [4] is 
about 900 ergs per sq cm. This should be a lower 
limit to y, since a may be smaller than unity. 

This value can be compared with the interfacial ten- 
sion of 700 ergs/cm” between cementite (a different 
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carbide phase from that in question here) and airon 
as estimated by Kramer et al.”* 

The results of this study indicate that there is a 
qualitative difference in the precipitation processes . 
above and below an aging temperature of about 60°C 
for a carbon concentration of 0.022 wt pct. The 
thermal cycling study referred to above showed that 
the growth process has a constant activation energy 
over the range of aging temperatures from 0° to 
170°C at least.* Thus this difference in mechanism 
of precipitation must be attributed to differences in 
nucleation, which could give different sizes, shapes, 
or distributions of carbide precipitate. In the elec- 
tron micrographic study of the previous paper for a 
sample with 0.016 pct carbon aged at 120°C the 
carbide particles appeared to nucleate and grow on 
the dislocations in the iron. Presumably this is also 
the case at higher carbon concentrations at 120°C 


since there is no indication of a different mechanism. 


However some other mode of nucleation seems to 
become operative below about 60°C at 0.022 pct C. 
This nucleation process must provide for a much 
larger number of nuclei than can form on the dis- 
locations, because the precipitation rate at the lower 
temperatures are anomalously high, as shown in 
Fig. 5. As mentioned above Wert reported a much 
higher rate of carbide precipitation at 37°C than 
found here, although his slope was about the same. 
One possible reason for this higher rate could be the 
greater oxygen content (about ten times) of the iron 
used by Wert. To test this possibility a wire oxi- 
dized as described in the experimental section was 
carburized, quenched, and aged at 37°C. The rate 

of precipitation was about the same as that in the 
original unoxidized sample. To further test for 
impurity effects a sample of electrolytic iron (not 
vacuum melted) was examined, but again no large 
effect on the rate of carbide precipitation at 37°C 
was found. Thus no effect of impurities on nuclea- 
tion at lower aging temperatures was established. 

Other possible catalysts for this low-temperature 
nucleation are vacancy clusters or dislocation rings 
formed from quenched-in vacancies.”° However, if 
one assumes that the diffusion coefficient of vacan- 
cies is given by exp (- 49)/RT, where the activation 
energy is two-thirds that for self-diffusion in a 
iron,” then the distance a vacancy can move at room 
temperature for the aging times used (a few weeks) 
is far too small for vacancy clusters to form. There- 
fore these clusters or dislocation rings are probably 
not active in the nucleation process, and the mechan- 
ism of this process remains obscure. 

The rate of precipitation decreases much less 
rapidly with decreasing temperature than the growth 
rate in the anomalous region. Thus the number of 
particles must increase sharply as the aging tem- 
perature is decreased. To estimate the magnitude 
of this increase let us assume that the ratio of the 
number of particles N at one temperature to see 
N’ at a higher temperature is (G'ti2/G trp)”, 
where the primes refer to the higher temperature 
and G is the growth rate. The relation is valid for 
the diffusion-controlled growth of spheres,?” and 
should not be greatly in error for the present sys- 
tem. Then from the data in Fig. 2 there were about 
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two hundred times as many particles in the sample 
aged at 0°C as in the one aged at 50°C, since 


In Gia (7-7) or G’/G = 133 for this case. 


Growth— A variety of mechanisms have been pro- 
posed to explain the growth of carbides in a iron. 
In this section certain deductions about this growth 
are made from the experimental data, and it is 
shown that none of the proposed theories is con- 
sistent with all the features of the growth process. 
However a qualitative description of the growth is 
derived from the electronmicroscopic and kinetic 
results. 


As mentioned above the growth process for car- 
bides in wiron has an activation energy of about 17 
kceal., and this energy is the same under a variety of 
conditions. Thus the growth mechanism is probably 
the same under all the conditions discussed in this 
paper. The value of 17 kcal. is significantly different 
from the activation energy of 20.1 kcal. measured 
for the diffusion of carbon in a iron.”® Two mechan- 
isms might explain this discrepancy. Short circuits 
for diffusion through the iron matrix could lower the 
activation energy; several possible routes for short 
circuits were examined in the previous work,’ but 
none could explain the results. A reaction at the 
particle-matrix interface could also affect the ac- 
tivation energy, however, in this case one would ex- 
pect that the activation energy would change with 
temperature and particle size. Since neither of these 
effects were found in the thermal cycling experi- 
ments,” it is unlikely that an interface reaction is 
operative in this system. In this section it will be 
assumed that growth occurs by normal volume dif- 
fusion, although this is not strictly true, and any 
complete theory of growth must explain the dif- 
ference in activation energies for growth and carbon 
diffusion. _ 

The first theory presented to explain the growth of 
carbide particles in @ iron was that of Wert and 
Zener.” Their model was a spherical particle 
growing by diffusion of carbon through the iron 
matrix; they derived the following equation for the 
rate of precipitation: 


= Kw (1_-w). [5] 
In this equation W is the fraction of total precipita- 
tion at a time ¢, and K is a constant that depends 
upon carbon concentrations, the diffusion coefficient 
of carbon, and the number of carbide particles per unit 
volume. Except for the last stages of precipitation 
Eq. [5] can be accurately represented by Eq. [1] with 
n = 3/2. The kinetic data show that Eq. [5] is not ap- 
plicable to the precipitation of carbon in airon, since 
n values from about 0.5 to 1.8 were found. Further- 
more the electron micrographs of the previous paper 
showed that the carbide particles were plate-like 
rather than spherical, so the theory of Wert and 
Zener cannot be valid for this system. 

In an earlier paper”? equations were derived for 
the diffusion-controlled growth of asymmetric 
particles, based on the assumption that the solute 
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flux to the particle was the same all over its surface, 
so that a flat or elongated particle would become 
more spherical as it grew. These equations fit all 
the kinetic data for the precipitation of carbon in a 
iron for deformed and undeformed samples, except 
for the anomalous region below 60°C at a higher car- 
bon concentration. However Ham has found a solution 
to the diffusion equation for the growth of spheroidal 
particles by using an expanding ellipsoidal coordinate 
system and has concluded that the diffusion-limited 
solute flux around a flat or elongated particle would 
not be constant and would cause the particle to main- 
tain its shape as it grows.” This conclusion is valid 
for dilute solutions, a more or less regular distribu- 
tion of particles, and when the axial ratio of the par- 
ticles is less than about ten-to-one. Thus the as- 
sumption of constant solute flux is incorrect under 
these conditions, which would hold for the application 
made to the precipitation of carbon in iron. Further- 
more the electron micrographs in Part I show that 
the particles have axial ratios much greater than 
would be calculated from the earlier theory. Thus 
this theory cannot explain the rate of precipitation of 
carbon in a@ iron. 

Ham found that the rate of growth of spheroidal 
particles is given by Eq. [5], the only difference 
between spherical and asymmetric particles coming 
in the constant K. Thus the precipitation of carbon 
in a iron cannot be described by the diffusion-con- 
trolled growth of asymmetric particles of negligible 
initial volume, since this growth can be approxi- 
mated by Eq. [1] with m = 3/2. 

Ham suggested*’ that an equation derived by Frisch 
and Collins” and also by him for diffusion-controlled 
growth of particles of appreciable initial size could 
explain the rate of precipitation of carbon in unde- 
formed a iron. To fit the data Ham calculated that 
at zero time the carbide particles would contain 
about 10 to 20 pct of the carbon that eventually pre- 
cipitates. If this were the case the matrix around 
the particle would be partially drained of carbon, 
so that the boundary condition of uniform initial 
solute distribution would no longer be valid, and 
the correct equation for this situation would be dif- 
ferent than that of Frisch and Collins and Ham. 

Thus Ham’s suggestion cannot explain the precipita- 
tion of carbon in undeformed iron. 

This equation for diffusion-controlled growth of 
particles of appreciable initial size with certain 
modifications is valid for growth onto impurity par- 
ticles, and therefore might still explain the precipi- 
tation of carbon in a iron. Spherical particles will 
be treated in this discussion; the results of Ham 
show that the growth equations for asymmetric par- 
ticles should have the same functional form. Ap- 
parently there is no rigorous solution of the diffusion 
equation for growth onto impurity particles, but a 
growth equation that is probably valid for dilute solu- 
tions can be deduced from rigorous equations for 
certain limiting conditions.” This equation for a 
particle of initial radius R, is: 


D(c,.— Co) 6 
di = RG, =o) 
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in which c,, is the solute concentration a long dis- 
tance from the particle (c,, is also the uniform initial 
concentration), C, is the equilibrium concentration, 
Cp is the solute concentration in the particle, and R 
is the radius for the growing particle. Eq. [6] fits 
data on the contraction of spherical oxygen bubbles 
in molten glass, which is controlled by the diffusion 
of oxygen in the glass. ™ For widely separated par- 
ticles competing for solute, the growth equation for 
a dilute solution can be derived by substituting 

(Cm— Co)(1—W) for (c..— Cy), where c,, is the uniform 
initial solute concentration and W is the fraction of 
total precipitation. The resulting growth equation is 
the same as Eq. [4.7] in Ref. 30, except that ¢ must 
be replaced by ¢t + 2Rovt /VnD, This equation can be 
made to fit fairly well most of the data for the pre- 
cipitation of carbon in both unstrained and strained 
o@ iron, except in the anomalous region, by a judici- 
ous choice of the parameters in it. There is not 
enough experimental evidence available to test con- 
clusively the possibility that carbon precipitates onto 
impurity particles on the dislocations in iron. Wert 
showed that the precipitation was not affected by 
small additions of nickel, manganese, chromium, or 
molybdenum, but that the addition of 0.5 pct V in- 
creased the rate of precipitation substantially. ** 
Seemann and Siol found that 0.015 pct P in iron in- 
creased the rate of carbide precipitation.** However 
the analysis given in the preceding paper showed 
that there were much smaller amounts of these ele- 
ments in the iron used in this study, and results with 
less pure iron (used by Wert and Pitsch and Lucke 
and others) were similar to the present ones. Thus 
it seems unlikely that impurity particles on dislo- 
cations act as sites for the nucleation of carbides in 
iron. 

The most serious objection to the use of any of the 
equations for diffusion-controlled precipitation onto 
competing particles to describe the precipitation of 
carbon from qa iron is that in deriving them one 
must assume that the particles are far apart com- 
pared to their own size. The electron micrographs 
of the preceding paper showed that this was not the 
case for the process of interest here, since in the 
undeformed samples the particles in the boundaries 
were spaced very closely, both along the dislocations 
and on neighboring dislocations. Any theory for the 
growth of these particles must take into account this 
distribution, and those discussed so far have not 
done so. 

It is possible to understand the kinetic relations 
for the growth of the carbides on the dislocations in 
a qualitative way. Diffusion to widely separated 
particles leads to an nm of 3/2 in Eq. [1], as discussed 
above. However when the particles are closely spaced 
their distribution affects the value of n. Subgrain 
boundaries tend to become surface sinks, for which 
n is 1/2, and isolated dislocations tend to become 
line sinks, for which 7 is one. Thus the final over- 
all value of m is determined by the distribution of 
particles in boundaries and on isolated dislocations 
and by their spacing along the dislocations. In the 
strained samples arrays of dislocations act as sur- 
face sinks; the presence of these arrays is probably 
the reason for the lower values of in the strained 
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samples. In this qualitative way the success of Eq. 
[6] and the equation derived (incorrectly) for asym- 
metric growth”’”® in fitting the data can be understood. 
Each of these equations essentially provides for 
varying amounts of point, line, and surface sinks by 
changing the functional dependence of W upon ¢ with 
an arbitrary parameter. Therefore if the distribution 
and spacing of the particle could be more accurately 
measured, quantitative curves for the kinetics re- 
sults could probably be derived. 

To aid in the development of a satisfactory theory 
for growth the empirical relations for rates of pre- 
cipitation should be established. As mentioned before 
the equation derived for asymmetric growth fits all 
the data under different conditions of temperature, 
carbon concentration, and amount of strain except in 
the anomalous region. It is definitely superior to 
Eqs. [1] and [6], particularly in the early stages of 
growth and for strained samples. For the latter a 
plot of log W against log time gives a straight line 
in the early stages of growth, although Eq. [1] is 
not valid in this range. In the anomalous region Eq. 
[1] fits the data quite well, although there are still 
deviations from it in the early and late stages of 
growth. 

Extension to Other Systems—One might hope that 
the results for this system would be valid for simi- 
lar systems. In many substitutional alloys particles 
nucleate and grow throughout the matrix, but when 
these systems are closely studied each seems to 
have unique features (for example silicon in alumi- 
num~*). The only other interstitial alloy system that 
has been studied extensively is nitrogen in a@ iron." 
As mentioned above and in the preceding paper there 
are certain similarities between the precipitation of 
carbon and nitrogen in iron, but the kinetic curves 
show several differences. The precipitation of nitro- 
gen in deformed iron has been interpreted’® in terms 
of the theory of Cottrell and Bilby, but for the same 
reasons as its failure in the case of carbon in iron 
one must conclude that it is invalid for nitrogen as 
well. The higher solubility of nitrogen in iron and the 
appearance of a second nitride phase at higher aging 
temperatures complicate the precipitation process 
for this system. Therefore the precipitation of car- 
bon in a iron, although similar to that of nitrogen, 
has unique features of its own. 


CONCLUSIONS 


To summarize, the present picture for the pre- 
cipitation of carbon in a iron is as follows: 

1) Carbon segregates to dislocations in the iron 
and forms nuclei on them which then grow by de- 
pletion of carbon from the iron matrix. The nuclea- 
tion process is not greatly affected by temperature, 
but the number of nuclei decrease as the initial 
carbon concentration is decreased. 

2) Carbide precipitation in strained a iron pro- 
ceeds by the same mechanism as in unstrained 
material. The dislocations induced by plastic de- 
formation merely provide additional sites for nu- 
cleation; thus straining increases the rate of pre- 
cipitation. 

3) Below an aging temperature of about 60°C at 
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0.022 pet C the nucleation mechanism changes 
abruptly. Under these conditions the number of par- 
ticles that nucleate is much larger than could form 
on the dislocations; thus the rate of precipitation is 
anomalously high. Also the number of particles 
increases greatly as the aging temperature is 
lowered in this region. 

4) The kinetic relations for precipitation can be 
understood qualitatively in terms of point, line, 
and surface sinks, but a quantitative theory of growth 


awaits more extensive measurements. Furthermore 
no satisfactory explanation is available for the lower 
activation energy for growth as compared to that for 
the diffusion of carbon in qiron. 
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Self-Diffusion in Gamma Uranium 


Self-diffusion in Y uranium has been measured using U?*® 
as the tracer isotope. The diffusion coefficient fits an Arrhenius- 


type equation 


D = 2.33 10° exp (- cm?/sec 


The values of D, and Q are unusually low and are not con- 
sistent with the values expected from theories based ona 


simple vacancy mechanism of diffusion. 


CyinprIcAL samples, 1 cm in diam and 1/2 to 
1 cm long, were prepared from high-purity uranium 
containing 0.0343 pct U**, Table I. The samples 
were water quenched from 690°C (the a-f transfor- 
mation is at 668°C) to remove preferred orientation, 
and annealed at 450°C to minimize residual stresses. 
One end of each cylinder was polished on a 1-y dia- 
mond lap and electropolished in a phosphoric acid 
solution. After a final cleaning by cathodic sputter- 
ing, a 1- to 3-y thick layer of the tracer isotope, 
uranium containing 93 pct U**’, was sputtered onto 
the sample.’ ~ 

To prevent contamination during the diffusion an- 
neal, the diffusion couples were placed ina tantalum 
cup and covered with another piece of uranium, and 
the whole assembly was sealed off in an evacuated 
quartz tube. Annealing temperatures were constant 
within +2.0°C. The samples were heated and cooled 
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slowly between room temperature and the f-y trans- 
formation (774°C) in order to minimize distortion 
of the sample surface that might arise from aniso- 
tropic thermal expansion and density changes during 
phase transformations. 

After machining off 1/16 in. from the radius to 


Table |. Chemical Composition of High-Purity Uranium,* 
Ppm by Weight 


Element Concentration 
19,22 
N, <10 
O, 9,10 
Al vi 
Cr 10 
Cu 5 
Fe 20 
Mg 1 
Mn 3 
Ni 10 
Si 10 


Other elements below limits of spectrochemical detection. 
*C, N and O, analyses courtesy of Ralph Bane, others of Joe Goleb. 
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DIFFUSION TREATMENT 
TEMPERATURE TIME 
01069,8°C 1!HR.7MIN. 
0 1069.5°C 3HR.OMIN. 
981.0°C 25HR.37MiIN. 
X 947.5°C I7HR.IGMIN. 
803.5°C 4HR. 35MIN. 
891-0°C IOHR. 9 MIN. 
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Fig. 1—Penetration plots for self-diffusion in Y uranium. 


remove the U** that had diffused in from the cylin- 
drical surface, the samples were sectioned ona 
lathe, using a special chuck and chip catcher.” 
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Fig. 2—Arrhenius plot for self-diffusion in Y uranium, 
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Fourteen sections, 0.002 to 0.010 in. thick, were cut 
from each sample. The chips were weighed to an 
accuracy of + 2 pct and analyzed for U*** by mass 
spectrography, with an accuracy of +1 pct. The 
total thickness of material removed from each sam- 
ple was checked by micrometer measurements. 


RESULTS 


The solution of the diffusion equation for the above 
sample geometry is 


Vn Dt } ’ 
where c = (pct U** — 0.0343 pct), g is the amount of 
isotope deposited, t the annealing time, and x is the 
distance of the center of each section from the orig- 
inal interface. The values of x were determined 
from chip weights and were corrected for chip losses 
and for thermal expansion. The annealing times 
were corrected to take account of the heating and 
cooling periods in the y phase, using formulae similar 
to those employed by Armstrong, * and neglecting dif- 
fusion in the a@ and f phases.* The D values were 
adjusted so that the total thickness removed equaled 
the difference between the micrometer measure- 
ments before and after sectioning. The maximum 
error in D was 7 pct including errors in specimen 
alignment® due to surface roughening. Although sur- 
face deformations were of the order of 1 to 2 mils, 
the error due to misalignment did not exceed 4 pct 
since (Dt)'/* was large relative to this. 

The diffusion coefficients, calculated by the method 
of least squares from plots of log c vs x”, Fig. 1, are 
plotted as a function of 1/T in Fig. 2 along with data 
reported by Bochvar, Kuznetsova, and Sergeev® and 
Adda and Kirianenko.” Least-squares analysis of the 
present data yields: 


D = 2.33 X 107° exp (-28,500/RT) cm?/sec 


The agreement between the three sets of data is very 
good; the D values differ by less than 20 pct at any 
given temperature. 

Combining the present data with those of the other 
investigators, excluding the autoradiographic data 
of Bochvar et al one obtains: 


D = 1,12 X107* exp (-26,500/RT) cm?/sec 


DISCUSSION 


The log c vs x* plots in Fig. 1 are all linear, ex- 
cept for the sample annealed at 891°C, which yielded 
a linear log c vs x plot, indicating that diffusion in 
this sample proceeded primarily along grain bound- 
aries.° The reason for the anomalous behavior of 
this sample is not certain; it is probably connected 
with the fact that this sample contained much more 
second-phase material than the others. Except for 
this sample, the linearity of the log c vs x? plots 
indicates volume diffusion. 

The Dy, for self-diffusion in y uranium is lower 
by a factor of 10° than the value suggested by Zener 
on the basis of a vacancy mechanism. ”?!° The en- 
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tropy of activation is negative, and the heat of acti- 
vation, Q, is about half of that predicted from cor- 
relations of activation energies with melting tem- 
peratures.** Also, the activation energy is only 11.3 
times the latent heat of melting, instead of 16.5 
times, as predicted by Nachtrieb.?? 

Low activation energies and low D, values are 
usually attributed to short-circuiting diffusion 
paths. This is not the case in the present experi- 
ments. Grain boundary diffusion is unlikely for 
several reasons: the log c vs x” plots are linear, 
autoradiographic studies® show no preferential 
penetration, the grain size of the y uranium is 
very large*, and the diffusion anneals were carried 

*Grain sizes measured on a sample thermally etched by heating i in 
vacuum 13% hr at 880° C ranged from 0.2 to 5 mm. 
out at temperatures greater than 3/4 Tm. Disloca- 
tions, which can also act as short-circuiting paths, 
can also account for only a small fraction of the 
diffusion encountered here, since the concentration 
of dislocations required to transport this much 
material, 10"? lines per sq cm, is much larger than 
the concentration that can be expected to exist at 
these high temperatures. Further, the excellent 
agreement between the various investigators pre- 
cludes the possibility that the anomalous values are 
due to experimental errors. One is thus led to the 
conclusion that either the theories based on the 
vacancy mechanism should be modified, or that 
self-diffusion in y uranium proceeds by a different 
mechanism. The latter speculation is somewhat 
tenuous, since the dominant mechanism for chemi- 
cal diffusion in alloys of y uranium is the vacancy 
mechanism, as indicated by the presence of Kirken- 
dall effect and pore formation.** *” However, it can- 
not be entirely ruled out, since in chemical diffusion 
the vacancy mechanism is aided by the presence of a 
large concentration of nonequilibrium vacancies, 
which may mask the presence of any other diffusion 
mechanisms. 

An alternate mechanism that has been suggested 
for self-diffusion is the ring mechanism.”*”’**?° 
Pound, Bitler, and Paxton” have recently proposed 
this mechanism as an explanation of Paxton’s and 
Gondolf’s” results on self-diffusion in chromium. 
The D, value calculated on the basis of this theory 
agrees qualitatively with the experimental value ob- 
tained in the present study for self-diffusion in y 
uranium. A value for Q, however, cannot be cal- 
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culated from this theory. The only estimate of Q, 
for ring diffusion is the one given for copper by 
Zener, ° who finds that the activation energy for the 
ring mechanism is close to that for the vacancy 
mechanism. However, this may not apply to uranium 
because of its different crystal and electronic 
structure. 


CONC LUSIONS 


The anomalous activation energy and Dy value for 
self-diffusion in y uranium cast some doubt on 
whether the vacancy mechanism is dominant here. 
Several experiments that might shed light on this 
anomalous diffusion behavior in bcc uranium are 
currently being studied. 
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Preparation and Properties of High Purity 


Scandium Metal 


Preparation of pure scandium metal was accomplished by 
calcium reduction of the fluoride by two methods; a low-temper- 
ature alloy process and direct reduction with subsequent distil- 


lation of the product. 


The following properties were determined: 


melting point: 1181°K; boiling point (calculated): 3000°K; lattice 
constants at 298°K (hexagonal lattice): a = 3.308 + 0. 001A, Cu= 
5.267 =O. 003A; calculated density at 298°K, g per cm?: 

2.990 + 0.007; electrical resistivity, ohm-cm: 299°K, 66.6 

107°s 873°K; 0.2% thermal coefficient at 


299°K, ohm-cm per deg: 5.4 x 1078; 


1.718 x 104 
T°K 


Log + 8.298. 


Scanpium, element number 21, was first dis- 
covered by Nilson in 1879 and was recognized as 

_ the Ekaboron as predicted by Mendeleff. As it is 
in group III of the periodic table, the general prop- 
erties are a little like aluminum and also resemble 
quite closely the properties of yttrium and the rare- 
earth metals, in both the metallic and ionic form. 
Although the earth’s crust contains approximately 

5 ppm of scandium (the element is as abundant as 
arsenic and twice as abundant as boron) it generally 
occurs so widely distributed that it has earned the 
reputation of being very rare. The one exception to 
this is the mineral thortveitite, which has been 
found in Madagascar (20 pct Sc,O,) and in Norway 
(35 pet Sc,O,). Scandium also occurs in small but 
distinct amounts in uranium and rare-earth ores; 
the recent larger scale processing of these ma- 
terials has made some scandium available from 
these sources. As with other naturally-occurring 
monoisotopic elements (except Be), scandium con- 
tains an odd number of protons and an even number 
of neutrons. 

Scandium metal was first prepared by Fischer 
and coworkers’ in 1937 by electrolysis of scandium 
chloride in a molten eutectic mixture of lithium and 
potassium chlorides, using molten zinc as a cathode 
and collector of the scandium metal produced. The 
zinc was removed from the Zn-2 pct Sc alloy by 
vacuum distillation, leaving a product reported to 
be 94 to 98 pct Sc, with the main impurities being 
iron and silicon, They reported a melting point of 
1400°C for this material. Scandium has also been 
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; heat of sublimation at 
298°K, kcal per mole: 80.79. The poner pressure was deter- 
mined as a function of temperature between 1505° and 1748°K, 
with the data fitted to a straight line shielding the equation: 


F. H. Spedding 
A. H. Daane 
G. Wakefield 
D. H. Dennison 


prepared by the reduction of scandium chloride 

with potassium metal in a glass apparatus by 
Bommer and Hohmann in 1941,’ resulting in a 
mixture of metal and potassium chloride; these 
workers did not isolate the metal proper, but the 
X-ray diffraction of the slag- metal mixture showed 
it to be hexagonal with a = 3.30A, c = 5.45A. Petru’ 
and coworkers have recently reported the prepara- 
tion of the metal in a compact form by the reduction 
of either ScF; or ScCl, with calcium metal and sub- 
sequent distillation of the product. This process 
probably yielded a metal of high purity, but they 

list no chemical analysis nor do they list any of 

the properties of their product. 

Previous related work in this Laboratory has been 
concerned with the production of yttrium and the 
rare-earth metals and the determination of their 
physical properties. Because of its similarity to 
these metals, scandium is being included in this 
study. 


PREPARATION OF SCANDIUM METAL 


The preparation of yttrium and the rare-earth 
metals may be accomplished by reduction of their 
fluorides with calcium metal in tantalum crucibles.°® 
This process leads to the introduction of tantalum 
(up to 0.5 pct) as an impurity in the higher melting 
rare earths, but since the tantalum occurs as 
dendrites, uncombined with the rare-earth metals, 
its presence is not objectionable in some cases. The 
preparation of scandium metal in this manner, how- 
ever, was found to yield a product containing 2 to 5 
pet Ta. To obtain a purer product, the following 
two methods were developed for the reduction of 
scandium fluoride with calcium metal: i) a low- 
temperature process utilizing zinc to form a low 
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melting alloy with scandium metal and lithium flu- 
oride to form a low melting LiF-CaF, slag; ii) di- 
rect reduction of scandium fluoride in a tantalum 
crucible and subsequent distillation of the scandium 
metal. 

A) Reactants—The Sc,O, was obtained from 
Norwegian thortveitite ore by a process described 
in a publication from this Laboratory.® Scandium 
fluoride was prepared by heating scandium oxide 
to 300°C with a stoichiometric amount of ammonium 
bifluoride, resulting in a 95 pct conversion. Re- 
cycling of this material with a small amount of am- 
monium bifluoride effected complete conversion to 
the fluoride. This was then sintered at 800°C under 
a high vacuum to remove any adsorbed gases that 
might be present and to reduce the surface activity 
of the salt. The zinc used was vacuum melted 
‘Bunker Hill’’ zinc of 99.99 pct purity. Fisher 
certified reagent grade lithium fluoride was used 
after being vacuum melted. Calcium metal used as 
a reductaht was vacuum distilled material obtained 
from the New England Lime Co. This was vacuum 
redistilled twice in this laboratory. 


B) Zinc Alloy Process—The reduction of scandium 


fluoride was carried out at a lower temperature in 
an attempt to lower the tantalum content of the final 
product. Zinc and lithium fluoride were added to 
the reaction mixture as follows: 


2ScF, + 3 Ca + 3Zn + LiF — Sc-60 pct Zn alloy 
+ 3CaF, — LiF (eutectic composition) 


(25-g ScFs3, 16-g Ca, 25-g Zn, 26-g LiF yielded 
36-g Sc-Zn alloy, 56-g slag mixture.) This made 
it possible to carry out the reduction and separation 
of the products into molten metal and slag layers at 
1100°C. The reactants were sealed in the tantalum 
crucible under an atmosphere of helium by welding, 
and the crucible in turn was sealed inside a stain- 
less steel bomb in a helium atmosphere. The re- 
action and subsequent separation of the products 
into layers was accomplished by heating in a muffle 
furnace to a temperature of 1100°C. When cooled, 
the crucible was opened and the alloy layer was 
separated from the slag. The bright scandium- 
zinc alloy, containing 1 to 2 pct Ca, was brittle and 
easily crushed into small pieces which were heated 


in an induction furnace under a high vacuum. A very 


slow heating rate was used in order to sublime off 
the zinc and calcium. By avoiding melting of the 
alloy, a porous scandium sponge was obtained from 


which the volatile materials had sublimed completely 


without splattering. The scandium sponge was arc 
melted under a pressure of 1 atm of argon to con- 
solidate the sample. An overall yield of 90 pct 
usable metal was obtained, with the main loss oc- 
curring as vaporization during the arc melting 
process. The vaporized scandium condensed as 

a finely divided deposit on the walls of the furnace, 
and could be easily recovered. 

Spectrographic analysis of the metal indicated the 
following impurities in trace amounts: tantalum, 
magnesium, calcium, copper, lithium, iron, silicon, 
zinc. Due to the small amount of scandium metal 
available, no analysis was made for carbon, nitro- 
gen, or hydrogen, but the amounts of these impuri- 
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ties were believed to be less than 100 ppm. By 
analogy to the production of rare-earth metals in 
this manner, the oxygen content was probably about 
1000 ppm. 

C) Distillation Process—In producing metal by 
the distillation process, the scandium fluoride was 
reacted with calcium metal by heating in an induc- 
tion furnace in a tantalum crucible under an at- 
mosphere of purified argon. The reaction was 
observed to begin at approximately 850°C, and 
heating was continued until the mixture had reached 
a temperature of 1600°C to allow the melting and 
separation of the products into metal and slag 
layers. After removing the slag, the scandium 
metal was then remelted under a vacuum of 10°° 
mm Hg to remove any residual volatile impurities. 
A tantalum condenser was then placed over the 
crucible, extending out of the hot portion of the 
furnace as shown in Fig. 1, and the distillation was 
carried out at 1650° to 1700°C in a vacuum of 107° 
mm Hg. This process resulted in a 95 pct yield of 
10 g of high-purity metal with the following analysis: 


Element Intensity Element Intensity 
aluminum weak chromium 0.06 pct 
calcium 0.02 pet zinc faint trace 
iron 0.1 pet oxygen ~.1 pet 
magnesium 0.02 pct 


rare earths, Ta, Ti, Be, Li, Si not detected 


No analysis was made for C, N, or H, but these 
were believed to be less than 100 ppm. 


PROPERTIES 


Scandium metal has a silvery metallic luster with 
a slight yellow tinge; it is quite soft, with a hard- 
ness of about R85, and sufficiently ductile to be 
rolled into thin sheet without annealing. There is 
no apparent reaction of scandium metal with air at 
room temperature even on standing for long periods 
of time. X-ray studies on the metal show it to be 
hexagonal with the following properties: 


a = 3.308 +0.001A_ c= 5.267 +0.003A 
c/a = 1.592 +0.001 atomic volume = 15.03 +4 cm® 
density = 2.990 + 0.007 g/cm’®. 
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E VAPOR PRESSURE OF SCANDIUM 
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Fig. 2—Vapor pressure of scandium. 


X-ray diffraction studies from room temperature to 
1000°C by J. Hanak in this Laboratory have indicated 
no solid transformations in scandium. This lends 
support to the statement of Klemm” that the 8 form 
(fcc) of scandium reported by Meisel® is undoubtedly 
ScN, as the reported lattice constants of these two 
are the same. 

The melting point of scandium was determined 
by the method of Pirani and Altherthum® by ob- 
serving the temperature at which a small hole in 
the same filled with molten metal. The tempera- 
ture was measured with a disappearing filament 
optical pyrometer which had been calibrated with 
a copper melting point standard obtained from the 
National Bureau of Standards. Four measurements 
of the melting point of scandium gave a value of 
1539°C (1811°K) with a precision of 2°. 

The vapor pressure of the metal was determined 
by the Knudsen effusion technique in an apparatus 
developed by Daane and described elsewhere.” The 
effusion vessel used was of tantalum with an orifice 
diameter of 0.142 cm. The heat of sublimation de- 
termined from the slope of the vapor pressure curve 
between 1505° and 1748°K was 78.605 kcal per mole, 
with a probable error of 0.743 kcal. This would then 
place the entropy of vaporization at 3000°K at 
27.5 e.u., which is quite in order for metals in this 
range of boiling points and heats of vaporization. 

The calculated heat of sublimation at 298° oe using 
heat capacity data from Stull and Sinke,’ 

80.79 kcal. The extrapolated boiling sonnet is 
3000°K. The vapor pressure curve is described 
by the formula: 


—1.7177 x 104 


Logp , = + 8.2979. 
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Table |. Experimental Data for Vapor Pressure of Scandium 


Run Time, Sec. Temp., °K x 10* Weight loss,mg —logp. 
1 1980 1604 6.234 1.262 2.37 
2 1770 1657 6.035 PEAS 2.09 
3 1140 1685 5.935 2.390 1.84 
4 1080 1670 5.988 1.800 1.94 
5 1050 1635 6.116 1.007 PRG) 
6 1050 1596 6.266 0.5471 2.46 
i 1260 1565 6.390 0.4135 2.66 
8 2100 1551 6.447 0.5046 2.80 
9 2550 1524 6.562 0.4262 2.97 

10 5940 1505 6.645 0.6799 3.13 
11 7140 1478 6.766 0.4969 3.35 
12 4440 1340 7.463 0.0212 4.53 
13 4980 1414 7.072 0.1362 3.76 
14 3780 1452 6.887 0.1441 3.61 
15 770 1716 5.827 2.027 1.74 
16 855 1748 3.116 


Although it was known that liquid scandium metal 
attacks tantalum, the reaction between the solids is 
rather slow and scandium vapor does not appear to 
attack tantalum. Therefore, the use of a tantalum 
effusion vessel would have little effect on the vapor 
pressure values obtained at low temperatures. Dur- 
ing the determination of the vapor pressure, scan- 
dium appeared to begin to react appreciably with 
tantalum at temperatures near 1425°C, and at 
1475°C the scandium dissolved completely through 
the tantalum effusion vessel. The vapor pressure 
data were taken at the lower temperatures first so 
that the dissolution of tantalum in scandium had not 
proceeded to a sufficient degree to invalidate the 
measurements. Points taken at temperatures above 
those represented in Fig. 2 show a deviation from 
the straight line, indicating the temperature at which 
scandium begins to react appreciably with tantalum. 
This deviation was not attributed to failure of the 
Knudsen vapor pressure equation, which has been 
considered to have an upper limit of 107? mm Hg 
pressure, as other studies have suggested validity 
of this equation to approximately 10° mm Hg pres- 
sure.’*»*5 Scandium metal has been successfully 
melted in tungsten crucibles without introducing a 
large amount of tungsten. 

The electrical resistivity of scandium metal was 
determined on an annealed bar with a cross-section 
area of 1.81 X 10°* cm®. A constant current source 
of 50 ma was used for the power, with the true cur- 
rent measured by the potential drop across a stand- 
ard 1-ohm resistor. The value of the resistivity at 
26°C was 66.6 microhm-cm, and at 100° C, 77.4 
microhm-cm. The thermal coefficient of resistivity 
in this range is 1.4 x 10°? microhm-cm per deg. 


DISCUSSION 


In comparing the physical properties of scandium 
metal with its neighboring elements of the periodic 
chart, calcium and titanium, the increase in the 
binding energy due to the participation of the 3d 
electrons of the metal atoms is readily apparent 
in the heats of vaporization, as shown in Table II. 
This increased binding energy is also reflected in 
the melting points, boiling points, and atomic vol- 
umes also shown in Table II. Progressing down 
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group III B in the periodic table from scandium to 
actinium, some trends are apparent in properties 
of these elements too, although this is not as regu- 
lar. Some similarity of properties among the 
elements of this group is to be expected since each 
of them has three valence electrons which take part 
in the metallic binding. 

The increased solubility of tantalum in scandium, 
as compared with its solubility in the rare-earth 
metals is in agreement with the relative positions 
of these metals on an atomic-radius-vs-electro- 
negativity map of the type shown by Darken and 
Gurry.** Preliminary studies have indicated that 
scandium has at least a limited solubility in zinc, 
magnesium, and thallium, but detailed studies on 
these systems have not been completed. It is an- 
ticipated that scandium will, in general, behave 


Table II 

: Melting AH Boiling 
Element Point, Vaporization, Point, 

perg °K 298°C, kcal per Mole 
Calcium 26 1115 35.8 1765 
Scandium 15.03 1811 81 3000 
Titanium 10.5 1998 102 3530 
Yttrium 19,9 1823 93 3500 
Lanthanum 22:5 1193 94 3742 
Actinium 22.5 1323 70* 3300* 

*Estimated 


similarly to the rare-earth metals in binary alloy 
systems, with the possible exception that scandium 
is likely to show solid solubility in metals of smaller 
atomic radius and greater electronegativity. 
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X-Ray Studies of Polygonization and Subgrain 


Growth in Aluminum 


The processes of polygonization and subgrain growth were 
followed in slightly stretched 99.99 pct Al single crystals heated 


for cumulative times at 400°, 500°, and 600°C. Changes in sub- 


R. J. Towner 


grain size and boundary angle were determined from measure- 


ments on X-ray micrographs. 


Cann’? studied polygonization in stretched and 
heated aluminum single crystals of 99.99 pct Al 
using various techniques, including etch pits, Laue 
patterns, and a slight restretching of heated speci- 
mens to reveal small changes in lattice orientation 
by the direction of new slip lines. He found that kink 
bands, which had well-defined boundaries lying in a 
plane perpendicular to the slip direction (at least 
in the early stages of deformation), formed during 
stretching. Also, he noted that bending occurred 
about the <211> axis lying in the {111} slip plane 
perpendicular to the <110> slip direction. His 
studies of polygonization were largely confined to 
the kink bands rather than to the weakly bent 
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matrix regions between bands. The minimum 
temperature required to bring about polygoniza- 
tion was established at about 450°C. Guinier 

and Tenevin * used a focusing Laue X-ray diffrac- 
tion technique to study polygonization in aluminum 
single-crystal specimens of 99.99 pct purity. 
Stretching the crystals 5 pct in tension caused a 
widening of the focused Laue spots. After heating 
for 4 hr at 450°C, their method revealed no change 
in the specimen. Above 450°C polygonization was 
detected and further annealing near 600°C led to 
subgrain growth. They concluded that the orientation 
of the crystal relative to the axis of deformation had 
no marked effect on polygonization. Gay and Honey- 
combe’ using an X-ray microbeam technique found 
that polygonization did not occur in a stretched 
aluminum crystal heated at 250°C, although some 
decrease in the yield strength occurred. When the 
temperature was raised to 475°C, the asterism 
became broken up as a result of polygonization. 
Honeycombe” noted that reflections on X-ray mi- 
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Fig. 1—Unit stereo- 
graphic triangle of 
standard (001) pro- 
jection containing 
the stress axes of 
the six specimens 
used in this investi- 
gation. 


crographs from kink bands decreased in intensity 
due to polygonization, when 99.5 pct aluminum crys- 
tals stretched 4 pct at 450°C were later heated at 
630° to 640°C for times up to 89 hr. 

Gervais, Norton, and Grant® used the etch-pit 
‘method in an attempt to reveal the polygonization 
boundaries formed after heating 99.995 pct alumi- 
num tensile creep specimens containing kink bands, 
but they reported that the subgrains were not re- 
vealed very clearly by that method. 

Lambot, Vassamillet, and Dejace”® reported that, 
in 99.99 pct aluminum single crystals stretched a 
few percent in tension, one part of the matrix was 
fragmented into domains. Upon heating up to about 
450°C, the diffuse background of the X-ray reflec- 
tion disappeared and above 450°C subgrain growth 
occurred. 

The processes of polygonization and subgrain 
growth can be studied advantageously by a modifica- 
tion of the Berg-Barrett method® because it is non- 
destructive and repeated observations can be made 
on the same subgrains. From measurements of sub- 
grain size, shape, and boundary angle on X-ray mi- 
crographs, it is possible to follow changes in the 
number and distribution of dislocations in subgrain 
boundaries. 


PROCEDURE 


Single-crystal specimens of 99.99 pct Al were 
grown by the strain-anneal method, electropolished, 
and stretched slightly at the rate of about 10 pct 
per min using an Amsler Universal Testing Machine 
of 20,000-lb capacity and Templin grips with self- 
aligning wedges. Six specimens approximately 0.064 
x 1/2 x 1-1/2 in. were sawed from the strips. Speci- 
mens 4B, 4D, and 4E had been stretched 4 pct in 
tension, with 4D and 4E having the same crystallo- 
graphic orientation. The other three specimens, 
6A, 6B1, and 6B2, had been stretched 6 pct, with 6B1 
and 6B2 having the same orientation. Back-reflec- 
tion Laue patterns were taken to determine speci- 
men orientations. The stress axes of the six speci- 
mens used in this investigation are plotted in the 
same unit stereographic triangle in Fig. 1. All of 
the stress axes were fairly near the center of the 
triangle where well developed kink bands form.*??° 

The directions of the primary slip line and kink 
band traces on the front and side surfaces of each 
Specimen were plotted on a stereographic projec- 
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PRIMARY . 
SLIP PLANE 


PLANE OF 
KINK BAND 


Fig. 2—Orientation of specimen 6A stretched 6 pct. O Nor- 
mal to surface of crystal specimen. A Pole of {111} primary 
slip plane. @ Slip direction and pole of {110} plane of the 
kink band. @ Axis of intersection of slip plane and the plane 
of the kink band. Also axis of crystal rotation, <211>. 

x Pole of reflecting crystal plane which produced an image 
of specimen on X-ray reflection micrographs. 


tion’ such as shown in Fig. 2, to identify the primary 
slip system and the plane of the kink band. In all 
cases the orientation of the {111} primary slip plane, 
as determined from traces on the specimen, agreed 
with that predicted from a consideration of maximum 
resolved shear stress on potential slip systems in 
the unstrained crystal. Furthermore, the trace of 
the kink band always was found to be that of the 


a 10} plane which was perpendicular to the <110> 
primary slip direction identified by this calculation. 
During stretching of the specimen, lattice rotation 
occurred about the < 211> axis, which was located 
at the intersection of the{111} primary slip plane 
and the {110} plane of the kink band, while the slip 
direction tended to align itself with the stress axis, 
as reported earlier for aluminum.””!”” Lattice 
bending about this same <211> axis occurred in the 
vicinity of kink bands.’’*° The lattice in one-half of 
each matrix region, which was bounded on either 
end by a kink band, was bent around this axis in the 
sense opposite to that in the other half, as shown 
schematically in Fig. 3. 
Laue spots from the stretched crystals contained 
intensity maxima from the middle of matrix regions. 
The diffuse background between intensity maxima 
and the asterism were from the bent lattice inside 
and adjacent to kink bands.*”*°?*"* The area ir- 
radiated on the specimen surface was about 1.6 mm 
diam and included two kink bands plus two matrix 
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KINK BANDS CONTAINING SHARPLY BENT {111} SLIP PLANES 


MATRIX REGIONS BETWEEN KINK BANDS 
CONTAINING WEAKLY BENT {111} SLIP PLANES 


Fig. 3—Schematic illustration of kink bands and the matrix 
regions between them in a stretched crystal. The<110> 
slip direction is parallel and the {11 1} slip plane is perpen- 
dicular to the plane of the paper. Also, the <211> axis 
about which the slip plane is bent in both kink bands and 
matrix regions is perpendicular to the plane of the paper. 


regions. When the Laue patterns from the unstrained 
and stretched crystals were superimposed, the po- 
sition of the asterism lay between the positions that 
the intensity maxima from the matrix occupied be- 
fore and after stretching. The reflection from the 
{211} plane perpendicular to the axis of rotation in 
Fig. 4 for specimen 6A stretched 6 pct showed, 
however, no asterism. Furthermore, when the ~ 
patterns from the unstrained and stretched specimen 
were superimposed, the {211} spot was in the same 
position on both. This was experimental evidence 
that the axis of crystal rotation and of lattice bending 
was the <211>. This axis had to be identified before 
the specimen could be positioned properly in the 
camera for an X-ray micrograph.° 

Each specimen stretched 4 pct was heated for 
cumulative times of 30 sec; 4 min; 1, 5, 20, 60, and 
120 hr at the following temperatures: 4B at 400°C, 


4D at 500°C, and 4E at 600°C. The specimens 
stretched 6 pct, 6A, 6B1, and 6B2 were all heated 
at 500°C, for times of generally 30 sec; 4, 16, 32 
min; and 1 and 5 hr. When the heating period was 
less than 1 hr, a salt bath was used with the speci- 
men held on a flat tray of aluminum. Heating for 
periods longer than 1 hr was done in an electrical 
resistance furnace with the specimen placed ina 
preheated stainless steel block, which minimized 
temperature fluctuations. After heating, the speci- 
men was cooled in air to room temperature. The 
possibility exists, of course, that the effect of cumu- 
lative heating would be different from that of con- 
tinuous heating. However, Guinier and Tennevin ; 
found that the effects of continuous annealing were 
about the same as those of intermittent annealing on 
99.99 pct Al crystals during polygonization and sub- 
grain growth. Gilman,” working with zinc, had found 
that cumulative heating for a given time produced the 
same effect as continuous heating. Furthermore, 
he discovered that surface preparation had no effect 
on polygonization behavior of zinc. 

X-ray micrographs were made of the specimen 
after each heating period with the specimen adjusted 
to the same position so that progressive changes 
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Fig. 4—Back-reflection Laue pattern of specimen 6A 
stretched 6 pct. The reflection from the {211} plane per- 
pendicular to the axis of rotation and bending is indicated. 


in the same subgrains could be determined. The 
average subgrain boundary angle (¢) about the <211> 
axis and the average subgrain size (G) in the <110> 
direction perpendicular to the plane of the kink band 
were calculated by equations given previously® from 
measurements on three different matrix regions of 
each specimen. The matrix regions selected for 
study were representative of those throughout the 
specimen, being between kink bands of about 0.8 mm 
spacing, and contained the same average subgrain 
size after 30 sec heating time. Kink bands were not 
included in our studies of polygonization and subgrain 
growth because the degree of lattice bending and sub- 
grain boundary angles there were appreciably greater 
than those inadjacent matrix regions. A total of from 
100 to 300 subgrain boundaries were intercepted on 
the X-ray micrograph by lines laid down at ten dif- 
ferent locations in each matrix region. The direction 
of the intercept line was different for measuring 
subgrain boundary angle and subgrain size.° For the 
former, the direction was dependent on the crys- 
tallographic orientations of the <211> axis and the 
plane reflecting X-rays. In the case of the latter, 
the orientation of the {110} plane of the kink bands 
was important, since the subgrain dimensions per- 
pendicular to this plane were of interest. Measure- 
ments on the X-ray micrographs were made at 40 
diameters magnification using an eyepiece with 
cross-hairs and a scale with Vernier on the micro- 
scope. 


RESULTS AND DISCUSSION 


The spacing and width of kink bands could be ob- 
served on photographs of the specimen at 3 diam- 
eters magnification, Fig. 5, and also on the X-ray 
micrographs enlarged to 3, Fig. 6, and to 20 diam- 
eters, Fig. 7. In Fig. 7, the location of the narrow 
kink bands which separate the much wider matrix 
regions are indicated by arrows. The measured 
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Table |. Measurements on Kink Bands in Stretched Specimens 


Average Distance* Average Width* 


Specimen Between Kink Bands of Kink Bands 
4B 1.0 mm 0.03 mm 
4D 0.9 0.04 
4E 0.8 0.04 
6A 0.8 0.05 
6B1 0.7 0.04 
6B2 0.8 0.03 


*Perpendicular to the {110} plane of the kink bands. 


dimensions were corrected for the distortion caused 
by the plane of observation (the specimen surface) 
not being perpendicular to the plane of the kink 
bands. The spacing of the kink bands was fairly uni- 
form within each specimen. Table I indicates that 
the average distance between kink bands was a little 
under 1 mm, as found by other investigators,”*’”° 
and the width of the bands was approximately 20 
times less than their spacing. In the specimens 
‘studied, their crystallographic orientation with 
respect to the stress axis and specimen surface 

did not affect to any significant degree the spacing 
and width of kink bands. The kink bands caused 
striation in the Laue spots from the stretched crys- 
tals as indicated in Fig. 4. 

Lattice rotation about an axis other than this same 
<211> in the bands of secondary slip” *®’® caused 
striation in the Laue spots, Fig. 4, parallel to the 
trace of the primary slip plane on the specimen sur- 
face. This same effect was shown more clearly on 
the X-ray micrographs as light or dark bands, 

Figs. 6 and 7. 

The subgrain size and disorientation in the matrix 
regions between kink bands that will be discussed 
shortly varied according to the degree of local bend- 
ing. When the matrix lattice at the front surface of 
the specimen was bent convex, a gap appeared be- 
tween subgrain images on the X-ray micrographs. 
Overlap of images occurred when the lattice at the 
surface was concave. The measured subgrain size 
(D) and the gap width (S) are defined in Fig. 11. The 
subgrain size in the <110> direction (G) was cal- 
culated from D by the equation G =D cosy, where y 
is the angle required to rotate the <110> direction 
into the surface of the specimen.® The appearance of 


Fig. 7—Specimen 6A stretched Fig. 8—After heating 30 sec 


6 pet. 500°C. 


X-Ray Micrograph 3X 
Fig. 6 


Photograph 3X 
Fig. 5 


Fig. 5—Front surface of specimen 6A stretched 6 pct. 
Fig. 6—Same specimen as Fig. 5. Compare with area 
near top of Fig. 5. Kink bands run from upper left to 
lower right and primary slip lines run diagonally oppo- 
site. X38. Reduced approximately 9 pct for reproduction. 


the matrix regions in the stretched crystal in Fig. 7 
may be compared with those of the heated crystal in 
Figs. 8 through 10 where the values of -D and S are 
progressively increasing. 

Polygonization— Even before heating, the stretched 
crystals contained rather well-developed subgrain 
boundaries in some parts of matrix regions where 
lattice bending was more severe, as may be seen in 
Fig. 7. (Of course lattice bending was most pro- 
nounced at the boundaries of kink bands, but the de- 
velopment of subgrain boundaries in kink bands is 
not the subject of this paper). Heating for as short 


Fig. 9—After heating 4 min 


Fig. 10—After heating 1 hr 
500°C. 


500° C. 


X-ray micrographs. X20. Reduced approximately 28 pct for reproduction. 
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Fig. 11—Specimen 6A stretched 6 pct and heated 5 hr 
500°C. Subgrain images near a kink band showing typical 
size measured in this investigation, X-ray micrograph. 
X50. Reduced approximately 45 pet for reproduction. 


a time as 30 sec at 400°, 500°, and 600°C was suf- 
ficient to sharpen the subgrain boundaries already 
present in matrix regions so that they could be 
measured, and to complete development of new ones, 
Fig. 8. After the initial 30-sec heating period, the 
Specimens stretched 4 pct had a subgrain size of 
0.039 mm, while the specimens stretched 6 pct had a 
subgrain size of 0.025 mm. It might be expected that 
the specimens stretched 6 pct would have a smaller 
radius of lattice bending in matrix regions than those 
stretched 4 pct, and it will be shown later that this is 
so. Wei and Beck™ found earlier that the subgrain 
size in sharply bent, unheated zinc crystals was 
approximately proportional to the radius of bending. 
Since Cahn™ has shown that the density of excess 
edge dislocations of one sign is inversely propor- 
tional to the radius of bending, the initial subgrain 
size would be inversely proportional to the density 
of excess edge dislocations of one sign. It was in- 
teresting to note that the heating temperature did 
not have a noticeable effect on the initial subgrain 
size in the specimens stretched four percent. 
The subgrain boundary angle after 30 sec heating 
time was 2 min of arc in the selected matrix re- 
gions regardless of the amount of stretching or the 
heating temperature. Wei and Beck™ had found that 
the disorientation between subgrains in as-bent 
zine crystals remained essentially constant at 
around 3 min of arc in the range of bending radii 
from 8 to 50 mm. 
Subgrain Growth— The subgrain size in the slip 
direction increased rapidly with time initially, 
and then leveled off sharply in an hour or less as 
shown in Fig. 12. The initial change in subgrain 
size followed a linear time law more closely than 

a logarithmic one. It turned out that there were not 
enough experimental points to define clearly the 
initial portion of the curves for the specimens 
stretched 4 pct. It might be expected that they would 
have, however, the same linear portion, initially, 

as was established for the average of the three 
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Fig. 12—Subgrain size (G) vs heating time. 


Specimens stretched 6 pct. The final subgrain size, 
as well as the initial, at 500°C was smaller in the 
three specimens stretched 6 pct than in the one 
stretched 4 pct. Heating the 4 pct elongated speci- 
mens at the highest temperature (600°C) produced 
the greatest rate of subgrain growth and the coarsest 
final subgrain size. 

The latter results are in agreement with those on 
bent single crystals of zinc reported by Gilman” and 
of silicon iron reported by Hibbard and Dunn.” Upon 
dividing the heating temperature (T) by the melting 
temperature (7),) in°K, the relative temperature 
range investigated by Gilman in zinc (T/Ty = 0.65 
to 0.97) may be seen to be about the same as used 
here for aluminum (T/T) = 0.72 to 0.94). The rela- 
tive temperature range studied by Hibbard and Dunn 
(T/Ty = 0.62 to 0.74) was lower. Hibbard and Dunn 
found that the subgrain size in the slip direction in- 
creased very rapidly at first, apparently in a linear 
manner, but then leveled off with heating time. On 
the other hand, Gilman found that initially both the 
subgrain size (G) and subgrain boundary angle (¢) 
increased in direct proportion to the logarithm of 
time, before leveling off. In fact, ¢ and G were 
related by the equation ¢ = G/r, where 7 was the 
radius of bending of the slip plane. 

The data on subgrain boundary angle, unlike that 
on subgrain size, for the average of the three speci- 
mens stretched 6 pct and heated at 500°C fitted a 
logarithmic time law shown in Fig. 13 better than a 
linear one. The data for the specimens stretched 
4 pet did not deviate from this logarithmic relation- 
ship, as far as could be established. The rate of 
increase in subgrain boundary angle, like subgrain 
size, decreased sharply with time, after being very 
high initially. This was believed to be a result of 
segregation of impurity atoms at subgrain bound- 
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Fig. 13—Subgrain boundary angle (¢) vs loge heating time. 


aries.” Perhaps this segregation would also allow 
us to explain the smaller final subgrain size in the 
specimens stretched 6 pct and heated at 500°C as 
being due to their smaller initial subgrain size, 
which shortened the distance over which the im- 
purity atoms had to diffuse to reach a boundary. As 
in the case of final subgrain size, the greatest final 
subgrain boundary angle was reached in the speci- 
mens heated at the higher temperatures. Little 
change in subgrain boundary angle occurred at 
400°C. 

Initially, the disorientation at the subgrain bound- 
aries increased with annealing time because: @) 
more dislocations were entering the boundaries 
from the interior of the subgrains 0) the disorienta- 
tion between the remaining subgrains was increasing 
as subgrain growth occurred and the number of 
boundaries was reduced. Subgrain growth apparently 
started while there were still large numbers of iso- 
lated dislocations in the interior of the subgrains. 
Some of these remained in that position until they 
were swept out by the moving subgrain boundaries, 
while other dislocations reached the boundary 
through the processes of glide and climb. It might be 
expected that dislocations would migrate to the sub- 
grain boundaries from the bent lattice regions of high 
dislocation density quickly at first, and then more 
slowly as the dislocation density decreased in the 
lattice. However, after several minutes heating at 
500° and 600°C (but not at 400°C) the first mecha- 
nism, @) did not seem to operate because by that 
time most of the isolated dislocations had entered 
the subgrain boundaries. Thereafter, the increase 
in subgrain boundary angle was primarily dependent 
on the second mechanism, subgrain growth. A plot 
of ¢ and G vs annealing time on linear coordinates 
in Fig. 14 for the specimens stretched 6 pct and 
heated at 500°C illustrates the change in slope of 
the ¢ curve resulting from the operation of these 
two mechanisms. 

Specimen 6B2 was unique in that a new grain, 
having a high-angle boundary of several degrees, 
formed by primary recrystallization at the top 
sawed edge and grew part way (5 mm) toward the 
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Fig. 14—Average subgrain size and subgrain boundary 
angle vs 500° C heating time for specimens 6A, 6B1, and 
6B2 stretched 6 pct. 


center of the specimen during heating at 500°C. 
Although new grains formed at the sawed edges 
in other specimens, they did not grow significantly. 
The lattice of the new grain in specimen 6B2 was 
rotated 14 deg about a common <100> direction 
with respect to the matrix. The new grain did not 
grow into the strained matrix for the first four 
minutes of cumulative heating, although this was 
sufficient time for polygonization and subgrain 
growth to occur. The X-ray micrograph made 
after a total heating time of 1 hr first revealed the 
grain. Heating for longer times, up to 20 hr, at 
500°C did not produce further growth of the grain, 
except for a small degree of preferential growth 
into the kink bands along its sides. Evidently sub- 
grain boundaries were of highest angle there be- 
cause surface tension pulled on the grain boundary 
with noticeable effect. Cahn’? found that new grains 
grew preferentially along polygonized kink bands. 
The density (p) of excess edge dislocations of one 
sign whose lines intersect the {211} plane, which is 
perpendicular to the axis of bending, and make up the 
{110} subgrain boundaries may be calculated from the 
average angle of tilt (¢) and the average subgrain 
size (G) in matrix regions. The average values for 
the regions studied in three specimens stretched 6 
pet and heated at 500°C for 5 hr will be used here, 
because by then essentially all of the dislocations 
were located in boundaries. The distance (@) be- 
tween dislocations aligned in a polygon wall may be 
calculated from Burgers’ vector (b) and ¢. 


d=b/ = 2.86 X 10°’mm/0.00184 radians 

= 1.56 x 10°* mm 

1/dG = 1/(1.56 x 10-*mm) (0.039 mm) 

= 1.6 x 10° lines/mm? = 1.6 x 107 lines/cm? 


p 
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The radius of bending (7) of the slip plane in the 
regions associated with the above dislocation den- 
sity may be calculated” from the relationship 
p = 1/rb and turns out to be 21 mm. The radius of 
bending was much greater than the crystal thickness 
of 1.5 mm. By comparison, r=25 mm for the regions 
studied in specimen 4D and 27 mm in specimen 4E. 
The value of 7 could not be calculated from @ and G 
for specimen 4B, because an appreciable number of 
dislocations had not reached the subgrain boundaries 
even after 120 hr at 400°C. 


CONCLUSIONS 


1) Single crystals of 99.99 pct Al stretched 4 and 6 
pet in tension underwent inhomogeneous deformation 
with primary slip, secondary slip, and the formation 
of kink bands occurring. The kink bands were about 
0.04 mm wide and 0.8 mm apart on the average. One 
end of each matrix region between kink bands was 
found to be weakly bent in a convex manner and the 
other end in a concave manner about the <211> axis. 
Subgrains having quite well-defined boundaries were 
present in some portions of the matrix regions, as 
well as in kink bands, after stretching. 

2) After heating the stretched crystals for a very 
short time (30 sec) at 400°, 500°, or 600°C, typical 
matrix regions adjacent to kink bands polygonized 
with an average subgrain size in the slip direction 
dependent on the amount of stretching (0.039 mm for 
4 pct and 0.025 mm for 6 pct) but independent of the 
heating temperature. 

3) Subgrain growth in the matrix regions of the 
specimens stretched 6 pct and heated at 500°C was 
characterized by a high, approximately linear initial 
rate which decreased sharply in less than 1 hr, prob- 
ably because of the segregation of impurity atoms at 
subgrain boundaries. Although the data obtained on 
the specimens stretched 4 pct were insufficient to 
establish if the initial rate of subgrain growth was 
linear or not, subgrain growth was most rapid at the 


higher temperatures and also leveled off after some- 
what less than 1 hr at 500° and 600°C. 

4) Polygonization produced an average subgrain 
boundary angle about the <211> axis of 2 min of 
arc in the matrix regions of all specimens after a 
very short (30 sec) heating time at 400°, 500°, or 
600°C. 

5) The initial increase in subgrain boundary angle 
in the matrix regions of the specimens stretched 6 
pct and heated at 500°C appeared to be proportional 
to the logarithm of heating time. The data for the 
specimens stretched 4 pct also supported this re- 
lationship. The increase in subgrain boundary angle 
was most rapid in the latter specimens at the higher 
temperatures. 

6) A new strain-free grain which formed by pri- 
mary recrystallization at a sawed edge grew an ap- 
preciable distance (5mm) into one specimen even 
though the crystal was polygonized and subgrain 
growth had occurred. 
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Effect of Si and Al on the Stability of Certain 


Sigma Phases 


By determining the 0 phase boundaries in the following 
ternary systems: V-Fe-Si (at 1175°C), V-Co-Si (at TERS AG), 
V-Ni-Si (at 1175°C), Cr-Mn-Si (at 1000°C), Cr-Co-Si (at 1175°C), 
Cr-Ni-Si (at 1175°C), V-Fe-Al (at 1175°C) and Cr-Co-Al (at 


1175°C), it was found that Si exerts a stabilizing effect on these 
o phases, while Al tends to destabilize them. Si atoms in 
solid solution occupy sites D in the o structure. The C,/a, 
ratio increases with increasing Si-, Mn- or Fe-content. The 
volume of the unit cell decreases with increasing Si-content. 
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Fig. 1—Sigma phase in the 1175°C isothermal section of 
V-Fe-Si ternary phase diagram. 
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amounts of carbon or nitrogen has been reviewed 
by Parte.* It is also known that the Ti,Ni-type 
(n-carbide) phases are in most cases stable only 
with carbon or oxygen in interstitial solution .*° 
Andersen and Jette® noted that in the ternary 
Cr-Fe-Si system the o phase is stable at 1000°C, 
and Aronsson and Lundstrom” found it to be stable 
up to at least 1200°C, although the binary (Cr, Fe)o 
is stable only up to 825° C. Aronsson and Lund- 
strom’ also noted that a ternary o phase occurs in 
the Cr- Ni-Si system at relatively low Si-concen- 
trations, even though in the binary Cr- Ni system 
no o phase is known to exist. ° 

The present work was undertaken to study the 
effect of Si and Al on the stability of various o 
phases formed by first long period transition ele- 
ments. The systems studied were: V-Fe-Si, 
V-Co-Si, V-Ni-Si, Cr-Mn-Si, Cr-Co-Si, Cr- Ni-Si, 
V-Fe-Al, and Cr-Co-Al. In each of these ternary 
systems the boundaries of the o phase were deter- 
mined at 1175°C, except for the Cr-Mn-Si system, 
which was investigated at 1000°C. In following 
up the results obtained by Aronsson and Lundstrom 
for the Cr- Fe-Si system, in two of the ternary 
systems which were found to form particularly ex- 
tensive o solid solutions the lattice parameters 
were determined for the o phase as a function of 
the composition. 


7 


EXPERIMENTAL PROCEDURE 


In general the alloys were prepared by arc-melt- 
ing in a copper crucible and in an atmosphere of 
helium, using electrolytic grade component ele- 
ments. In the case of manganese. alloys, arc-melt- 
ing was found to result in high manganese losses 
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and, for this reason, most of these alloys were 
prepared by induction melting in a recrystallized 
alumina crucible in an atmosphere of helium. 
Specimens of all alloys were annealed in evacuated 
and sealed silica tubes at the temperature selected 
for the particular alloy system. In each case the 
duration of the homogenizing anneal was 72 hr, and 
following this the specimens were quenched in cold 
water. Metallographic and X-ray specimens were 
prepared from the homogenized alloy samples. For 
the Cr-alloys electrolytic etching was used for 

the metallographic examination, with an oxalic 
acid-water electrolyte in various concentrations. 
For the V-alloys chemical etching with nitric acid- 
water solution of 30 to 50 pct by volume concentra- 
tion was used. The X-ray patterns were taken with 
CrK radiation, using an asymmetrical focusing 
camera for phase identification and a symmetrical 
focusing camera for precision lattice parameter 
measurements. The o phase boundaries were de- 
termined by the disappearing phase method to an 
estimated accuracy of +1 pct of each component. 
The accuracy of the lattice parameter measurements 
is estimated to +0.001A. 


EXPERIMENTAL RESULTS 


The o phase boundaries in the various isothermal 
sections are shown in Figs. 1 to 8. In several in- 
stances the identification of the various phases co- 
existing with o was possible. The appropriate phase 
designations are indicated in the various isothermal 
sections. The boundaries of the phases with which 
o coexists have not been determined accurately, 
only roughly estimated from the known composition 
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V- Co-Si ternary diagram. 


of various two-phase alloys, in which the volume 
fraction of the second phase has been estimated by 
metallographic means. Cr-base bcc solid solution 
fields are designated as Cr. Similarly, in several 
cases the two-phase fields in which o coexists with 
bcc V-base solid solutions are designated as 0 + V 
and the two-phase fields in which o coexists with 


Fig. 3—Sigma phase in the 1175°C isothermal section of 
V-Ni-Si ternary phase diagram. 
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fec Ni-base or Co-base solid solutions as o + Ni or 
o + Co. 

Of the phases coexisting with o in the ternary 
systems with Cr and Si, Figs. 4, 5, and 6, the phase 
Cr,Si is very prevalent. This binary compound ap- 
pears to extend deeply into the three ternary sys- 
tems concerned, dissolving relatively large amounts 
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Fig. 4—Sigma phase in the 1000°C isothermal section of 
Cr-Mn-Si ternary phase diagram. 
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of Ni, Co, and Mn. The ternary Cr,Si phase fields 
apparently extend roughly along lines of constant Si- 
content. This suggests that, in this structure, Mn, 
Co, and Ni may be substituting largely for Cr. A 
corresponding V,Si phase also coexists with o at 
least in the V- Fe-Si and the V-Ni-Si systems, 

Figs. 1 and 3. Some of the phases coexisting with 


the o-phase, such as phases I and II in the V- Fe-Si 
system, Fig. 1, phases III and IV in the V-Co-Si 
system, Fig. 2, phase V in the V-Ni-Si system 
Fig. 3, and phase X in the Cr-Co-Si system, Fig. 5 
were not identified. 

One of the principal results obtained in the present 
investigation is that Si tends to stabilize the o phase 


Fig. 5—Sigma phase in the 1175°C isothermal section of 
Cr-Co-Si ternary phase diagram. 
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Fig. 6—Sigma phase in the 1175°C isothermal section of 
Cr-Ni-Si ternary phase diagram. 


in all ternary systems studied, extending the solid 
solubility range particularly in the Cr-Mn-Si and in 
the V- Fe-Si systems. The maximum solubility of 
Cr increases from 24 at. pct in (Cr, Mn)o to 43 at. 
pct in the presence of 12 at. pct Si at 1000°C, Fig. 4, 
and the maximum solubility of V increases from 48 
at. pct in (V, Fe)o to 62 at pct in the presence of Tat. 
pet Si at 1175°C, Fig. 1. A similar but somewhat 
smaller effect is also observable in the Cr-Co-Si 
system, Fig. 5. The occurrence of a ternary o phase 
in the Cr-Ni-Si system, first reported by Aronsson 
and Lundstrom,’ has been confirmed and the bound- 
aries of this o phase have been determined at 
1175°C. 

In both ternary systems with Al studied, the ex- 
tension of the o phase field is very limited. This is 
particularly true in the V- Fe- Al system, where less 
than 0.5 at. pct Al is sufficient to suppress the 
o phase completely at 1175°C, Fig. 7. The bcc 
phases existing on either side of the o phase in the 


Fig. 7—Sigma phase in the 1175°C isothermal 
section of V-Fe-Al ternary phase diagram. ¢ 
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binary V- Fe system at that temperature, with the 
addition of aluminum join to form a single ternary 
bcc phase field. These observations clearly suggest 
that the effect of Al is the opposite of that of Si, in 
that it destabilizes the o phase in relation to the 
bec phase (compare Figs. 1 and 7). 

The measured lattice parameter values for the 
o phases in the V- Fe-Si and Cr-Mn-Si systems vs 
composition are given in Figs. 9 and 10. In these 
alloys, as first found by Aronsson and Lundstrom’ 
for the o phase in the Cr- Fe-Si system, increasing 
Si-content tends to increase Cy, decrease do, and to 
decrease the volume of the unit cell. The decrease 
of a, and of the volume of the unit cell with increas- 
ing Si-content is remarkable, since the Goldschmidt 
atomic radius of Si (1.34A for C.N.12) is larger 
than that of the other elements concerned, except V. 
In the binary (Cr, Mn)o alloys, as well as in 
(Cr, Mn, Si)cat 10 at. pct Si, the c/a ratio increases 
with increasing Mn-content. This is also rather 
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Table |. Effect of Ordering of Si Atoms on X-ray Diffraction 
Line fatensities for o Phase 


Calculated intensities for ordered condition were based 
on assumption of all Si atoms located on sites D. 


Relative Intensities 


hkl Calculated Observed 
Ordered Disordered Cr,,Mng.Si,, 

101 0.15 3.15 none pois of 

210 Sie 0.3 vw camera range 

220 4.4 0.054 vw vw 

211 6.0 0.003 vw vw 

320 0.3 vw vvw 

311 14.2 6.5 Ww w 

002 L727. 23.4 ms ms 

112 2:5 2.5 vvw = 

410 82.3 84.7 vs vs 

330 42.8 35.8 s s 

202 47.0 35.2 s s 

212 67.5 67.6 vs vs 

411 100.0 100.0 vvs vvs 

331 39.6 49.8 s s 

222 w w 

312 13.0 11.6 . ms ms 


Order of Relative Intensities: vvs—vs—s—ms—w—vw—vvw 


difficult to explain on the basis of atomic size con- 
siderations.”® That the o phase in the Cr-Mn-Si 
system does not obey the simple Vegard law is 
further suggested by the minimum in the a, vs 
Mn-content curve in Fig. 10(@). On the other hand, 
in the V- Fe-Si system both dp and c, decrease with 
increasing Fe-content (at 10 at. pct Si), as might be 
expected. A more complete attempt at the interpre- 
tation of these lattice parameter data in terms of 
atomic radii, for instance in the manner suggested 
by Stuwe,’° might be perhaps possible if more in- 
formation would be available as to ordering vs 
composition in the ternary o alloys. 


% 
% 


Table il. Filling of Lattice Sites A to E in Sigma Phases* 


No. atoms 


cell: Percent Occupation of Each Site by B-Atoms 


Site at each site CrMn, Mo,,Mn,, VisFe,. 
A 2 100 100 85 85 85 
B 4 ‘75 0 0 0 0 
C 8 62.5 50 19 30 6 
D 8 100 100 85 87 87 
E 8 56 50 25 6 1e2 


Total 30. 


*Based on references 10, 11, and 12. 


It was found that, with increasing Si-content, 
new X-ray diffraction lines appeared and became 
progressively stronger. It was found that these 
intensity variations could be qualitatively accounted 
for by assuming that all Si atoms are occupying 
sites D in the o structure. The observed X-ray 
diffraction line intensities and the calculated in- 
tensities are given in Table I. The assumed order 
is confirmed by comparison of the calculated and 
observed relative intensities of the following line 
pairs: 210 and 220, 211 and 320, 311 and 002, 222 
and 312, and in the case of (Cr, Mn, Si)o also of 
the pair 101 and 210. In view of the tendency of 
sites A to be occupied by the same kind of atom 
as sites D,’°* Table II, structure factors were 
calculated also for the following types of ordering: 


1/6 of all Si atoms at sites A, balance at sites 

D and 1/3 of all Si atoms at sites A, balance at 
sites D. Comparison of these structure factor 
values with the observed intensities indicates that 
the fraction of the total number of Si atoms at 
sites A must be well below 1/6. 


Fig. 8—Sigma phase in the 1175°C isothermal section of 
Cr-Co-Al ternary phase diagram. 
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Fig. 9—Lattice parameters a,, c,, ratio c,/a, and volume 
of unit cell V, for (V, Fe, Si)as as a function of composi- 
tion. a) at 10 at pct Si, b) at at. pct V: at. pct Fe = 47:53. 


DISCUSSION 


In discussing the very pronounced stabilization 
effects found in the alloy systems containing Si, 
and of the destabilization effects in the Al-con- 
taining alloys, two factors may be considered as 
likely to be important ones: the size factor and the 
electronic structure of the added elements. Since 
the atomic radii of V (1. 36A for C.N.12) and of 
Fe (1, 27A for C.N.12) are nearer to that of Al 
(1. 43A for C.N.12) than are the atomic radii of 
Cr (1.28A for C.N.12) and of Co (1. 26A for C.N.12), 
the solubility of Al in (V, Fe) o should be larger 
than that in (Cr, Co)o, if the atomic size effect 
were the limiting factor. Actually the reverse is 
true and, at 1175°C, the solubility of Al in (Cr, Co)o 
is at least ten times larger than in (V, Fe)o. 

The interpretation of the o phase as an electron 
compound, was originally based on the type of 
phase-diagram information reviewed in the fore- 
going. That o may be indeed a full zone structure 
is further suggested by recent work’ indicating that 
the electrical resistivity of various o phases is very 
high, and the temperature- coefficient of their re- 
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Fig. 10—Lattice parameters 4», co, ratio co./a,and volume 
of unit cell V, for (Cr, Mn, Si)o as a function of compo- 
sition. a) at 0 at. pct and 10 at. pct Si, b) at at. pct Cr: 
at. pet Mn= 1:7 and at at. pct Cr: at. pct Mn = 15:85. 


sistivity is very low, or even negative. On this basis, 
the stabilization effects discussed may be tentatively 
interpreted as follows: The increased tolerance of 
the o phase for strongly electro-positive elements, 


such as V and Cr, imparted by the addition of Si, may 
be due to the relatively electro-negative nature of Si. 
The Si atoms may act here as ‘‘acceptors”’ of the 
extra electrons, contributed to the system by the 
increased number of V or Cr atoms. Conversely, 

the effect of Al in suppressing the o phase may be 
due to its greater electro-positivity as compared 
with Si, 7. e. its relative inability to accept electrons 
from the environment considered. 

X-ray and neutron diffraction studies indicate 
that in many cases a certain degree of ordering 
exists in o phases. The B atoms (Mn, Fe, Co, and 
Ni) tend to occupy lattice positions with smaller 
coordination numbers (Sites A and D, Table II). 
Since the B atoms are usually smaller than the 


10-12 


A atoms, this tendency may be interpreted in terms 


of atomic size, as implied by Kasper.’ ° However, 


_ in at least one o phase studied, B atoms (Mn) some- 


what larger than the corresponding A atoms (Cr), 
as indicated by the Goldschmidt atomic radii, still 
tend preferentially to occupy the same sites of 
smaller coordination number, (Table II), a condi- 
tion difficult to interpret in terms of atomic size, 


VOLUME 218, AUGUST 1960-623 


unless the latter is assumed to vary, depending 
on the electronic environment of the atom. This 
suggests an electronic effect in the choice of pre- 
ferred sites. In extreme cases, where the A atom 
is very much smaller than the B atom, such as 
(Cr, Re)o, (Cr, Os)o and (Cr, Ru)o, no appreciable 
ordering tendency has been found, *° perhaps due 
to the opposing influences of atomic size and of 
electronic structure.“ 

The observation of Aronsson and Lundstrom” that 
the Si atoms in (Cr, Fe, Si)opreferentially occupy 
sites D in the o structure, and the present results, 
which indicate that the Si atoms preferentially oc- 
cupy the same sites also in (Cr, Mn, Si)oand in 
(V, Fe, Si)o, are of interest. These observations 
may mean that, in spite of their larger size, the 
Si atoms occupy the sites with a relatively low co- 
ordination number, normally occupied by the 
smaller B atoms, presumably because, due to 
electronic effects, they can substitute for B atoms 
more readily than for A atoms. It may be pointed 
out-that Si resembles the B elements Mn, Fe, Co, 
and Ni, in being more electro-negative than the 
A elements V and Cr. Also, an effect of the addi- 
tion of Si to ophases is to increase the c/a ratio,” 
Figs. 9(b) and 10(b), which occurs as well on in- 
creasing the concentration of the B elements Mn 
[large atom in (Cr, Mn)o], or Fe [small atom in 
(V, Fe, Si)o |, Figs. 9(@) and 10@). The observed 
ordering of Si atoms in these o phases could be 
reconciled with the view that ordering is deter- 
mined primarily by size effects only if Si is here 
assigned an atomic radius considerably smaller 
than the Goldschmidt atomic radius normally ac- 
cepted. *® 

In view of the strong stabilizing effects observed 
in o alloys with Si, it is interesting to consider the 
possibility that the o phases found by Goldschmidt”’ 
in the W- Fe and W-Co systems, which were not 
confirmed in a recent investigation by van Reuth, * 
may have been stabilized by some impurity present 
in the alloys used in the earlier work or, conver- 
sely, destabilized by impurities in van Reuth’s pow- 
der metallurgy specimens. 


SUMMARY 


1) Si exerts a remarkable stabilizing effect on 
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o phases formed by transition elements of the first 
long period. Particularly extensive o solid solutions 
are found at 1175°C in the V- Fe-Si and Cr-Mn-Si 


systems. 
2) Al tends to destabilize the same o phases, 


relative to the bcc phase. 
3) Si atoms in solid solution in various o phases 
tend to occupy sites D in the o structure, substitut- 


ing for Mn or Fe. 

4) The c/a ratio for o phases increases with in- 
creasing Si-content, and also with increasing Mn- 
or Fe-content. 

5) The volume of the unit cell for various o 
phases decreases with increasing Si-content, even 
when the atomic radius of Si is larger than that of 
the other elements concerned. 
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Quantitative Addition and Recovery of Oxygen 


Isotopes in Niobium (Columbium) 


Experiments have been performed on the quantitative addition 
to niobium of enriched isotopes O*8 and O'" at the 0.1 — 40 micro- 
&§ram level and their subsequent recovery. A measured quantity 
of molecular oxygen of known isotopic concentration is added to 


mobium metal by oxidation. Recovery of the enriched isotopes 
as carbon monoxide is by the vacuum fusion technique. Quanti- 
tative determinations of the enriched isotopes are made in stand- 
ard volumes at constant temperature using accurately calibrated 


W. F. Harris 


W. M. Hickam 
M. H. Loeffler 


micromanometers and the mass spectrometer as pressure meas- 


uring instruments. 


Tue presence of low concentrations of nonmetallic 
impurities in metals can often adversely affect the 
physical properties of the metal. The increase in 
hardness and the embrittlement of refractory metals 
due to oxygen is well known. In metallurgical studies 
dealing with the diffusion rates or the effect of oxy- 
gen on the physical properties of refractory metals, 
it is often necessary to add small quantities of oxy- 
gen to the metal and later recover the total quantity 
present. It is desirable, therefore, to establish the 
accuracy with which microgram quantities of oxygen 
can be added to niobium and recovered by vacuum 
fusion. 

The successful addition of microgram quantities 
of oxygen to metals by the usual manometric tech- 
niques and the subsequent recovery by vacuum fusion 
is difficult because of the uncertainty in the accurate 
determination of the quantity of oxygen originally 
present in the metal and because of the chance of 
contamination by atmospheric oxygen. In order to 
minimize these uncertainties earlier workers have 
added quantities of O'° at levels much higher than 
the oxygen concentrations that are of interest.’ ° 

In order to eliminate the uncertainty associated 
with the O° additions to metals at low microgram 
levels, experiments have been performed on the 
quantitative addition of oxygen highly enriched in 
O' and O” at the 0.1 to 40 wg level to niobium and 
the subsequent quantitative recovery of the isotopes 
by vacuum fusion. Since the natural abundance of O°” 
is 0.04 pct and of O”* is 0.2 pct this enriched oxygen 
provides a uniqueness from interference not achieved 
in earlier work.** 

A measured quantity of molecular oxygen of known 
isotopic concentration is diffused into the metal. Re- 
covery of the isotopes in the form of carbon monox- 
ide is by vacuum fusion. The total quantity of gas is 
determined in standard volumes at constant tempera- 

W. F. HARRIS is Research Chemist, W. M. HICKAM is Supervisory 
Physicist, M. H. LOEFFLER is Junior Engineer, Technology Dept., 
Westinghouse Research Laboratories, Pittsburgh, Pa. D. H. SHAFFER 
is Mathematician, Mathematics Dept., Westinghouse Research Labora- 
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ture using accurately calibrated Consolidated Elec- 
trodynamics micromanometers and the mass spec- 
trometer for pressure measurements. The mole- 
cular and isotopic composition is determined mass 
spectrometrically. 


APPARATUS 


A schematic of the oxygen addition apparatus is 
shown in Fig. 1. Take-offs are provided for the at- 
tachment of the isotope container and for sample 
bulbs which are used to transfer samples to the 
mass spectrometer. Metal valves are used through- 
out the system including the sample bulbs in order 
to achieve a vacuum of 107° mm Hg. Evacuation is 
accomplished with a 3-stage oil-diffusion pump 
backed by a mechanical pump. A liquid nitrogen 
trap is used to remove condensables and to prevent 
oil vapor from entering the system. A micromano- 
meter is used for pressure measurements. 

The furnace assembly is shown in Fig. 2. It con- 
sists of a quartz tube joined to the apparatus through 
a 40/50 joint with Apiezon W low-pressure wax. The 
furnace cap, also a 40/50 pyrex joint, is provided 
with a pyrex hook. The sample is suspended from 
this hook with a platinum wire. The total volume of 
the furnace section is 435 ml. All volumes were de- 
termined by expanding a known volume of gas ata 
known pressure into the evacuated system and re- 
measuring the pressure. 

Both the micromanometer used on the oxygen ad- 
dition system and the micromanometer used on the 
mass spectrometer were compared to a precision 
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Fig. 1—Oxygen addition apparatus. 
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apparatus. 
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McLeod gage over a range from 2 to 18 yu in order 
to establish the calibration constants of the instru- 
ments. These constants are valid up to pressures of 
100 uw. The results are shown in Fig. 3. The dotted 
line at 45 deg represents the ideal case where the 
micromanometer reading and the McLeod reading 
are the same. The ‘‘MS Micromanometer”’’ used on 
the mass spectrometer read consistently 0.3 of a 
micron high. The ‘‘I.D. Micromanometer’’ used on 
the isotope diffusion apparatus deviates from a true 
reading by 13 pct. The pressure indicated by the 
McLeod gage was accepted as the true pressure and 
all micromanometer readings were corrected to 
agree with the McLeod gage readings. The accuracy 
of these pressure measurements was + 3 pct. 

A schematic of the gas recovery apparatus is 
shown in Fig. 4. It consists of a quartz vacuum- 
fusion furnace containing the graphite crucible and 
suitable heat shields, a 3-stage Consolidated mer- 
cury-diffusion pump, and a calibrated volume with 
provisions for attaching sample bulbs. All valves 
are Hoke diaphragm type with teflon seats. 

The volume of the system between the cut off 
point of the 3-stage mercury-diffusion pump and the 
valve isolating the pumping system is used as a 
standard volume for measuring the recovered gas. 


Vacuum Fusion Sample 


Analytical System Bulb 
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Fig. 4—Gas recovery system. 
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Fig. 3—Calibration of micromanometers. 


This volume was determined experimentally by ex- 
panding known quantities of carbon dioxide and nitro- 
gen into the evacuated volume and measuring the 
pressure change while the mercury-diffusion pump 
was pumping. At low exhaust pressures the cali- 
brated volume is about 150 ml smaller than at 40 or 
50 » where the volume tends to become constant. 

The change of volume with pressure is shown in 

Fig. 5. This volume change is interpreted to be the 
volume between the jets of the second and third stage 
of the pump. As the exhaust pressure is increased, 
the effectiveness of the third stage as a valve is de- 
creased and the pressure gradient occurs mainly 
across the second stage jet. The pressure in the 
furnace is not affected by this change. The volume 
determination was accurate to within +3 pct. 


EXPERIMENTAL 


The niobium specimens were prepared from 10-¢g 
vacuum-levitation melted buttons which contained 
about 40 ppm of O° as determined by standard 
vacuum-fusion techniques.* The buttons were cut 
into sections 1 mm thick weighing from 0.3 to 0.6¢g 
which were used as the carrier for the oxygen. The 
niobium was abraded with a file, degreased with 
acetone, and suspended from the pt wire. During 
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Fig. 5—Calibration of gas recovery volume. 
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Table I. Typical Composition, Mol Pct 


Table Il. Recovery of Oxygen Isotopes 


Isotopes Added PY, pl 
11.05 1.05 87.9 16.2 

Residual Gas 
61 22 17 0.6 
Recovered Gas 
N, cot Cos 
3.85 18.8 41.0 0.55 35.8 67.9 


pump down of the furnace section, the quartz tube 
was heated to aid in removing absorbed gases. The 
niobium specimen was then heated for 20 min at 
1100°C with a Westinghouse 5 kw R. F. generator 
while being pumped. This treatment removed most 
of the hydrogen, the presence of which has been 
found to interfere with the addition of oxygen by the 
manometric technique. 


ne enriched oxygen isotope containing 88 pct 
oO”, 1 pct O””, and 11 pct 0” was obtained in the 


form of mercuric oxide from the Weizemann Institute 


of Rohovoth, Israel. To release the oxygen it is 
necessary only to heat the oxide gently at a tem- 
perature below 400°C to prevent exchange between 
the isotopes and the glass. Mercury vapor was re- 
moved by a liquid nitrogen trap so that it did not 
interfere with the pressure measurement. Each ad- 
dition of oxygen was sampled and the quantity of 
each isotope determined. No difficulty has been 
experienced due to changes in the isotopic con- 
centration of the oxygen samples 

After the niobium has cooled, the valve to the 
pumping system is closed, and the mercuric oxide 
is heated until the desired pressure of oxygen is 
obtained as shown by the micromanometer. The 
valve isolating the furnace section is closed and the 
sample is heated to 500° to 600°C for 30 min. The 
oxygen pickup is quite rapid and complete but the 
additional time is allowed for the oxygen to diffuse 
into the metal. The sample bulb containing the 
oxygen isotopes is transferred to a Consolidated 
21-103 mass spectrometer for analysis. The 
niobium is then cooled and removed from the furn- 
ace. 

After removal from the oxygen addition apparatus, 
the niobium samples are inserted into the sample 
arm of the vacuum-fusion furnace without further 
treatment. The furnace is evacuated and the crucible 
degassed for 3 hr at 2300°C. The temperature is 
lowered to 1900°C and a 20-g platinum bath added, 
which is degassed an additional half hour. The 
niobium sample is dropped into the platinum bath 
and the liberated gas pumped into the calibrated 
volume for 10 min. The sample bulb is removed 
and transferred to a mass spectrometer for deter- 
mination of the isotopic concentration and pressure. 

A complete mathematical treatment of the cal- 
culations for the added and recovered oxygen will 
be found in the appendix. The method of isotopic 
analysis derived for the molecular oxygen is equally 
applicable for the isotopic oxygen analysis of carbon 
dioxide with only minor alterations. 
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Niobium, 0”, wg 
g Added Recovered Added Recovered 
0.40 0.16 0.18 14.0 13.9 
0.27 0.20 0.18 16.9 1559 
0.37 0.20 0.23 17.3 18.5 
0.63 0.24 0.24 20.2 20.3 
0.41 0.31 0.31 27.0 26.1 
0.55 0.38 0.35 33i1 30.0 
0.56 0.48 0.47 41.3 40.0 


RESULTS AND DISCUSSION 


The typical concentrations of the oxygen added, 
the residual gas, and the recovered gas are given in 
Table I. The residual isotopes remaining in the 
furnace after the isotopes have been diffused into 
the niobium amount to less than 1 pct of the original 
quantity present and in most cases can be neglected. 
The isotopes are recovered in the form of carbon 
monoxide by vacuum fusion. The hydrogen and nitro- 
gen recovered were present in the niobium used for 
this study. 

The recovery of the oxygen isotopes from the 
niobium is shown in Table II. Amounts of O°” from 
0.16 to 0.48 ug were added to the niobium and the 
O*” recovered was from 0.18 to 0.47 yg. Quantities 
of O** from 14.0 to 41.3 ug were added and 13.9 to 
40.0 wg were recovered. If the amount of oxygen re- 
covered is plotted as a function of the quantity ad- 
ded, both the O*” and O'* values lie along the same 
straight line. This line has a slope of 0.96 witha 
95 pct confidence interval of 0.92 to 1.00. The inter- 
cept is 0.01 wg with a 95 pct confidence interval of 
—0.01 to + 0.03, indicating that for all practical pur- 
poses it passes through the origin. 

It has been shown that microgram amounts of 
oxygen can be added to niobium and successfully 
recovered by vacuum fusion if accurately calibrated 
volumes and pressure measuring devices are used 
and if the mass spectrometer is calibrated immedi- 
ately before each series of determinations. 


APPENDIX 


Method of Calculation for Oxygen Addition and Re- 
covery in Niobium 


I) Addition of Oxygen—In calculating the amount of 
isotopically enriched oxygen added to niobium, the 
isotopic constitution and the total quantity of oxygen 
must be determined mass spectrometrically. The 
atomic ion peaks observed at mass numbers 16, 17, 
and 18 are not satisfactory for this determination be- 
cause of interference from the water background in 
the mass spectrometer and doubly charged molecular 
ions. In order to avoid these complications, the 
molecular ion peaks at mass numbers 32, 33, 34, 35, 
and 36 are used for the analysis. 

The peak heights at mass numbers 32, 33, 34, 35, 
and 36 contain the six molecular oxygen species 
on 32, on 33, and on 
34, 0'70"* on 35, and OO” on 36. If we let C = 
+ H33 + + H3s + Hyg), where H is the total 
molecular concentration of the species at each mass 
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number, then CHg2 is the fraction of the total number 
of molecules which have a mass of 32, or the frac- 
tion of the molecules that are O*°0"*. Similarly 
masses 33, 35, and 36 represent one specific type 
of molecule. At mass 34 however, we have two 
different species, O*°0'* and 0*"0*”. In order to 
separate these, the quantity %, which is defined as 
the fraction of the molecules with a mass of 34 
which are O'°0"*, is introduced. The functions p,q, 
and y, are defined as the fractional number of 
atoms present which are O**, and re- 
spectively. Since it has been determined that in 
our mass spectrometer the sensitivity coefficients 
for the molecular ions of O,*° and O,”* are the 
same, the previously defined terms of p,q, and 7 
can be related directly to peak heights by the fol- 
lowing equations in which 4 is now related directly 
to the peak height. 


p =C/2 [2H 32 + Haz + Ag, | [1] 
q=C/2 [H33 + 2 (1 — + | [2] 
= C/2[RH34 + + | [3] 


This is an underdetermined system, however, with 
three equations in four unknowns. 

In order to supplement the above three equations, 
the mechanism whereby the various oxygen atoms 
combine to form diatomic molecules is considered. 
It is assumed that two atoms form a diatomic mole- 
cule with a probability that is independent of the 
species of either atom. If the distribution of the 
number of diatomic molecules of each species is in- 
vestigated, it can be shown that the variances of 
the numbers are very small compared to experi- 
mental errors. Therefore, the following relations 
can be obtained by equating the expected number of 
molecules to the actual number observed in terms 
of the peak height. 


p? = [4] 
q? = C(1—R) Hea [5] 
[6] 


This gives a system of six equations in four un- 
knowns. Three sets of solutions for p, g, and 7 
can be obtained by solving Eqs. [1], [2], [3], and [4]; 
[1], [2], [3], and [5]; and [1], [2], [3], and [6]. If the 
assumed combination of molecules is valid, all three 
sets of solutions will be in agreement. The three 
sets of solutions that were obtained in this case 
agreed with each other sufficiently well to validate 
the assumption. 

The quantitative determination of the amount of 
each isotope is computed using the standard gas 
equation. 

II) Recovery of Oxygen— The oxygen in the form of 
CO is recovered from the metal along with H, and N2 
by a vacuum-fusion technique. Since the peak height 
at mass 28 contains the N,'* and C’0’° ions , the peak 
height at mass 29 contains the C**0*’, C*%0"*, and 
N'*N?® ions, and the peak height at mass 30 contains 
the C#20"* and C0"’ ions, it is necessary to set up 
and solve simultaneous linear equations in which the 
fractional pattern coefficients are the coefficients of 
the unknowns. A matrix solution is used to determine 
the relative amounts of each. Experimental data has 
ascertained that the isotopes of CO react the same 
way in the mass spectrometer and therefore the 
same sensitivity can be used for the three species of 
CO. The quantitative amount is determined as usual. 
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Inverse Segregation in Aluminum-Zinc Ingots 


The maximum segregation, as a function of alloy composi- 
tion, ts calculated for the aluminum-zinc system using the theory 
of inverse segregation based on the mechanism of volume con- 
traction and interdendritic flow. The results show good agree- 


ment with experiments on aluminum-zinc ingots. The significance 


W. V. Youdelis 


of the mass calculations of the segregation theory in discussing 


the metallography of the cast aluminum-zinc alloys is considered. 


Tue occurrence of inverse segregation in rapidly 
cooled castings has been reported on previously by 
various authors, and several theories have been 
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proposed to explain this phenomenon. It is now 
generally accepted that the mechanism of inverse 
segregation involves volume contraction on solidifi- 
cation followed by interdendritic flow of enriched 
residual liquid to the contraction volumes. This 
increases the concentration of the lower-melting- 
point constituents in regions of first solidification 
to above the mean concentration, which is con- 
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trary to the concept of normal segregation. A com- 
plete qualitative description of the phenomenon 

has been given by Adams.’ Scheil® developed pre- 
cise analytical expressions for evaluating the maxi- 
mum segregation, which occurs at the chill face of 
ingots, as a function of composition. Kirkaldy and 
Youdelis* extended Scheil’s equations to predict not 
only the maximum segregation but also the posi- 
tional variation of the segregation in an ingot for a 
binary eutectic system. They reported good agree- 
ment between theory and experiment for segregation 
in the aluminum-copper system. The purpose of the 
present work is to apply the segregation equations 
to the aluminum-zinc system (only the maximum 
segregation at the chill face of the ingots is con- 
sidered). The mass calculations of the segregation 
theory are further used to interpret the metallo- 
graphy of the ingots. 


CALCULATION OF THE SEGREGATION 


The calculation of the maximum segregation as a 
function of zinc content in the aluminum-zinc sys- 
tem was carried out using the equations derived 
in the previous communications.”* To these the 
reader is referred for a detailed derivation. Only 
the assumptions made in the derivation and the 
principal equations, together with a definition of 
the symbols (mainly after Scheil”), are repeated 
here. 

It is assumed that there is complete flow-back 
of residual liquid during solification so that no 
shrinkage porosity occurs. This condition is as- 
sured by degassing the melt and by unidirectional 
solidification. Further, it is assumed that equi- 
librium conditions exist locally at the solid-liquid 
interface, and that solid coring is complete while 
the interdendritic liquid is homogeneous and in 
equilibrium with the solid at all times. This latter 
assumption is valid provided the solid-diffusion 
coefficient is small in comparison with the liquid- 
diffusion coefficient, and the solidification rate is 
fast. The diffusion coefficients of zinc in aluminum 
given by Smithells* as 2.5 x 107 sq cm per sec in 
the liquid (600°C, 82 pct Zn*) and 1x 107° sq cm 


*All concentrations are in weight percent. 


per sec in the solid (450°C, 30 pct Zn) valide the 
latter assumption. Surface exudations, if present, 
must be corrected for in the segregation determi- 
nation since they occur by a different mechanism. 

In a binary alloy of a eutectic system the maxi- 
mum segregation, Ac, at any point in the ingot is 
given by 


+ MEECKE 

ap (1) 
MsE + ME 


Ac=C—Co= 


where C and Cp are the mean Solute concentration at 
any point in the solidified ingot and the initial liquid 
solute concentration, respectively. m,; and are 


*The subscripts s for liquid and & for solid are derived from their 
German counterparts schmelz and krystall, respectively. 
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Fig. 1—Constitution diagram and specific volume vs tem- 
perature diagram for the aluminum-zinc system. 


the masses of liquid and solid in the sample volume 
considered (constant) when the eutectic temperature 
is reached. c.f and Cyr are the mean solute concen- 
trations in the liquid and the cored primary crystals 
at the eutectic temperature. dg = , where Upr 
and v,f are the specific volumes of the eutectic solid 
and eutectic liquid, respectively. At concentrations 
other than eutectic the subscript E is dropped in all 
symbols and a is defined by 


where the symbol c;, refers to the equilibrium solute 
concentration in the solid (exists at the interface 
only). The fundamental differential equation for cal- 
culation of the mass terms in [1] is 

dm, dc, [3] 


=-@a 
Ms ACs 


_where A is defined by c, — c, = Acs. In the alumi- 


num-zine system both @ and A are functions of zinc 
concentration which necessitates a step-wise inte- 
gration for the solution of [3]. The values of a and 
A can be obtained from the specific volume data and 
the constitution diagram for the aluminum-zinc 
system. The specific volume data for the aluminum- 
zinc system have been obtained by Pelzel and Schnei- 
der® and is reproduced in Fig. 1 with a part of the 
constitution diagram given by Raynor.® 

Eq. [3] has been solved by Scheil* and by Kirkaldy 
and Youdelis® to obtain the various mass terms in 
the segregation Eq. [1]. The mass terms for the 
cored crystals and the liquid are given by 


Ms.—Ms,. 
and Ms,,, = Ms, i [4] 
Gs 


The solute content in the cored primary crystals is 
given by 


A; - a; 


VOLUME 218, AUGUST 1960-629 


‘i+1 i Qj 


_ 
m 
+ 


© Experiment 


Theory 


SEGREGATION (% Zn) 
© 
o— 


CONCENTRATION (% Zn) 


Fig. 2—Experimental and theoretical determinations of 
maximum segregation in aluminum~zinc ingots vs zinc 
content. 


where the subscripts 7 and 7 + 1 in Eqs. [4] and [5] 
refer to the zthand ith+ 1 terms, respectively, in 
the step-wise integration. The summation of the 
terms in [4] and [5] is taken to the eutectic tem- 
perature to obtain the terms and 
Using this procedure the maximum segregation in 
aluminum-zinc ingots, as a function of zinc content 
from 0 to 95 pct, has been calculated and is given 
in Fig. 2 for comparison with the experimental re- 
sults. 


COMPARISON WITH EXPERIMENT 


The alloys were prepared in alumina crucibles 
using high-purity aluminum (99.99 pct) and high- 
purity zinc (99.99 pct) by melting in an electric 
furnace. Degassing of the melts was accomplished 
by bubbling dry argon through the melt until solidi- 
fication, and then remelting for pouring without dis- 
turbing the oxide layer. This degassing procedure 
ensured least pick-up of gases and also served to 
thoroughly mix the components. The melts were 
then poured at a constant superheat of 50°C into 
a cylindrical refractory mold, 2.5 in. by 2 in. diam., 
with tapered walls and a steel base plate. Unidi- 
rectional solidification was assured by impinging 
a stream of cold water onto the base plate. A 
thermocouple was centrally placed on the base plate 
to record the superheat and cooling rate. Fig. 3 
is a photomacrograph of a typical ingot (20 pct Zn) 
showing columnar dendritic growth. 

Each ingot was sawn in half, longitudinally, and the 


Fig. 4—Micro- 
structure of 40 pct 
Zn ingot. X600. 
Reduced approxi- 
mately 43 pct for 
reproduction. 
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Fig. 3—Macro- 
structure of 20 pct 
Zn ingot. XI. Re- 
duced approxi- 
mately 43 pet for 
reproduction. 


swarf collected for analysis. Segregation samples 
were milled, 0.040 in. thick, from the base of a half 
section of each ingot, and sections for metallographic 
examination were cut from the base of the remaining 
halves. 

The zinc content was determined by potentiometric 
titration using a platinum-tungsten electrode pair and 
standard potassium ferrocyanide solution. All de- 
terminations were run in triplicate and numerous 
control samples of varying zinc content were used 
to provide a check on the analyses. A statistical in- 
terpretation of the results gave a rms error of 
+0.15 wt pct Zn in each of the analyses; this is 
cumulative in the two analyses for the segregation 
result giving a rms error in each segregation de- 
termination of + 0.30 wt pct zinc. This somewhat 
large error in analysis results from the decrease 
in sensitivity of the titration that was found to occur 
when Zinc concentration is greater than 5 pct. The 
experimental results including the errors are given 
in Fig. 2 for comparison with theory. No corrections 
for exudations were required as metallographic ex- 
amination of the base sections indicated that they 
did not occur. Corrections for finite sample size are 
not included in the experimental points since they 
were not available. 

For metallographic examination a section taken 
from the base of each ingot was electrolytically 
polished and etched using perchloric acid in ethanol 
as electrolyte. The microstructure of the 40 pct Zn 
ingot is shown in Fig. 4. The weight percent of 
secondary transformed phases in the ingots contain- 
ing 20, 40, and 60 pct Zn was determined as a dif- 
ference from the amount of primary phase present 
in these ingots. To determine the amounts of 
primary phase present the areas of the cored pri- 
mary @ crystals were measured from several 
photomicrographs representing random sections to 
give an average value, and then converted to weight 
percent using weighted average densities estimated 
from the specific volume data. The combined 
amounts were measured because of the difficulty in 
differentiating between eutectic and eutectoid re- 
action products. A comparison of the combined 
amounts of eutectic and eutectoid phases in weight 
percent, as determined by the above method, with 
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the amounts calculated using Eqs. [4] of the segre- 
gation theory, is given in Table I. 


DISCUSSION 


The theoretical calculation of maximum segrega- 
tion for the aluminum-zinc system given in Fig. 2 
shows good quantitative agreement with the experi- 
mental determinations. Since no correction has been 
applied in the experimental points for the finite 
sample size (estimated maximum correction + 0.02 
pct) it would appear that the experimental values are 
somewhat high in the higher zinc alloys. However, 
the theoretical curve still lies within the limits of 
experimental accuracy. Thus it is concluded that the 
segregation mechanism in the aluminum-zine system 
is similar to that in the aluminum-copper system, 
i.é@., inverse segregation results from volume con- 
traction on solidification followed by flow-back of 
enriched liquid to the contraction volumes. The 
segregation results also tend to confirm the general 
accuracy of the equilibrium diagram for this system 
(Solidus and liquidus lines). 

The metallographic results of the castings, Fig. 4 
and Table I, seem, at first, to be somewhat anoma- 
lous in that there appears to be excess amounts of 
secondary phases present even in the low zinc alloys. 
This observation is based on the assumption that the 
eutectoid transformation of a’, containing 78 pct Zn, 
to secondary @ and § cannot be suppressed, as 
Ellwood“ has stated, and that under conditions of 
rapid solidification the diffusion-controlled process 
of a’ formation of 78 pct Zn is retarded, so that the 
portion of the cored crystals of less than 78 pct Zn 
cannot contain secondary phases. The presence of 
excess secondary phases in aluminum-zinc alloys 
was also discussed by Jaffe and Bever,® for which 
they made allowance when estimating the amount of 
nonequilibrium eutectic in their work on solidifica- 
tion of aluminum-zinc ingots. When the amounts of 
secondary phases observed and the amounts calcu- 
lated are compared, Table I shows that with the 
solidification rates used, all the cored solid con- 
taining approximately 40 pct Zn and above trans- 
forms eutectoidally. This agrees with the work of 
Ellwood’ who has stated that the transformation at 
275°C could not be suppressed when quenching 
samples containing more than 55 pct Zn. The higher 
content of zinc in the alloys successfully quenched 
by Ellwood is probably due to his higher quenching 
rates. 

The Hiscnepaedy between the amounts of secondary 
phases observed in the metallographs and the amounts 
obtained using the mass calculations (assuming only 
a’ containing 78 pct Zn transforms eutectoidally) 
could be explained as follows: 

It is improbable that there is sufficient time for a 
homogeneous @ phase to precipitate a’ crystals con- 
taining 78 pct Zn during freezing of the ingots be- 
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Table 1. Comparison of Observed and Calculated Amounts 
of Secondary Phases. 


Measured Eutectic + Calculated Eutectic + 


Alloy Eutectoid Phases Eutectoid Phases 
(Pct Zn) (Wt Pct + 10%) (Wt Pct) 
78 pet Zn* 40 pct Zn* 
20 12 6 11 
40 36 17 33 
60 62 36 67 


*Minimum zinc content of the cored solid which is assumed to undergo 
the eutectoid transformation, calculated using Eq. [4]. 


cause of the low solid-diffusion rate of zinc in alumi- 
num and the very high freezing rates of the chill 
castings. Rudman et al.® have shown, however, that 
at 400°C, a zinc atom in a single-phase Al-Zn alloy 
of 37 pct Zn has, on the average, 3.7 zinc nearest 
neighbors whereas, it would have only 2.4 like neigh- 
bors in a random solution. That is, even under equi- 
librium conditions clustering occurs in the @ phase. 
Therefore, it should be possible, with relatively little 
diffusion, to enrich the zinc-rich clusters normally 
present in the 40 pct Zn @ phase to 78 pct Zn. These 
clusters would then transform eutectoidally on cool- 
ing below 275°C to give the observed amounts of 
secondary phases. 


SUMMARY 


It has been shown that the theory of inverse segre- 
gation based on volume contraction and interdendritic 
flow quantitatively accounts for the magnitude of 
segregation at the chill face of aluminum-zinc ingots. 
The mass calculations in the theory can be used to 
determine approximately the percent solute concen- 
tration of the cored primary phase at which trans- 
formation occurs and so aid in the interpretation of 
the metallographic results. 
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A Mutual Solid Solubility Scale for Metals 


A scale based on existing data for the mutual solid solu- 
bilities of metals in binary systems has been compiled. This 
scale is useful for estimating the relative magnitude of two 


solubilities, provided that these two metals do not form a 


continuous series of solid solutions. 


In his classic work on the theory of metallic solid 
solutions, Hume- Rothery proposed that, other things 
being equal, a metal of lower valency should be re- 
garded as more likely to dissolve one of higher val- 
ency than vice versa. He called this the ‘‘relative 
Later he found that the application 
of this general principle was limited to the three 
univalent metals: copper, silver, and gold. In dealing 
with alloys of these metals with metals of higher 
valency, Hume- Rothery stated, it is usually found 
that the solid solution of the univalent metal is of the 
greater extent. The question of whether there is a 


valency effect’’. 


Table |. Comparisons of Mutual Solubilities of Two Metals 


Maximum Solid 
Solubility of 


Maximum Solid 
Solubility of 


A-B A in B, At. Pct B in A, At. Pct 
Na-Tl 28.0 in B Tl Tal 

Zn-Cd 5.0 

Ga-Ge probably small 
Ga-Hg ~ 0.4 very small 
Bi-Ge 

Ge-Sb 2.4 ; 0.02 
Hg-Sn | 

Sn-Mg 3.45 0.1-0.2 

Si-Al 1.59 very small 
Mg-Li 75.5 

Li-Ca ~ 3 oD 

Li-Tl 2 in B Tl probably small 
Li-Al probably small 
Ba-Pb ~ 0.8 very small 
In-Pb ~69 male, 

TI-Pb large Pb primary solution ~ 6.4 in B Tl 
Al-Be ~ 0.18 

Be-Mo 0.53 probably small 
Mn-Cr 71.4 14 in y Mn 
Cr-Cu 0.8 very small 
Re-W? ~37 ~20 

Re-Mo’® 43 15 

W-Fe 13 ina Fe 2.6 

Mo-Fe 26 in a Fe ~16.7 

Cu-Fe ~ 7.5 iny Fe 4.5 

Cu-Zr 5.3 in B Zr ~ 0.64 

V-Co 35.2 in y Co 22.4 

Cb-Ni 14 

Co-Ti 14.5 in B Ti > 8.7 

Pt-Ag 40.5 225 

Au-U 3.2iny U 0.6 

U-Pd 22.2 5.0 in y U 
U-Ag 0.05-0.2 probably small 
U-Th 16.6 in B Th* < 0.5 in B U® 
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systematic trend in comparing the relative magni- 
tude of mutual solubilities, if valency is not con- 
sidered a criterion, naturally arises. 

The present paper proposes a ‘‘mutual solid solu- 
bility’? scale on an empirical basis. The order of 
its arrangement is determined by the relative mag- 
nitude of mutual solid solubilities. Some applications 
of and inferences from this scale are given. 


ORIGIN AND SCOPE OF THE SCALE 


An extensive survey of over 400 binary phase 
diagrams shows that, with certain exceptions and 
within certain limitations, metals can be arranged 
in the following order: 


Na Zn Cd Ga Bi Ge Sb As Hg Sn Si Mg Li Ba 
In Tl Pb Al Ca Be Mn Cr Re W Mo Cu V Ta 
Fe Ru Cb Co Ti Hf Ni Os Zr Ir Pt Au U Rh 
Ce Pd Ag Th 


so that a metal higher on the scale tends to have a 
higher solubility ina metal lower on the scale than 
vice versa. Some experimental solubility data are 
given in Table I. These data, unless otherwise 
specified, are taken from Hansen and Anderko.°® 

Throughout this paper, the term ‘‘solubility of A 
in B”’ is taken to mean the maximum solid solubility 
of Ain B in atomic percent, while the maximum 
solid solubility of B in Ain atomic percent is called 
‘reciprocal solubility’’. 

The exceptions found in the above-mentioned sur- 
vey are: 


Al- Ag system, 20.34 at. pct Al in Ag, 23.8 Ag in Al; 

Mg-Pb system, 5.9 Mg in Pb, 7.75 Pb in Mg; 

As-Sn system, vanishingly small amount of As in Sn, 
a large As primary solid solution; 

Cd-Hg system, Cd in Hg < Hg in Cd; 

Mg-Tl system, 5(?) Mg in BTl, 15.4 Tl in Mg; 

W-Ti system, ~21 W in PTi, ~25 Ti in W; 

Zr-Ag system, probably small amount of Zr in Ag, 

20 Ag in BZr." 


Considering the large number of examples, the ex- 
ceptions are few. It is remarkable that metals may 
be so arranged without considering other factors 
such as size, crystal structure, electronic structure 
and so forth. 

A limitation to the use of the scale is the fact that 
it cannot be tested for two metals forming a continu- 
ous series of solid solutions. It is interesting to 
point out that when the continuous solid solutions 
have a miscibility gap the critical composition is 


? 
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Table Il. Mutual Solubilities of Thorium 


Maximum Solid 
Solubility of 
Alloying Element 


Maximum Solid 
Solubility of Th 
in Alloying 


Alloy in Th, At. Pct Element, At. Pct 
Hg-Th negligible («X0.04) «0.014 

Mg-Th small (~1.5) ~0.5 

Al-Th ~0.8 0.08-0.09; 0.24 
Cu-Th ? (<0.1) <0.03 

Ag-Th ? (<0.3) <0.14 

Au-Th ? («x0.1) <0.05 

W-Th <1 ? (x0.3) 
Cb-Th co) limited (<1) 
Ti-Th <0.5 «K0.5 (<0.2) 
Hf-Th ~17 ~3.5 in B Hf 


usually, but not always, closer to the side of the 
metal higher on the scale. Examples are: Cr-W, 
Cb-U, Cb-Zr, Cr-Ti, Zr-Th, Ni-Au, and Pt- Au 
alloys. Exceptions are: Zr-U and Ti-U alloys. 


APPLICATIONS OF THE SCALE 


The scale will be useful when conflicting values of 
the two solubility limits are reported in some sys- 
tems. For example, the mutual solubilities of Zn 
and In have been reported as 2.06 at. pct Zn in In 
and 0.17 In in Zn, and as 0.45 Zn in In, and 0.65 In in 
Zn. Based on this scale, the former set of values is 
probably closer to the true values. 

This scale will also be useful when one solubility 
limit is known but the other is very difficult to de- 
termine, such as the solubility of Ti in Bi. As a 
further example, the use of this scale may be illus- 
trated by terminal solutions of thorium. In Table II 
the mutual solubilities of thorium and the other 
elements are listed. The solubilities in brackets 
have been estimated. It is assumed that the ratio of 
the solubility in thorium to the reciprocal solubility 
is 2 to 3. The reason for this assumption is ex- 
plained below. 


The Hf-Ir system illustrates one, of which both 
solubilities are unknown at present. The solubility 
of Hf in Ir is probably greater than the reciprocal 
solubility. In this particular case, both solubilities 
will be limited due to unfavorable size effect. 


INFERENCES FROM THE SCALE 


When two metals are far apart on the scale, the 
ratio of the solubility of the metal higher on the 
scale in the metal lower on the scale to the re- 
ciprocal solubility is generally greater than 2. This 
holds true for Na-TI1 alloys (see Table I). As ad- 
ditional examples, the solubility of Zn in Mn, Cu, 
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Fe, Co, Ni, Pt, Au, Pd, or Ag is at least 18 at. pct, 
but the reciprocal solubility in Zn is at most 5 pct. 
Similarly the solubility of Al in Mn, Cr, W, Mo, Cu, 
V, Fe, Ti, Ni, Zr, Au, U, or Pd is at least 6 pct, 
but the reciprocal solubility in Al is at most 2.5 pct. 

In general, the farther two metals are apart on 
the scale, the more stable is the intermediate phase. 
As shown in Fig. 19 of Hume-Rothery’s paper,” the 
intermediate phases of the Al-Ni, Al-Ti, Al-Co, and 
Al- Fe systems have, on the average, higher melting 
points or higher extrapolated congruent melting 
points than those of Al-Cu, Al-Cr, and Al-Mn sys- 
tems. 

Again, in general, the farther two metals are apart 
on the scale, the more stable is the superlattice, if 
one forms. For example, the superlattices of AgPt,, 
CuPt,, CoPt,, and Ni;Pt become disordered in the 
temperature range of 580° to 750°C, but the super- 
lattices of Cr-Pt alloys and of MnPt; are stable to 
at least about 1000°C. 

Generally, the farther two metals are apart on 
the scale, the larger is the molar heat of formation 
of an intermediate phase. As shown in Table 5-5 of 
Wagner’s book,*° the Blitz rule is true in most cases. 
Blitz has formulated the following rule: in alloy sys- 
tems having a common constituent, the absolute value 
of the heats of formation of the intermediate phases 
increases with increasing ‘‘differences of nobility’’ 
of the alloying constituents. As a measure of nobil- 
ity, he used the electromotive series in aqueous so- 
lutions. It is seen that the mutual solid solubility 
scale could be used instead. : 

By and large, the thermal electromotive force of 
a metal at 200°C, relative to Pt at the reference 
junction of 0°C, could be correlated with the scale. 
Thus, Cu and Ir are positive relative to Pt, but Pd 
and Th are negative relative to Pt. 
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Observation of Slip, Twinning, and Cleavage in 


lron-Phosphorus Solid Solutions 


The deformation mechanisms of a iron-phosphorus alloys 
were compared at 20° and —196°C. Alloying with phosphorus in- 
creases the resistance to slip, but has little effect on the resist- 
ance to twinning. The stress for onset of twinning is nearly in- 
dependent of temperature, but there is an increasing tendency for 


cleavage along {112} twin boundaries with decreasing temperature 


and increasing phosphorus content. 


Five iron-phosphorus alloys and one high-purity 
iron (0.004 pct C, 0.004 pet N, 0.05 pct O) were 
vacuum melted and cast, then homogenized for 

6 hr at 1100°C and water-quenched. Single crys- 
tals were cleaved from the coarse grains produced 
in this manner. The hardness was measured* on 

*Dph and Bhn were measured at 20°C. At -196° C, Bhn was measured 
and converted to Dph. 
polished {100} surfaces of the crystals at 20° and 
—196°C. Laue back-reflection patterns indicated 
a deviation of not more than 3 deg from coincidence 
of the {100} plane with the surface. The deformation 
mechanisms were studied by relief effects on the 
polished surfaces. Yield points in compression 
(0.5 pet offset) were measured with polycrystalline 
material. 

At 20°C the addition of phosphorus to a iron leads 
to a change from slip to twinning as the main defor- 
mation mechanism, Figs. 1(@), (|). Between 2 and 4 
at. pct P slip and twinning occur simultaneously. 

In alloys with more than 4 at. pct P twinning is the 
main deformation mechanism and slip was observed 
only in the neighborhood of twin intersections. All 
cracks at 20°C were on {100} planes, some initiated 
by twins.* 

From measurements made at —196°C, hardness 
and yield points of all the alloys were nearly con- 
stant and the same as the hardness of high phos- 
phorus alloys that deformed by twinning at 20°C, 
Figs. 2 and 3. 

In the high-purity iron, plastic deformation at 
—196°C occurred by both slip and twinning, but 
deformation in the iron-phosphorus alloys appeared 
to be entirely by twinning. In the high phosphorus 
alloys a large number of cracks formed along the 
{112} twin boundaries and at intersections of twins, 
in addition to the {100} cleavage, Fig. 1(c). 


DISCUSSION 


In a iron, plastic deformation can occur either by 
Slip or by twinning, depending upon composition, 
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Fig. 1(a2)—Fe—1 At. 
pet P. Surface re- 
lief. Deformation 
at 20°C by slip. 
X500. Reduced ap- 
proximately 10 pet 
for reproduction. 


Fig. 1(b)—Fe—1 At. 


pet P. Surface re- 


lief. Deformation a 


at —196°C by twin- 
ning. X500. Re- 


duced approximate- 
ly 10 pet for repro- 


duction. 


Fig. 1(c)—Fe—3.3 
At. pet P. Picral 
etch. X500. De- 
formation at —196° 
C, twinning + (100) 
and (112) cleavage. 


E. Hornbogen 
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HARDNESS AT 20C 

HARDNESS AT -I196C 

PLASTIC DEFORMATION STARTS BY SLIP 
PLASTIC DEFORMATION STARTS BY TWINNING = 


HARDNESS ON THE (100) PLANE (DPH) 
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Fig. 2—Hardness of iron-phosphorus alloys, quenched 
from 1100° C, measured at 20°C and —196°C. 


temperature and the rate of application of load. The 
yield strength of an a iron crystal of a given orien- 
tation is determined by the deformation mechanism 
requiring the lowest critical resolved shear stress. 
Although the concept of a critical shear stress for 
twinning has not been proven, it is a reasonable as- 
sumption. The different dependence of slip and 
twinning on temperature and concentration of alloy- 
ing elements seems to be in agreement with the 
recent theories of these processes” and with other 
experimental results.* 

Fig. 3 is a schematic diagram of the relationship 
of slip and twinning in a iron-phosphorus solid solu- 
tions at two temperatures. An alloy X, deforms by 
twinning at both temperatures T, and T>, but the dif- 
ference between the critical resolved stress for slip 
and twinning is small at 7, (Ao) and large at T,(Ao,). 
At temperature 7; the stress caused by twinning can 
be reduced by local slip. At temperature T, slip is 
difficult and such stresses are reduced by cleavage. 

The {100} cleavage seemed to be nucleated by slip, 
and insome cases the slip may be caused by stresses 
associated with twinning. The {112} cleavage occurs 
without exception at twin boundaries, where the {112} 
layers are expected to show the highest degree of 
stacking disorder. This kind of cleavage is initiated 
directly by twinning without slip since the critical 
resolved shear stress for slip is not attained. The 
occurrence of {112} cleavage can perhaps be under- 
stood qualitatively on the basis that the rather low 
surface energy of the {112} planes, the weakening 
effect of the stacking disorder, and the high stresses 
on these planes favor atomic separation and there- 
fore crack formation. 
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Fig. 3—Yield points of iron-phosphorus solid solutions 
at 20°C and —196°C, and a schematic diagram of the re- 
lationship of slip and twinning at the two temperatures. 


Cleavage along {112} in body-centered cubic 
metals has been reported in chromium’, iron-sili- 
con®”, iron®’® and molybdenum.® In tantalum, cleav- 
age is chiefly on {100} planes.” In chromium, a very 
minor amount of cleavage occurs on {111} planes.° 
No cleavage cracks could be detected in the iron- 
phosphorus solid solutions along {110} or {111} 
planes. 
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The Gamma to Epsilon Transformation in 


to 70 Wt Pct U Alloys 


Zr 20 


The y-to-e transformation has been studied in zirconium 
alloys containing 22 to 70 wt pet U. In this range of compositions 
the Y phase can be retained by quenching. Transformation to € 
occurs by a nucleation-and-growth process. The diffusion of 
atoms to preferred lattice sites to yield a partially ordered struc- 
ture apparently controls the rate of reaction. Alpha uranium and 
a zirconium precipitate from the supersaturated € phase initially 


formed in alloys outside the equilibrium € phase composition 


limits. 


ZZIRCONIUM- Uranium alloys have long been of in- 
terest for reactor-fuel applications because of the 
low thermal-neutron cross section of zirconium. 
Considerable information is available on the various 
properties and behavior of these alloys’ although 
there had been a number of areas where information 
was incomplete. As part of a program to provide 
more detailed knowledge in these areas, the pres- 
ently reported investigation was undertaken. 

The constitutional diagram of the zirconium-ura- 
nium system is shown in Fig. 1.” The system is 
distinguished by a region of complete solid solubility 
between the body-centered cubic #-zirconium and y 
uranium phases and the existence of an intermediate 
phase in the vicinity of 50 wt pct U. This intermedi- 
ate phase, designated as ¢, is reported * to have a 
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Fig. 1—Zirconium-uranium constitutional diagram. 
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primitive hexagonal structure with a = 5.03 and 

c = 3.08A. The structure is partially ordered with 
zirconium atoms at the 0, 0, 0 position and zirconium 
and uranium atoms located randomly at the 1/3, 2/3, 
1/2, and 2/3, 1/3, 1/2 positions. While the e€ phase 
may be nominally designated as of UZr,2 stoichio- 
metry, the random distribution of uranium and zir- 
conium atoms permit aconsiderable range in com- 
position. 

Of interest in the research performed were alloys 
in the range from 20 wt pct (10 at. pct) to 70 wt pct 
(47 at. pct) U. In this range of compositions the 
body-centered-cubic y phase can be retained either 
completely or partially on quenching. The nature and 
kinetics of transformation of the y phase were the 
subject of study. 

Proceeding concurrently with the presently re- 
ported work was an investigation by Kearns* which 
has since been reported. Kearns studied alloys con- 
taining 50 to 60 wt pct U prepared from sponge 
zirconium. While the work reported here is for 
alloys prepared from crystal-bar zirconium and 
the techniques of study are to some extent dissimilar 
to those employed by Kearns, general agreement so 
far as results and interpretation can be reported. 

Experimental Techniques— Alloys were prepared 
and the transformation of the y phase studied during 
interrupted-quench and quench-and-temper isother- 
mal heat treatments by means of hardness measure- 
ments and X-ray diffraction and metallographic tech- 
niques. The isothermal transformation of the y 
phase on quenching and tempering was investigated 
further employing dynamic-modulus measurements. 
Electrical resistivity and limited Hall coefficient 
measurements were also obtained as part of the 
study. 

Alloy Preparation and Heat Treatment— Alloys 
containing 15, 20, 22, 30, 40, 45, 50, 55, 60, and 70 
wt pet U were prepared from as-reduced uranium 
and crystal-bar zirconium. The alloys were double 
arc melted by consumable-electrode arc-melting 
techniques. The final ingots were forged and rolled 
at temperatures between 790° and 840°C to 1/4-in. 
rod and 1/8-in. sheet. 

Chemical analyses of the fabricated alloys were 
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all within 1 wt pct of the intended compositions. 
Nitrogen analyses ran between 30 and 70 ppm and 
oxygen contents were between 250 and 300 ppm. 

Wire specimens of the 22, 50, and 60 wt pct alloys 
were prepared by cold swaging. The 50 and 60 wt 
pet alloys were quenched from 800°C for cold re- 
duction; the 22 wt pct alloy was annealed at 680°C, 
furnace cooled, and then alternately cold swaged 
and annealed at 540°C. Wire of 60 to 80 mil diam 
was produced in this manner. Attempts to cold 
swage 40 and 70 wt pct U alloys were unsuccessful 
due to lower ductility of these alloys in all con- 
ditions of heat treatment as compared with the 22, 
00, and 60 wt pct U alloys. 

Specimens containing 22 through 70 wt pct U were 
y solution treated and were then isothermally trans- 
formed at temperatures ranging from 100° to 600°C 
by interrupted-quench or quench-and-temper heat 
treatments. Gamma solution treatments were 1/2 hr 
at 900°C for the 22 and 30 wt pct U specimens, and 
1 hr at 800°C for the 40 through 70 wt pct U alloy 
specimens. 

Specimens for hardness, metallographic, and 
X-ray studies were heat treated in lead or Woods’ 

Metal baths and were bare 1/4-in. diam specimens 
1/4 in. long or 1/8-in. sheet specimens 1/4 by 1/2 
in. in size. Transfer of specimens between baths 
was accomplished manually with an estimated time 
of transfer of 1 sec or less. After the transforma- 
tion treatments all specimens were water quenched. 

Specimens containing 15, 20, and 22 wt pct U were 
solution treated similarly and then were brine 
quenched for X-ray and metallographic examination. 

Subsequent metallographic examination indicated 
a Slight surface contamination which could be re- 
moved by abrasive action or by pickling. 

Wire specimens for dynamic modulus and electri- 
cal resistivity measurements were heat treated in 
evacuated Vycor tubes. The tubes were broken on 
quenching into water in order to retain the y phase 
after solution treatment. For subsequent transfor- 
mation heat treatments the specimens were resealed 
in evacuated Vycor capsules after first pickling 
lightly to remove surface contamination. For dy- 
namic modulus measurements the 50 wt pct alloy 
specimens were heat treated for 6 min, 1 hr, and 
16 hr at temperatures from 100° to 550°C while the 
22 and 60 wt pct alloy specimens were heated for 
1 hr only. Measurements on a dummy Vycor capsule 
containing a thermocouple showed that 3 min was 
required for the specimens to reach temperature. 
Consequently, in later sections of this paper the 
times of the shorter heat treatments are given as 
3 and 57 min. 
~ Metallographic, Hardness, and X-ray Studies— 
Specimens were mounted in bakelite, were ground 
wet through 600 - grit paper, and were then polished 
on Forstmanns’ cloth using either Linde A, diamond, 
or stannic oxide abrasive. A wide variety of etchants 
were employed in attempts to study the microstruc- 
tural characteristics of the y-to-e decomposition. 
The most satisfactory results were obtained with a 
solution consisting of 30 cm® nitric acid, 30 cm*® 
lactic acid, and 5 to 10 drops of hydrofluoric acid. 


Metallographic studies were limited in extent due 
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to a general inability to differentiate, by means of 
chemical etchants, between y and e in partially 
transformed specimens. As a result, metallographic 
techniques were employed primarily in studying the 
rate of precipitation of the a@-zirconium and a-ura- 
nium phases from solution. 

Vicker’s hardness measurements were made on 
the polished and etched metallographic surfaces 
employing a 10-kg load. 

X-ray diffraction examination of specimens was 
also accomplished on metallographically prepared 
surfaces in a G. E. Spectrometer employing filtered 
CuKa radiation. Alloys of 15, 20, 22, 50, and 70 wt 
pct U were studied in this manner. 

Dynamic Modulus Measurements— Dynamic 
modulus measurements of wire specimens were ob- 
tained in a simple torsional-pendulum type appara- 
tus. The specimen served as the elastic member of 
the pendulum and was supported from above by a 
rigid grip. An inertia member was supported by a 
second grip at the bottom of the specimen. The fre- 
quency of oscillation was measured by means of a 
signal generator. 

For the present application data were obtained 
and recorded in terms of the squared frequency 
which is proportional to the shear modulus. Since 
the specimen dimensions were not as uniform as 
desired and since the change on transformation was 
of primary interest it was found possible to elimin- 
ate the effect of dimensions by measuring frequency 
of oscillation of the y quenched specimen, trans- 
forming the specimen by heat treatment, and then 
remeasuring the frequency. 

Specimens for these measurements were approxi- 
mately 9 in. long and 60 ml in diam. 

Electrical-Resistivity and Hall- Coefficient Meas- 
urements—Electrical-resistance and -resistivity 
measurements were made on wire specimens of the 
50 wt pet U alloy employing the voltage-drop method. 
When the specimens were heated above 150°C, they 
were heated in a vacuum furnace under a pressure of 
5X 10°° mm Hg. Other measurements were made 
either in liquid nitrogen or in an oil bath. 

Hall- coefficient measurements were made on 
specimens of 10-mil thickness, 1/4 in. width, and 
2 in. length employing a magnetic field of 14.4 
kilogauss. The applied current and the voltage in- 
duced across the specimen were measured potentio- 
metrically. Electrical resistivity measurements 
were also obtained potentiometrically on these speci- 
mens. The measurements are not as precise as 
those obtained employing wire specimens since the 
dimensions of the sheet were neither as uniform 
nor measured as precisely as the wire dimensions. 


EXPERIMENTAL RESULTS AND DISCUSSION 


In alloys containing 22 to 70 wt pct U, the Y phase 
can be retained by quenching from elevated tempera- 
tures. Furthermore, the initial decomposition of 
y in this range results in the formation of an € 
structure, which in the case of all alloys studied, 
with the exception of the 45, 50, and 55 wt pct U 
alloys, is supersaturated either in zirconium or 
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uranium with respect to the equilibrium € -phase 
composition. 

The studies described were designed primarily 
to obtain a description and understanding of the y- 
to-e decomposition. As a result, a major portion 
of the investigation was devoted to the 50 wt pet U 
alloy where the y-to-¢ decomposition is uncom- 
plicated by the precipitation of either a-zirconium 
or qa-uranium. 

In determining the high-zirconium range in which 
y could be retained by quenching, alloys containing 
15, 20, and 22 wt pct U were both water and brine 
quenched from 900°C. Only in the 22 wt pct alloy 
was y retained as determined by X-ray and metal- 
lographic examination. There was evidence of strain 
on the (110) plane of the retained- y phase which is 
believed to be caused by the formation of coherent 
nuclei of a zirconium, and as such is a preprecip- 
itation phenomena. Metallographically the quenched 
22 wt pet alloy exhibited a retained y structure as 
opposed to a supersaturated ¢ structure in which 
subgrains show a marked polarization while the re- 
tained y grains do not polarize. 


The 15 wt pct U alloy when quenched from 900°C 
had transformed martensitically. The X-ray pattern 
was that of a strained a-zirconium lattice, and 
metallographically the structure appeared marten- 
Sitic. 

In the 20 wt pct alloy, on the other hand, a zir- 
conium and € were found to be present in specimens 
quenched from 900°C. 

Since the y phase could not be retained in a 20 wt 
pet alloy and since the results obtained with such an 
alloy would be highly dependent on slight variations 
in quenching rates, studies were restricted to alloys 
containing a minimum of 22 wt pct U. 

X-ray Diffraction Results— The transformation 
from y to € results in the formation of a partially 
ordered structure with hexagonal symmetry. The 
transformation was studied by X-ray diffraction 
techniques in samples transformed at 200°, 300°, 
400°, 500°, and 575°C. 

The diffraction lines common to both the y and ¢€ 
phases were found to remain essentially constant 
in intensity although they showed a slight shift in 
position due to the transformation. The additional 
lines associated with the hexagonal symmetry of the 
partially ordered e particles appeared early during 
the transformation and increased in intensity as the 
transformation proceeded. The intensity of these 
reflections is dependent upon the degree of order 
exhibited by the e structure. As such, the hexagonal 
lines can be considered as Superlattice lines re- 
sulting from ordering of the y phase. 

The nucleation and diffusion-controlled nature of 
the y7-to-e transformation was evident from inten- 
sity and line-breadth measurements obtained on 
y-quenched 50 wt pct U specimens reheated to 200° 
and 300°C. At both temperatures nucleation was ob- 
served to occur quite rapidly as evidenced by the 
appearance, within 5 sec, of a diffuse tail to the 
(220) y reflection which was identifiable with time 
as the (301) hexagonal reflection. Changes in breadth 
and intensity of the (301) reflection indicated in- 
creased grewth of the € phase particles with time 
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although the intensity of the e reflection increases 
at a faster rate than particle size as indicated by 
breadth measurements. After 500 sec at 200°C 

it was estimated that the epsilon particles had grown 
to 30A and after 10,000 sec to about 100A. At 300°C 
less than 30 sec were required for the € particle 
size to exceed 100A. At 400°C and higher these 
changes occurred too rapidly to permit measure- 
ment of changes in breadth and intensity of the € re- 
flections. 

Line-breadth measurements indicate that € par- 
ticles form as partially ordered domains. Thus, the 
y lines show essentially no change in breadth, only 
the hexagonal lines attributable to ordering showing 
evidence of particle growth. This suggests domain 
growth or the growth of ordered particles rather than 
the growth of particles of a discrete new phase. 

The exact sequence of structural change during 
transformation could involve ordering of the cubic 
y phase followed by a cooperative shift of atoms in 
the (111) direction to yield hexagonal symmetry, 
the shift occurring to accommodate lattice strains 
resulting from ordering. It is also possible that the 
cubic-to-hexagonal structural change precedes the 
ordering reaction or even that the ordering reaction 
is a continuous process. However, whichever occurs 
it seems clear that it is the diffusion of atoms to 
preferred lattice sites which is rate controlling. 
Since only short diffusion distances are involved, the 
transformation proceeds fairly rapidly. 

The transformation of 22, 50, and 70 wt pct U al- 
loys was studied in specimens which were trans- 
formed by interrupted quenching at 575°C. The sam- 
ples receiving zero time at 575°C showed only y with 
the exception of the 22 wt pct alloy which showed a 
trace of € as evidenced by very weak and diffuse 
e reflections. The lattice constants of the Y phase 
were 3.580, 3.558, and 3.533A for the 22, 50, and 70 
wt pet alloys, respectively. 

In both the 22 and 70 wt pct specimens there was 
evidence of strain in the cubic (110) reflection which 
was apparently associated with nucleation of the re- 
spective a-zirconium and a@-uranium phases pre- 
ceding their actual precipitation. In both alloys, a 
was detected as a separate phase after 100 sec at 
575°C. Less than 100 sec are required for the e 
reflections to be well developed at this temperature. 
At 500°C the e€ reflections developed more rapidly 
indicating a faster rate of transformation at 500° 
than at 575°C during interrupted quenching. 

An analysis of the shift in interplanar spacings with 
time at 575°C was also made. These are shown in 
Fig. 2 for the hexagonal (301) and (111) and cubic 
(220) reflections, respectively. Only the (220) reflec- 
tion (1.26A spacing) is common to both the retained- 
y ande phases. The shift in spacings is such that 
the 22 and 70 wt pct alloy spacings are approaching 
those of the 50 wt pct U alloys. These shifts are in- 
terpreted in terms of a-zirconium and a-uranium 
rejection from a supersaturated € phase in the 22 
and 70 wt pet U alloys, the e€ phase approaching the 
50 wt pct alloy composition: 

Dynamic Modulus Measurements— The transfor- 
mation of y to € was found to be accompanied by a 
marked increase in modulus. Consequently, dynamic 
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Fig. 2—Shift of €-phase interplanar spacings during iso- 
thermal transformation at 575°C. 


modulus measurements were obtained as a means 
of determining the kinetics of transformation in the 
90 wt pct U alloy. In analyzing the data it was as- 
sumed that the change in modulus—based on the 
modulii of retained y and fully transformed e—was 
proportional to the amount of transformation which 
had occurred. Such an assumption is valid for a 
linear system of two components in series and, 
barring complications such as plastic deformation 
of one of the components or marked anisotropy of 
the modulii, it should be valid for a more complex 
system such as a polycrystalline metal or a metal 
transforming to a product with a different modulus. 

Data for the 50 wt pct U alloy are shown in Fig. 3. 
The transformation is found to follow the following 
empirical error-function equation: 


31,800 t 
N=1/2 erf 0.118 RT —In 
where N = fraction of y transformed 

R = universal gas constant 

T = temperature, degree Kelvin 

T = exp (—23.64) sec 

ft = time in sec. 

It is evident from these data that a single mechan- 
ism is operative over the temperature range investi- 
gated. The indicated activation energy for the proc- 
ess, 31, 800 cal per mole agrees well with the re- 
ported activation energy for diffusion in the y phase 
at this composition, ° suggesting that the process is 
diffusion controlled. 

Attempts to analyze data for the 22 and 60 wt pct U 
alloys were unsuccessful. In the 22 wt pct alloy y 


retention is incomplete on quenching and consequently 


the complete transformation cannot be followed. 
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Fig. 3—Percent of y transformed to € as determined from 
dynamic modulus measurements. 


Changes in modulus for the 60 wt pct alloy were 
similar to those recorded for the 50 wt pct alloy. 
However, transformation of the 60 wt pct alloy is 
complicated by @ uranium precipitation after y 
decomposition is complete and this particular analy- 
sis can only be applied to the y decomposition, 

Hardness Changes— The transformation of re- 
tained y to € is accompanied by an increase in 
hardness. An increase in hardness is to be ex- 
pected as a result of the structural change from 
body-centered-cubic to hexagonal symmetry with 
the consequent reduction in the number of opera- 
tive slip systems. However, transformation to e¢ 
results in a marked intermediate hardness peak. 
It appears that this peak is primarily a product 
of the fine € particle size, and that softening ac- 
companies the coalescence of the ¢€ particles. 
While lattice strain resulting from the volume 
contraction accompanying transformation may 
play a small part in the aging behavior observed 
the principal role must be attributed to particle 
size. No evidence of diffuseness in X-ray patterns 
attributable to strain has been observed. 

Hardness changes accompanying the transforma- 
tion from y toe in the 50 wt pct U alloy are shown 
in Fig. 4. Comparison with dynamic modulus data 
shows that maximum hardness corresponds to 85 
to 90 pct transformation. 

The isothermal time dependence of the hardness 
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Fig. 4—Hardness changes accompanying transformation of 
Zr-50 wt pct U alloy at 200°, 400°, and 500°C. 


changes is typical of nucleation-and-growth type 
transformations. It will be noted that at tempera- 
tures of 400°C and below, specimens transformed 
by interrupted-quenching techniques show greater 
rates of hardness change than do specimens first 
quenched and then reheated to the temperature of 
transformation. The reverse is true at 500°C. This 
behavior is incompletely understood but apparently 
at some temperature between 400° and 500°C the 
transformation rate is a maximum. During trans- 
formation by interrupted-quenching, passage through 
this critical region is slow compared with that for 
specimens water-quenched to room temperature. 
Consequently transformation is initiated during this 
passage, and is completed more rapidly than for the 
initially quenched specimens. However, for speci- 
mens transformed at 500°C and above it is the pas- 
sage through this same region on reheating which 
accelerates the transformation. 

The higher hardnesses achieved by quenching 
and reheating to 500°C as compared with those 
achieved by interrupted quenching to 500°C are a 
result of the finer € grain size produced by the 
former treatment. Apparently the number of 
nuclei activated by this treatment are greater than 
for the latter treatment. 

Interrupted quenching resulted in similar harden- 
ing curves for alloys containing 40 to 60 wt pct U, 
although there is some variation in the reference y- 
quenched hardness with composition. 

The hardness changes for 22, 30, and 70 wt pct 
alloys resulting from interrupted-quench treat- 
ments were notably different from those for the 40 
to 60 wt pct alloys. Hardness changes accompanying 
transformation of the 22 and 70 wt pct alloys are 
shown in Fig. 5. The 30 wt pct U alloys behaved 
in a manner Similar to the 22 wt pct alloy. 

The 70 U alloy is seen to experience two aging 
peaks. The first aging peak, which is similar to that 
observed for the 50 wt pct U alloy, results from the 
y-to-e transformation. The second peak is oc- 
casioned by the precipitation of a uranium from the 
supersaturated € phase produced initially. 

The 22 wt pct alloy on the other hand shows maxi- 
mum hardness on quenching as a result of the initia- 
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tion of the y-to-e transformation. Subsequent pre- 
cipitation of a zirconium may account for minor 
hardness increases noted but is not associated with 
any marked aging peak such as is observed for the 
70 wt pct alloy. 

Hardness changes accompanying transformation of 
specimens reheated after water quenching are shown 
in Fig. 6. The 30 wt pct U alloy when heat treated in 
this manner exhibited the same type of hardness 
changes as shown for 40 wt pct alloy which are simi- 
lar to those of the 45, 50, 55, and 60 wt pct alloys. 

The 22 wt pct alloy when transformed at 450°C 
exhibits a slight aging peak indicating that maximum 
hardness had not been obtained on quenching, al- 
though at the higher transformation temperatures 
only overaging is observed. The hardness plateau 
shown by the 22 wt pct alloy on aging is believed to 
be caused by lattice strain associated with prepre- 
cipitation of the a zirconium phase. 

The 70 wt pct alloy behaves in a manner similar to 
that shown for the 40 wt pct U alloy with the excep- 
tion that in the 70 wt pct alloy a second aging peak, 
associated with a uranium precipitation, appears. 

It will be noted that the aging peak associated with 
the precipitation of a uranium occurs earlier at 
500°C during interrupted-quenching transformation 
treatment, Fig. 5, than during transformation of 
quenched and reheated specimens, Fig. 6. Metal- 
lographic examination substantiated the fact that a 
rejection occurs more slowly in specimens sub- 
jected to the latter treatment. Apparently nucleation 
of the a phase is initiated during the initial quench 
through the @ uranium-plus -y region. The slower 
quench through this region during the interrupted- 
quench treatment results in more rapid precipita- 
tion of the a phase than occurs in specimens which 
are water quenched initially. This same dependence 
on the method of transformation heat treatment is 
observed for the rejection of @ zirconium in high- 
zirconium alloys. 

The similarity in aging behavior indicates that the 
mechanism of the y-to-e transformation is similar 
throughout the range 22 to 70 wt pct U. Greater 
lattice strains associated with ordering may be re- 
sponsible for accelerated rates of transformation in 
nonequilibrium €-phase alloy compositions. 

Metallography— Chemical etchants were not found 
to provide a satisfactory technique for studying the 
y-to-e decomposition. The difficulty apparently lay 
in the inability to differentiate between the two 
phases at intermediate degrees of transformation; it 
was possible to identify both phases when they ap- 
peared alone. In addition, transformation at tem- 
peratures below 500°C apparently resulted in the 
production of such small € grain sizes that micro- 
scopic resolution of the individual grains was im- 
possible. 

In the range from 22 to 70 wt pct U, all alloys ex- 
hibited large-grained y structures when y quenched. 
The transformed € structure produced by heat treat- 
ment at 500°C or above was found to consist of 
grains or domains within the prior y grain outlines. 

The €-phase structure developed in the 22 wt pct 
alloy is shown in Figs. 7(a), (6), (c), and @). Small 
amounts of a zirconium produced during the initial y 
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Fig. 6—Hardness changes accompanying transformation of 
water-quenched Zr-22, —40, and —70 wt pct U alloys. 


quench also appear in the microstructure. The e€ 
phase was found to polarize markedly in this alloy. 
However, when y quenched no polarization was ob- 
servable despite the detection of partial e formation 
by X-ray examination. 

The degree of ¢-phase polarization decreased with 
increasing uranium content which may be indicative 
of a higher degree of €-phase anisotropy in the 
higher zirconium alloys. The ability to sharply 
delineate the € grains by etching also diminished 
with increasing uranium content. 

In Fig. 7(€) € grains of the 70 wt pct U alloy are 
shown within the prior y grains. The ¢€ grains are 
outlined by precipitated a uranium. While a uranium 
precipitates along crystallographic planes of the y 
phase at elevated temperatures, the energy for pre- 
cipitation at boundaries between €-phase particles 
once € has formed apparently is lower than for pre- 
cipitation along crystallographic planes. 

Evidence for growth of the € grains is shown in 
Fig. 7(a) and (0) and in 7(c) and (). Between 10 and 
1000 sec at 500°C an increase in grain diameter of 
approximately 3 times occurred. 
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Metallographic studies were also made to de- 
termine the times required for initial precipitation 
of w zirconium and @ uranium from the respec- 
tive supersaturated € phases. The remarks below 
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Fig. 8—Electrical resistivity of retained y and € as a func- 
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200 


apply to observations made on specimens which 
were y quenched and then reheated to produce 
transformation. Precipitation of the a phases oc- 
curred more rapidly in specimens transformed by 
interrupted quenching as a result of nucleation of 
these phases during the quench to the temperature 
of transformation. 

At 450°C no evidence of precipitation of the a 
phases was observed in specimens held for periods 
of up to 100,000 sec. In the 70 wt pct alloy, a ura- 
nium had precipitated after 10,000 sec at 500°C 
while 100,000 sec were required before a zirconium 
was observed in the 22 and 30 wt pct alloys. At 
550°C, these times reduced to 1000 and 10,000 sec 
for the 70 wt pet and 22 and 30 wt pct alloys, re- 
spectively. For the 40 and 60 wt pct U alloys 100,000 
sec at 600°C was required before noticeable amounts 
of the a phases appeared. 

Thus the time required for observable precipita- 
tion to occur increases with decreasing temperature 
and with decreasing supersaturation of the € phase. 
Also, precipitation of uranium from the uranium 
supersaturated phase appears to occur more rapidly 
than does precipitation of zirconium from an alloy 
of equivalent zirconium supersaturation. 

Electrical Resistivity and Hall Coefficient Meas- 
urements — The electrical resistivities of the y and 
€ phase, from —196° to 150°C, for a 50 wt pct U alloy 
are shown plotted in Fig. 8. 

A marked increase in resistivity is seen to ac- 
company the transformation of y to e. Furthermore 
it will be noted that transformation of the retained y 
phase becomes noticeable on heating above 75°C in 
terms of an increase in resistance. As a result of 
heating to 150°C, the resistivity as measured after 
subsequently cooling to 50°C had increased by 5 pct; 
the resistivity increase accompanying complete 
transformation is on the order of 33 pct. 

Additional evidence for the transformation of re- 
tained y at low temperatures was obtained from a 
50 wt pct U specimen which was quenched to retain 
the y phase and which was then aged at room tem- 
perature. After one month a resistivity increase of 
1.5 pct was recorded. 

It will be noted that only a slight increase in re- 
sistivity accompanies the increase in aging time at 
500°C from 20 sec to 24 hr. Assuming that resistiv- 
ity provides a measure of the degree of transforma- 
tion, it is evident that after 20 sec at 500°C trans- 
formation is essentially complete. 
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Fig. 9—Variation in Hall coefficient and resistivity as a 
function of temperature in the Zr-50 wt pct uranium €- 
phase alloy. 


The sharp increase in resistivity accompanying 
the formation of ¢€ is not consistent with the postu- 
lated description of the y-to-e transformation as 
an ordering reaction. Ordering, in the absence of 
a structural change, is normally accompanied by a 
decrease in resistivity as a result of the increased 
mobility of current carriers in the periodic field 
of an ordered crystal lattice. Similarly, a negative 
temperature coefficient of resistivity as deter- 
mined for the € phase is not normally exhibited by a 
stable phase. Decreasing temperature and attendant 
decreased lattice vibrations result in increased cur- 
rent carrier mobility which should lead to decreased 
resistance. 

Consequently, in an attempt to explain this an- 
omalous behavior, limited Hall coefficient measure- 
ments were made to obtain a measure of the change 
in current carrier concentration with temperature 
and with transformation. 

The first specimen was annealed 1/2 hr at 700°C 
and water quenched and Hall coefficient and resis- 
tivity measurements were obtained. The specimen 
was then annealed for 6 hr at 100°C and the meas- 
urements duplicated. Both the Hall coefficient and 
the resistivity were found to increase as a result of 
the 6 hr anneal at 100°C which is sufficient to pro- 
duce partial decomposition of the retained y phase. 
The Hall coefficient increased from 5.5 X 107° to 
6.510 ° cm®* per coulomb while resistivity in- 
creased from 141 to 144 microhm-cm. No change in 
sign of the Hall coefficient is observed. 

If it is assumed that the Hall coefficient provides 
a measure of the current carrier concentration, the 
coefficient being inversely proportional to this con- 
centration, then the 18 pct increase in the Hall co- 
efficient corresponds to an equivalent decrease in 
current carrier concentration. However, the con- 
comitant resistivity increase amounts to léss than 
3 pet. The conclusion drawn is that while current 
carrier mobility is increasing as transformation to 
€ proceeds, which it should, if the transformation is 
an ordering process, the proportionately larger de- 
crease in current carrier concentration is respon- 
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Fig. 10—Electrical-resistance change with temperature 
of Zr-50 wt pet U specimens initially quenched from 500°C. 


sible for the resistivity increase observed. 

Similar conclusions may be drawn from the data 
recorded in Fig. 9. The specimen from which these 
data were obtained was furnace cooled from 700°C 
to produce € after which measurements were made 
between 25° and 80°C. As temperature decreases, 
both the Hall coefficient and resistivity increase. 
Again the derived percentage decrease in charge 
carrier concentration is greater than the percent- 
age increase in resistivity with decreasing tempera- 
ture over the same temperature interval. Conse- 
quently, an increase in charge carrier mobility with 
decreasing temperature is indicated. 

Additional measurements of resistance of the 50 
wt pct U e-phase alloy as a function of temperature 
were obtained. Results are shown in Fig. 10 for two 
specimens which were annealed 1 hr at 800°C, water 
quenched, and then were transformed at 500°C for 
200 hr and water quenched. On heating these speci- 
mens, a break occurs in the resistance curve be- 
tween 250° and 300°C. However, on subsequent slow 
cooling either from 500°C in the e-phase region or 
from 625°C in the y-phase region this break in the 
curve is not reproduced. Furthermore, the break in 
the curve is not reproduced during subsequent heat- 
ing or cooling cycles. The same effect was observed 
for specimens annealed 1 hr at 500°C and quenched 
indicating that the time at 500°C is not responsible 
for the break observed. 

Evidently, on quenching from 500°C, a structure is 
quenched in which is different from that produced on 
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slower cooling. It will be noted that the quenched-in 
structure has a lower resistance associated with it 
than with the structure produced on slow cooling. 
Since order in this alloy is associated with a high 
resistance, this may indicate additional ordering 
proceeding as the temperature is lowered slowly, a 
lower degree of order being produced by quenching. 
Additional hypotheses might be advanced to explain 
this behavior; however, at this time no definite con- 
clusion can be drawn. 

The resistance changes described above are not 
the only evidence for a change in the e-phase struc- 
ture at low temperatures. In previous studies® of the 
50 wt pet U alloy, high-temperature X-ray lattice- 
parameter measurements were obtained during cool- 
ing of the alloy. A change in rate of contraction on 
cooling, the rate decreasing at lower temperatures, 
occurred in the vicinity of 300°C. Furthermore, on 
cooling below this temperature the X-ray diffraction 
patterns showed diffuse back-reflection lines. This 
diffuseness could result from incomplete reaction. 


SUMMARY 


The y phase can be completely or partially re- 
tained by water quenching in alloys containing 22 to 
70 wt pet U. The retained y phase transforms 
isothermally to €, the intermediate phase in the 
zirconium-uranium system. In alloys outside the 
equilibrium-e€ composition range, the € initially 


formed is supersaturated with uranium or zirconium. 


Alpha-uranium or a-zirconium, depending on com- 
position, precipitates from the supersaturated e€ 
phase. Both the y-to-e transformation and the a- 
phase precipitation are diffusion controlled proc- 
esses. An empirical relation describing the rate of 
y transformation in the 50 wt pct U alloy is pre- 
sented in the text. The time for the start of y-phase 
transformation decreases as departures from the e 
composition are made. 

The y-to-e transformation is accompanied by a 
hardness increase with an intermediate hardness 
peak being observed during transformation. Peak 
hardness is associated with essentially complete 
transformation. The hardness peak is attributed to 


the small size of € particles or domains while 
overaging is attributed to their coalescence. 

The y-to-e transformation can be interpreted as 
being an ordering reaction, the diffusion of atoms 
to preferred lattice sites to yield a partially ordered 
structure controlling the rate of transformation. 
X-ray diffraction observations are consistent with 
this interpretation. 

The transformation is accompanied by a sharp 
increase in electrical resistivity of the 50 wt pct U 
alloy. Based on measurements of Hall coefficients a 
decrease in the number of available current carriers 
is responsible for the increased resistivity. 

Hardness changes during transformation of alloys 
containing 22 to 70 wt pct U are similar. However, 
due to partial decomposition of y in the 22 wt pct 
alloy on quenching, close to peak hardness is ob- 
served in quenched specimens. The 70 wt pct U alloy 
exhibits two hardness peaks during aging; the first is 
associated with the y-to-e transformation and the 
second with precipitation of @ uranium. High-zir- 
conium alloys show no aging peak associated with a- 
zirconium precipitation. 
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The Solubility of Lead in Liquid Iron 


Measurements of the solubility of tead in liquid iron were 


made at 1550°, 1600°, 1650°, and 1700°C using two different 


Arthur E. Lord 


methods, i.e., 1) liquid iron-liquid lead equilibration and 2) 


liquid iron-lead vapor equilibration. 
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Leap was long considered insoluble in liquid iron’. 
Today steels containing 0.15 to 0.35 pct Pb are used, 
One laboratory has found a‘solubility of about 0.5 pet 
in the 1600°C range. Recently Miller and Elliott? 
gave 0.60 pct as the result of one determination at 
1540°C. Because these findings resulted from the 
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Fig. 1 — The vapor method apparatus. 


direct equilibration of layers of iron and lead in 
crucibles, some metallurgists believe the lead found 
in the iron layer (and in leaded steel ingots) results 
from suspension rather than solution in the liquid 
state. Accordingly a method avoiding liquid-liquid 
contact was sought. 

Numerous apparently attractive methods were 
considered and some were tried in model form. 
The high vapor pressure of lead (approximately 0.5 


atm) and container problems rule out many methods. 


The one finally chosen, called the Vapor Equilibra- 
tion Method, avoids direct contact between lead and 
iron. The Direct, or liquid-liquid equilibration 
method, was also used as a check. 


THE VAPOR EQUILIBRATION METHOD 


About 9 g of (Ferrovac E) pure iron were placed 
in a 5-cc recrystallized Morganite alumina crucible 
(see Fig. 1) which had eight deep V-notches in the 
top edge to permit passage of vapor. It was covered 
and put inside a larger crucible. About 20 g of lead 
were placed in the space between the two crucibles. 
A tight fitting recessed cover was put on the large 
crucible and it was placed in the bottom of the 1jin. 
diam mullite tube. Hollow alundum cylinders se- 
cured the large crucible cover and acted as radia- 
tion shields. Heating was by a 20-kw induction fur- 
nance and a carbon susceptor. The vertical posi- 
tion of the assembly was adjusted to eliminate de- 
tectable temperature gradient between the top and 
bottom of the small crucible. Temperatures were 
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Table I. Solubility of Lead inlron, Wt Pct, by Two Experimental Methods 


1550°C 1600°C 1650°C 1700°C 
Direct Vapor Direct Vapor Direct Direct 

0.24 0.17 0.22 0:22" 0.19 0,26 0.26 0.33 
0.24 0.19 0.23 0.30 0.21 0.30 0.32 0.38 
0.24 0.19 0.34 0.40 0.24 0.27 0.33 0.39 
0.37 0.19 0.24 05325 0.36 
0.42 0.22 0.25 

Ave. 0.30 Ave. 0.22 Ave. 0.31 Ave. 0.25 Ave. 0.32 Ave. 0.37 


measured at the top of the large crucible with a 
calibrated Pt-Pt. Rh. thermocouple. At this posi- 
tion the temperature was 3°C lower than the small 
crucible. A protective atmosphere of 10 parts 
argon to 1 hydrogen at 1 atm pressure was circu- 
lated at 1100 cc per min. 


The desired temperature was reached in 1 hr. 
After holding for 1 hr (separate kinetic studies 
showed 1/2 hr was sufficient) the power was shut 
off. The iron froze quickly. The iron-rich ingot 
was removed and the entire ingot analyzed for lead 
by the Sulfide-Molybdate Method*. Practically all 
the ingots were very shiny, but a few showed a brick- 
red dust on the surface. No condensed liquid drop- 
lets were detected on the inside cover or walls of 
the small crucible. Obviously the lead entered the 
small crucible solely via the vapor phase route. 


THE DIRECT METHOD 


The outside appearance and outside dimensions of 
the apparatus were the same as in Fig. 1. The same 
protective atmosphere and method of temperature 
measurement were employed. Only one 5-cc V- 
notched crucible with cover was used. Two slings 
of molybdenum wire were placed around the crucible 
and extended 16 in. above it ending in a loop. The 
crucible, containing both iron and lead, was placed 
on the alundum sand in the bottom of the mullite 
tube with thermocouple beside the crucible. Position 
was adjusted to eliminate top to bottom temperature 
gradient. 

One hr was required to reach temperature and 30 
min allowed for equilibration. Thirty min. had been 
found sufficient. The crucible was then quenched in 
oil, only 80 pct of it being immersed. The iron froze 
in 15 sec. The crucibles were always intact. 

The small shiny ingots were sectioned axially. One 
half was examined metallographically. The excess 
lead and bottom layer of iron were removed from the 
other half and it was analyzed as a whole for lead. 


EXPERIMENTAL RESULTS 


The results of satisfactory runs by both methods 
are summarized in Table I. 

Many half ingots from both methods were examined 
metallographically using the Cyanide Method. In this 
process, free lead appears red in polarized light. 
Some very tiny inclusions of free lead, more or less 
randomly distributed, were always found. In two 
cases small amounts of unremoved lead were present 
near the side surface in the Direct Method. Some se- 
gregation was present, as evidenced by an analysis 
of various parts of ingots. 
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CONCLUSIONS 


1.) The results of the Vapor Method confirm that 
Pb has appreciable solubility in iron. Lead could 
only enter the small crucible via the vapor phase 
route. 

2.) Suspension of Pb in the iron phase apparently 
can take place and give high results in the Direct 
Method. 

3.) Reproducibility of results is poor. The re- 
search has only served to reveal the modifications 
in protective atmosphere, methods of quench, meth- 
ods of chemical analyses and general technique re- 
quired to get good results. 

4.) Consideration of all factors leads to the im- 


pression that the true solubility lies in the following 
ranges: 0.22 to 0.26 pet at 1550°C, 0.27 to 0.33 pct 
at 1600°C, 0.34 to 0.40 pet at 1650°C and 0.37 to 
0.43 pet at 1700°C. 
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A Basket Cathode Electrolytic Cell for Production of 


Titanium Metal 


By confining the electrolytic reduction of TiCl, to the in- 
terior of a porous basket-cathode the electrolyte between the 
anode and the cathode can be kept free of reduced chlorides of 
titanium eliminating undesirable reactions of reduced titanium 
chlorides with brickwork or oxygen in the cell atmosphere. 
Semiwalls are not needed. Operating conditions are given and 


discussed. Titanium yields based on TiCl, introduced are 93 
pet. Cell voltage and amperage characteristics are adaptable 
to multiple cathode-series cell arrangements. 


Experiments conducted in the National Lead Co., 
Titanium Division, Research Laboratories showed 
that titanium metal could be deposited in an elec- 
trolytic cell in which titanium tetrachloride was in- 
troduced through a tubular cathode.’ The reduced 
chlorides as formed were confined to the vicinity of 
the cathode. They were reduced to form a cocoon- 
shaped growth of sponge titanium metal at the end 
of the cathodic tube below the surface of a sodium 
chloride-strontium chloride electrolyte. No dia- 
phragm was needed.” Although high-purity, coarse 
crystalline metal was produced in the cocoon growth, 
the yields of metal removed from the cell, based on 
the amount of titanium introduced as TiCl,, were 
usually only 40 to 60 pct. 

The growth of the cocoon deposits was away from 
the cathodic tube for introduction of TiCl, toward 
the anode following the flux lines. The reduced 
chlorides of titanium diffused through the deposit 
and were reduced to titanium electrolytically within 
the deposit or on the outer surfaces. Deposition 
within the pores of the cocoon was detrimental to 
further deposition because it plugged the passages 
used by the reduced chlorides to diffuse away from 
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the Research Laboratory, Titanium Division, National Lead Co., Sayre- 
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the point of titanium introduction. As plugging due 
to deposition in the pores proceeded, the reduced 
chlorides in the center of the cocoon would force 
their way out by forming a channel and would escape 
from the vicinity of the cathode without being re- 
duced to metal. 

Some work had been done previously’? which in- 
dicated that if the end of the cathodic tube for intro- 
ducing TiCl, was surrounded by a screen connected 
to the tube so that it too was cathodic, growth could 
be made to occur within the screen. Direction of 
growth was observed to be from the screen toward 
the point of TiCl, introduction. 

Through a series of design modifications a cathode 
evolved which consisted of an introduction tube sur- 
rounded by a perforated metal basket as shown in 
Fig. 1. Modifications of this design are described in 
Refs. 3, 4, and 5. This basic cathode design®’® was 
incorporated in electrolytic cells containing graphite 
anodes and constructed of high-silica brick refrac- 
tory for containing the electrolyte (see Fig. 2). The 
inner crucible was surrounded by insulating brick 
and the entire unit contained in a welded steel shell. 
Suitable cooling chambers with inert gas atmos- 
pheres were devised so that the cathode could be re- 
moved from the cell without exposing the deposit to 
air while hot. Various alkali and alkaline earth 
chlorides were used as electrolytes. 
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Fig. 1—Basket cathode showing relation of perforated 
steel sides to graphite anodes and approximate position 
of TiCl, introduction tube. 


By controlling the ratio of current to TiCl, feed 
rate the reduced chlorides of titanium could be con- 
fined to the interior of the basket and a perforative 
titanium deposit would be formed electrolytically on 
the interior of the perforated cathode sides. Growth 
would proceed toward the center of the basket where 
the titanium values were introduced. In a basket 
with a 12 in. distance between perforated faces, de- 
posits as thick as 3 in. could be formed. The titanium 
crystals ranged from heavy nodulated growths to fine 
acicular filaments depending upon the electrolyte 
used, the temperature, the purity and other factors. 
The individual crystals were usually considerably 
larger than those produced by conventional sodium 
or magnesium reduction in Kroll-type processes. 
The concentration of soluble titanium within the bas- 
ket was very low, in the 0.1 to 1 pct range. It oc- 
curred as di- and trichlorides of titanium, most 
probably in a ratio in equilibrium with titanium 
metal.® By keeping the cell well sealed so that the 
cell atmosphere is essentially chlorine, ° ductile 
metal with a hardness less than 120 Bhn could be 
made. Essentially all of the TiCl, introduced could 
be reduced to metal. Typical operating conditions 
are listed in Table I. 


MECHANISM OF THE BASKET PROCESS 


A new concept for electrowinning multivalent 
metals seems to have been revealed in the develop- 
ment of the porous basket cathode. A conventional 
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Fig. 2—Schematic drawing of cell with basket cathode 
in position in the cell, and in the cooling position above 
a slide gate in a helium filled cooling chamber. 


electrowinning cell consists of an anode, a cathode 
and an electrolyte between the anode and the cathode 
which contains ions of the metal to be electrode- 
posited. If it is desirable to prevent current-con- 
suming oxidation-reduction reactions a conventional 
approach is to insert a diaphragm between the anode 
and the cathode to prevent ions reduced at the cath- 
ode from migrating to the anode. In the conventional 
cell with or without a diaphragm, metal growth 
proceeds away from the cathode toward the anode. 
The basket process can be considered as a cell 
containing an anode, a porous cathode, an elec- 
trolyte between the anode and the cathode whose 
standard potential for decomposition is greater than 
that for the halides of the metal to be deposited and 
another electrolyte within the confines of the porous 
cathode containing the metal values to be deposited, 
in this case reduced chlorides of titanium in a 
transient condition. Deposition in such a cell takes 
place on the inner walls of the porous cathode, 7. é., 
on the sides of the cathode remote from the anode, 


Table |. Basket-Cathode Cell Operating Characteristics 


Cathode Current Density 
Current 

Voltage 

Cell emf 

TiCl, Feed Rate 
Current to Feed Ratio 
Plating Time 
Temperature 
Electrolyte 

Ti Yield 

Metal Hardness 

Ti Current Efficiency 


400 amp/ft? 

750 amp 

6.8 to 7.2 v 

2.6 to 2.9 v 

485 ml/hr 

6.1 faradays/mole 
72 hr 

850° C 

NaCl 

93 pct (based on TiCl, introduced) 
113 Bhn 

61 pet 
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and proceeds in a direction away from the anode 
toward the point of introduction of the metal values 
which is at the approximate center of the porous 
basket. The electrolyte between the anode and 
cathode is essentially free of the metal being de- 
posited (titanium). 

The highest concentration of titanium ions will 
be in the electrolyte in the open interior of the 
basket and the concentration will decrease as one 
passes through the basket electrolyte toward the 
outside where the concentration is essentially zero. 

The mechanism of deposition is pictured as fol- 
lows once reduced chlorides of titanium are present 
within the basket interior: 

1) The current-carrying ions are driven between 
anode and cathode through the electrolyte containing 
essentially no titanium values. 

2) Upon reaching the cathodic surface the cur- 
rent-carrying ions will proceed through the porous 
cathode to meet the titanium ions diffusing outward 
from the basket interior. The net movement of 
ionic transfer is of chloride from the inside of the 
basket outwardly to the anode where it is discharged; 
while the titanium ions are discharged on an interior 
surface of the cathode to deposit titanium metal 
thereon. The cell voltage for electrodeposition of 
titanium from reduced chlorides has been measured 
as 2.05 v.” In the basket process the measured cell 
voltages varied between about 2.4 and 3.0 v and de- 
pended on the conditions of the experiment and the 
state of the deposit. Titanium deposition will con- 
tinue as long as the current-carrying ions can pro- 
ceed with very little resistance through the pores 
of the deposit so that electrolytic reduction can 
proceed in the interior of the basket where di- and 
trichlorides of titanium exist, probably in equi- 
librium with titanium metal.° 

For an open deposit with low ionic current re- 
sistance the point of greatest deposition will be 
where the titanium concentration is greatest. This 
is in the innermost zone and results in the deposit 
growing inwardly. However, the growth is not re- 
stricted to this ill-defined interface since titanium 
ions occur in decreasing concentration going through 
the deposit toward the outside of the basket. As a 
consequence, the metal crystals can grow in thick- 
ness. This is the basis for the variable density of 
the deposit. By proper control, mainly of current to 
TiCl, feed ratio and current density, the deposit 
structure can be kept porous for thicknesses up to 
3 in. and a time of greater than 3 days.® Current 
density as used in this paper is defined as the cur- 
rent per unit area of the basket sides which are 
perforated. For example, a current of 200 amp ap- 


Table I]. Maximum Time (Hr) for Operating a Basket Cathode 
with Varying Current Density and Current to Feed Ratio 


Cathode Current Density, 


Cur. to Feed, Amp per Sq Ft 
Faradays/mole 200 300 400 500 
5.0 24 
5.5 36 48 
6.0 48 60 60 
6.5 36 60 72 48 
7.0 24 60 72 60 
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plied to a basket having two 12-in sq sides which 
are perforated would result in a defined current 
density of 100 amp per sq ft. 

It was interesting to make experiments in which _ 
the current density and current to feed ratio were 
varied and observe the differences in the deposit. 

It was discovered that a dense deposit tended to 
form when the current to feed ratio was low (high 
TiCl, feed rate for given current) and the current 
density high, and tended to a very porous deposit 
with high current to feed ratio and low current den- 
sity. Earlier work had demonstrated that formation 
of a dense deposit forced stopping of a run in a short 
time. 

A correlation was found between cell voltage, 
titanium concentration of the basket electrolyte and 
character of deposit. These are not independent 
variables, being functions of current density, cur- 
rent to feed ratio and time. For a run that was 
started with a cell voltage of say 2.4 v, it was ob- 
served that eventually the cell voltage started to 
rise. By taking salt samples it was observed that 
increasing cell voltage occurred with increasing 
titanium concentration. Examination of deposits also 
showed that increased densification of the deposit 
was taking place. It was concluded on this basis that 
the cell voltage increased due to increased resist- 
ance to ionic current flow through the deposit, thus 
a smaller fraction of the current reached the interior 
of the basket to reduce the titanium ions and conse- 
quently the titanium concentration increased (the 
current and feed rates were being held constant) and, | 
because of the higher concentration, more titanium 
ions were penetrating the deposit thus resulting in 
densification of the deposit. 

The importance of these experiments was obvious: 
for a given size basket, a low current density and 
high current to feed ratio would produce metal at a 
slow rate and fill the basket space prematurely with 
a low density deposit. On the other hand, too high a 
current density and too low a current to feed ratio 
would result in fast formation of a dense deposit. 
The basket would not be full but the run would have to 
be stopped due to marked decrease in reduction rate 
as a reSult of pore plugging as described above. Den- 
sification and plugging of the deposit was accom- 
panied by an increase in cell potential to that of 
sodium deposition. By observing the cell potential 
the operator could tell when the deposits had become 
too dense or too thick for titanium electrodeposition 
to occur within the basket. 

Relationships of current density, current to feed 
ratio and length of run were established and are 
shown in Table II. Optimum conditions, within the 
limits found, must be dictated by economics. 


CONCLUSION 


The evolution of the basket cathode opens the door 
for the development of a commercial process with 
the potential of decreasing the cost of making ti- 
tanium sponge by eliminating the need for an inter- 
mediate reducing metal such as sodium or mag- 
nesium. Materials of cell construction are inex- 
pensive—graphite, steel, acid resistant brick and 
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small quantities of nickel and Inconel. Having elimi- 
nated diaphragms and semiwalls, the cell is very 
Simple and should have a long life. Because the 
titanium values are confined to the basket interior 
there is no reaction of reduced chlorides of titanium 
with the brickwork. Current-voltage characteristics 
are Such that multiple cathode cells can be connected 
in series similar to conventional electrolytic copper 
or zinc installations.® 
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Deformation Behavior of Zone-Melted Tungsten 


Single Crystals 


Single crystals of tungsten, which were grown by electron 
bombardment floating zone refining, were strained 2 pct in 
tension and bending at 298°, 77°, and 20°K to determine the 
modes and crystallography of the plastic deformation of these 
temperatures. At 77° and 20K plastic deformation occurs by 
slip on systems of the type (011) [111] and by twinning on (112)- 
type planes. For crystals strained at 298K, deformation occurs ; 
by slip in [111] directions on either (011)- or (112)- type planes. H.W. Schadler 


Current models for the initiation of brittle frac- 
ture in crystalline materials are based on a knowl- 
edge of the details of their plastic deformation.’ 
Body-centered cubic tungsten exhibits brittle failure 
at temperatures below about 500°K yet the modes 
and crystallography of its plastic deformation have 
not been studied below 1000°K. In 1924, Goucher? 
reported that tungsten single crystals with a total 
impurity content of less than 0.01 wt pct deformed 
by slip on the (112) [111] system in the temperature 
range 1000° to 3000°K. He also observed (001) [010] 
slip in one crystal which was constrained by the 
presence of a large fissure. According to Barrett® 
tungsten also deforms by twinning on the (112) plane 
in the [111] direction, but he gives no details on the 
tendency for twin formation or the temperature 
range in which twinning occurs. Therefore, as a 
necessary part of a study of the factors influencing 
the brittle fracture of tungsten, the modes and 
crystallography of the plastic deformation were de- 
termined at 298°, 77°, and 20°K. 

Tungsten single crystals, grown using the elec- 
tron-bombardment zone-refining technique first 
described by Calverly,* were deformed to between 
1 and 2 pct plastic strain in tension and bending. 

HARVEY W. SCHADLER, Junior Member AIME, is Metallurgist, Gen- 
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The surface offset resulting from slip or twinning 
was observed with an optical microscope to deter- 
mine the crystallography of the deformation. The 
existence of twins was proven by the standard 
polishing and etching technique; and the crystallo- 
graphy of dislocation motion was followed using 
the dislocation etchant described by Wolff.° Some 
observations on the fracture characteristics of 
tungsten single crystals are included. 


EXPERIMENTAL TECHNIQUES 


Growth, Purity, and Perfection of the Crystals— 
Several years ago Calverly, Davis, and Lever* dem- 
onstrated the feasibility of growing tungsten single 
crystals by the electron-bombardment floating 
zone-refining technique, and Carlson® showed that 
crystals produced in this way had a high degree of 
purity and were ductile at room temperature. Tung- 
sten single crystals produced by this technique in 
equipment similar to that described by Carlson were 
used in this study. The starting material, a powder 
metallurgy product, was obtained in the form of a 
swaged 1/8-in. rod from the General Electric Wire 
Plant in Cleveland, Ohio. The crystals were grown 
from this material in a vacuum of 107* mm of Hg 
by passing a molten zone 1/8 in. long down the rod 
twice at a speed of 3 mm per min. At this zone speed 
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Table i, Typical Analysis 


Impurities, Wt Pct 


Element Starting Material After Zone Melting 
Ca 0.001 N.D.* 
K 0.004 N.D. 
Na 0.002 N.D. 
Fe 0.001 N.D. 
Mo 0.004 0.0001 
Si 0.002 N.D. 
S. 0.007 + 0.002 0.002 + 0.001 
O 0.0003 + 0.0005 0.0001 
N 0.00003 + 0.0001 No analysis 
H 0.00001 + 0.00003 No analysis 


*All elements marked N.D. are beyond the limits of spectroscopic 
analysis, i.e., less than 0.0001 pct. 


tungsten solidifies as a single crystal. The purity of 
the starting material and the zone-refined crystals 
are compared in Table I. The spectroscopic and 
conductometric techniques used could not detect the 
presence of those elements marked N. D. in Table I, 
nor was any variation in the Mo, C, or O contents 
detectable along the length of the crystal. This would 
indicate that purification occurred by vapor distilla- 
tion only and that zone refining was completely in- 
effective. However, measurements of the 298° to 
4.2°K resistivity ratio by the technique of Bean, 
DeBlois, and Nesbitt” have given ratios of 5400 at 

a point in the crystal near the start of the zone- 
refining pass and 2600 over the lower half of the 
crystal as compared to 80 for the starting material. 
The resistivity ratio is an indication of the amount of 
impurity present in solid solution; and, therefore, 
these measurements indicate that purification is 
being accomplished both by vapor distillation and by 
zone refining. The resistivity ratio of 5400 is com- 
parable with reported values of 6000 for zone-re- 
fined Cu® and Al® and 10,000 for Ta*° which was fur- 
ther purified by heating in a high vacuum. 


00] 


Fig. 1—Orientations of tungsten single crystals used for 
deformation study. The point represents the crystal axis. 


650—VOLUME 218, AUGUST 1960 


Fig. 2—Tensile specimens: (a) undeformed; (5) and (c) 
deformed at 298°K; (d) deformed at 77°K. X2. Reduced 
approximately 21 pct for reproduction. 


At zone speeds of 3 mm per min W solidifies as a 
single crystal and crystals of a specific orientation 
can be produced using a properly oriented seed crys- 
tal. The range of crystal orientation used in this 
study is indicated in Fig. 1. The point on the unit 
stereographic triangle identified by the crystal 
number represents the crystal axis and the direc- 
tion of the applied tensile stress. 

The perfection of the single crystals produced by 
electron bombardment floating zone refining was in- 
vestigated using the Wolff reagent and standard 
back-reflection Laue techniques. The dislocation 
density of the as-grown crystals is 10° dislocation 
lines per sq cm. There are six to eight subgrains 
in a given cross section and the subgrains are 
elongated in the growth direction. The misorien- 
tations across any subboundary are usually less 
than 30 min of arc. 

Test Specimens and Testing Procedure— Tensile 
and bend specimens were produced from the single 
crystals by a combination of grinding and electro- 
polishing. The tensile specimens were made by 
centerless grinding a 1 1/2 in. length to 0.100 in. 
diam and then electromachining™ a 1/2 in. gage 
length to 0.050+0.005 in. in diam using a 4 pct 
NaOH solution. A typical specimen is shown in 
Fig. 2(@). The bend specimens were made by grind- 
ing the circular cross section to a rectangle about 
0.04 by 0.08 in. and then electropolishing in 2 pct 
NaOH at 12 v. In each case the crystal surface was 
checked for signs of residual plastic deformation 
using the Wolff dislocation etching reagent; and elec- 
tropolishing or electromachining was continued until 
all signs of mechanical damage had disappeared. 
The tensile tests were performed on an Instron 
machine at a strain rate of 2 pct per min using 
standard wire grips, and the bend specimens were 
deformed either in four point or cantilever loading 
to a maximum strain of 2 pct. 

Determination of the Slip and Twinning Elements— 
The crystallography of the slip and twinning planes 
which were evident after plastic deformation were 
determined from the orientation of traces of the 
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Fig. 3—Schematic illustration of technique for determin- 
ing the pole of a plane from its trace. 


planes on the crystal surface by a technique de- 
scribed by Barrett,” and illustrated schematically 
in Fig. 3. The orientation of the crystal was de- 
termined with respect to the crystal axis anda 
scratch placed just outside of the gage section by 
the Laue back-reflection X-ray technique. The 
angles a and £ for a single trace were measured 
as the crystal was rotated through the angle over 
which the trace was visible. The experimental 
points were plotted on a stereographic projection 
of the crystal orientation, and the great circle 
passing through these points represents the trace 
of the observed plane. 

The slip direction was determined by measuring 
the angular rotation of the crystal lattice, caused 
by tensile deformation, with respect to the specimen 
axis. In tensile deformation of a single crystal the 
specimen axis will move toward the slip direction 
as deformation proceeds.** 
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Fig. 4—Slip lines and twins: (a) crystal 159 deformed at 
298°K. Slip lines only. X1500; (4) crystal 171 deformed 
at 77°K, S indicates slip lines and T twins. X500. Re- 
duced approximately 36 pct for reproduction. 


RESULTS 


A typical example of the surface offset produced by 
slip and twinning is shown in Fig. 4. Fig. 4(@) shows 
Slip lines on crystal 159 which was deformed at 
298°K. Fig. 4(0) is a photograph of crystal 171 after 
2 pct deformation at 77°K and shows both slip lines, 
marked S, and twins, marked T. The apparent cur- 
vature of the twins is due to the curvature of the 
crystal surface. Although the optically visible twins 
extend over a large portion of the crystal cross sec- 
tion, they are very thin and therefore account for 
very small strains. The existence of twins was es- 
tablished by the standard polishing and etching pro- 
cedure using 2 pct NaOH solution for electropolishing 
and a 1:1 solution of HNO, and HF for etching. Figs. 
5(@) and 5(0) illustrate this procedure. Both slip 
lines and twins are evident before polishing and etch- 
ing, Fig. 5(@), but only twins are apparent after pol- 
ishing and etching, Fig. 5(0). 


Fig. 5—Slip lines 
and twins on crys- 
tal 171: (a) after 2 
pet tensile strain; 
(b) after repolish- 
ing and etching. 
X250. Reduced ap- 
proximately 9 pct 
for reproduction. 


(a) (b) 
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Fig. 6—Poles of slip and twinning planes for crystals de- 
formed at 77° and 20°K. 


The formation of twins was not apparent from the 
Instron load-deflection curve. The crystals deformed 
at 298°K and 77° or 20°K showed the same general 
features, namely, a high rate of work hardening with 
no evidence of a yield point or the discontinuities 
which are usually associated with twinning. Appar- 
ently the tensile machine was too soft to detect very 
fine twins. 

The results of observations of 46 slip and twinning 
plane traces on 20 crystals deformed at 298°, 77°, 
and 28° K are present in Figs. 6 and 7 and Table II. 
The poles of the slip and twinning planes observed on 
crystals deformed at 77° and 20°K are plotted in 
Fig. 6. Crystals 180-1 and 184-1 were tested at 20°K 
and the others at 77°K. These poles cluster within 
+5 deg of the (011) pole and (112) pole, respectively, 
indicating that at 77°K and 20°K the active slip plane 
is of the (011) type and the twinning plane is of the 
(112) type. The poles of the traces which were shown 
to result from twinning are marked witha T. 

Fig. 7 gives the poles of the observed traces for 
crystals deformed at 298°K and one crystal, 152, 
deformed at 725°K. There is a larger spread in the 
room-temperature data than in the low-temperature 
data, but the poles of the observed deformation: 
planes cluster within 6 deg of either the (011) pole 
or the (112) pole. Electrolytic polishing and etching 
of these samples failed to reveal the presence of 
deformation twins; and, therefore, the deformation 
on both the (011) and the (112) planes is presumed 
to be slip. 

In Table II the positions of the poles of the ob- 
served slip and twin plane traces plotted in Figs. 6 
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Fig. 7—Poles of slip planes for crystals deformed at 
298°K. 


and 7 for both the low-temperature and room-tem- 
perature data are noted as latitude and longitude de- 
viations from the (001) pole and the (001)-(011) join, 
respectively. Also included in Table II are the length 
of arc over which the trace was observable, the num- 
ber of measurements, and the standard deviation of 
the experimental points from the nearest (011) or 
(112) pole of the crystal. The standard deviation was 
determined by assuming that the pole of the trace 
was either a (011) or (112) pole of the crystal, and 

90 deg was taken as the average deviation of the pole 


from the trace of the plane it represents (X = 90 deg). 


The standard deviation includes, therefore, the error 
in the determination of the crystal orientation as well 
as the error in the measurements of a and B (see 
Fig. 3). 

To emphasize the fact that slip does not occur on 
(112)-type planes at 77°K or below, two specimens 
were made from each of three crystals: 180, 184, 
and 154. One specimen from each crystal was 
strained at 298°K and the other at 77° or 20°K. 
Specimens from crystal 154 were strained in bend- 
ing, and specimens from crystals 180 and 184 were 
strained in tension. All three of the specimens 
strained at 298°K deformed by slip on planes of the 
type (011) and (112). The specimens, 180-1 and 
184-1, strained at 20°K deformed by slip on (011)- 
type planes or twinning on (112)-type planes or a 
combination of both. The part of crystal 154 strained 
at 77°K deformed by slip on (011)-type planes only. 

Observations of dislocation etch pits on bend 
specimens also support the conclusions that at 77° 
and 20°K tungsten deforms by slip on the (011)-type 
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Table II. Positions of Poles of Observed Slip and Twinning 
Plane Traces Plotted in Figs. 5 and 7 


Angle from Angle Length of 
(001) Pole — from Arc of No. of Standard 
Observed Along (001)-(011) Trace Mea- Devia- 
Crystal Slip Plane (001)-(011) Join Observed sure- tion 
No. Type Join (°) @) ments (GA) oK 
157 (112) 2s 18 125 i. 6.4 298 
(112) 29 22 180 4 4.1 
(011) 41 2 55 3 4.2 

158 (112) 30 21 180 4 3.0 298 
(011) 43 1 100 4 7.0 
(011) 44 1 55 3 1.0 

159 (011) 38 5 100 4 9.3 298 
(112) 29 16 55 11 9.7 

160 (011) 43 Ds 130 3 6.3 298 
(011) 43.5 6 180 5 1.4 

161 (011) 43 15) 105 4 2.8 298 
(011) 44 2.5 10 3 1.0 
(011) 44 2 180 4 4.7 

168 (011) 41 4 235 i Vist 298 
(011) 42 3 45 3 5:7 

154 (112) 27 24.5 90 2 ay ih 298 
(011) 44 0 180 3 1.0 

180-2 (011) 43 tt) 180 13 22 298 
(011) 44 1 170 6 6.1 
(112) 27 19 140 6 27. 

184-2 (112) 26 23 40 7 Se/, 298 
(011) 43 1 65 if 5.6 

152 (112) 29 24 90 2 3.6 725 

166 (011) 44 y) 120 5 25 77 
(011) 44 2 140 3 4.4 
(011) 38 4 70 4 4.7 

167 (011) 45 0 50 6 3.1 77 
(011) 43 ES 155 4 dos 

169 (011) 43 1 45 5 Bio 77 

170 (011) 44 5 70 11 4.4 77 
(011) 43 1 80 8 Tid 

171 (011) 41 3 125 5 6.0 77 
(112)T 28 22 140 2 1.6 
(112)T 23 24 35 6 4.4 

172 (011) 34 4 110 S 555) 77 
(011) 42 2 135 
(112)T 26.5 25.5 90 4 125, 

128 (011) 43.5 1 90 3 2.8 77 
(112) 26.5 25.5 45 2 2:2 

180-1 (112)T 29 24.5 120 16 3.5 20 

184-1 (011) 44 3 130 7 3.2 20 
(011) 45 ab 30 3 7.6 
(011) 43 3 35 3 25) 

154 (011) 44 2 90 2} 0.7 77 
(011) 43 2 90 2 1.4 
(011) 44 3 90 2 1 


planes and twinning on the (112)-type planes; and 
that at room temperature, deformation is by slip on 


both the (011)- and (112)-type planes with no evidence 


of twinning. Fig. 8 shows dislocation motion off a 
scratch which was purposely put into a crystal to 
nucleate fresh dislocations. The crystal was elec- 
trolytically polished and etched in Wolff’s reagent 
to reveal grown-in dislocations, then scratched at 
77°K and bent at room temperature at a stress be- 
low the yield stress so that gross yielding was 
avoided. The crystal was oriented with the (112) 
plane in the surface of the photograph and the 
maximum resolved shear stress on the (011) [111] 
system. Dislocation motion on the (011) plane is 
indicated. Although there is evidence for seemingly 


random dislocation motion in the vicinjty of the 
scratch there is a line array of dislocations indi- 
cated (112). This trace corresponds to dislocation 
motion on a system of the (112) [111] type which has 
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Fig. 8— etch pits near scratch. (011) 
Indicates dislocation motion on (011)-type planes and 
(112) motion on (112)-type planes. X1000. Reduced ap- 
proximately 27 pct for reproduction. 


the highest resolved shear stress. Fig. 9 shows 
dislocation etch pits in crystal 109 which was bent 
at room temperature and the two traces evident are 
traces of (011) and (112) type planes as indicated. In 
contrast to the arrays of pits which are indicative 
of slip deformation Fig. 10 shows etch pits which 
are associated with twins. These markings on crys- 
tal 171, which was deformed at 77°K, are presumed 
to be twins because they are evident after polishing 
and etching in HNO,-HF and are evident as pits after 
polishing and etching in Wolff’s reagent. They lie 
along traces of (112)-type planes. The difference in 
the spacing of these pits from the arrays of pits re- 
vealed along slip traces is evident. 

Fig. 11 shows the shift of the specimen axis which 
occurred as the result of tensile deformation for 
crystals 132, 135, and 152. As slip progresses the 
specimen axis rotates toward a [111] direction, and 
the particular direction depends on the tensile axis 
of the crystal. The unit triangle in Fig. 11 has been 
divided into three regions in which the resolved 


Fig. 9—Dislocation etch pits aligned along (011)- and (112)- 


type planes in crystal 109. X150. Reduced approximately 


16 pet for reproduction. 
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Fig. 10—Dislocation etch pits aligned along (112)-type 
planes on crystal 171 which are characteristic of defor- 
mation twins. X500. Reduced approximately 45 pct for 
reproduction. 


shear stress is largest on three separate slip sys- 
tems. In determining this division it was assumed 
that: 1) only systems of the type (011) [111] and 
(112) [111] were operative, and 2) that the critical 
shear stress on both (011)- and (112)- type planes 
are equal. The data of Calnan and Clews™ was used 
to determine the boundaries of the three regions. 
The crystal axes of crystals 132, 135, and 152 
rotate toward the [111] direction predicted. These 
results do not imply that the critical shear stress 
on planes of the type (011) and (112) is equal, but 
they do indicate that the slip direction is [111] as 
Goucher found for higher temperature deformation. 


OBSERVATIONS ON THE FRACTURE OF TUNG- 
STEN SINGLE CRYSTALS 


Fig. 2 illustrates the relative ductility of tungsten 
single crystals at 298° and 77°K. Fig. 2(a) shows a 
tensile specimen prior to testing. Figs. 2(b) and (c) 
show specimens deformed at 298°K. These speci- 
mens showed 15 pct elongation prior to necking and 
90 to 100 pct reduction in area. At room temperature 
failure occurred either by the knife-edge fracture 
typical of soft single crystals, Fig. 2(b), or by cleav- 
age on (001)- type planes just outside of the necked 
region, Fig. 2(c). The cleavage plane has been re- 
ported previously by Goucher.*® At 77° and 20°K 
(not illustrated) failure occurs by cleavage along 
(001)-type planes with little or no plastic strain, 

Fig. 2(@), or after 2 to 4 pct elongation by slip and 
twinning failure occurs by fracture along the twin 
interface and cleavage on (001)-type planes. 


CRITICAL SHEAR STRESS 


The tensile tests were performed so that a criti- 
cal shear stress for flow could be estimated if a 
Single slip system was operative. At 77°K this 
criterion is fulfilled and an estimate was made by 
determining the stress at which plastic deformation 
was first detectable on the Instron load-elongation 
curve. The average of six determinations from 
crystals 166, 167, 169, 170, 171, and 172 is 39,000 
psi + 10 pet. 


Table Ill. Andrade’s Correlation of Slip Planes in 
Body-centered Cubic Metals and Temperature 


Metal or Sli 
Alloy Plane 

W, Mo, Na 0.08-0.24 112 
Mo, Na, B-Brass 0.26—0.50 110 
Na, K 0.80 123 
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Fig. 11—Determination of slip direction. The tail and head 
of an arrow indicate the specimen axis before and after 
tensile deformation. 


DISCUSSION 


The poles of the observed slip and twin plane 
traces presented in Figs. 6 and 7 show a devia- 
tion from the poles of the low index (011) and 
(112) planes. The average standard deviation, cal- 
culated as described previously, is + 4.2 deg and 
the estimated experimental error is + 5 deg con- 
sisting of + 2 deg in the determination of the 
crystal orientation and +3 deg in the determination 
of the angles a and 8. Since the average standard 
deviation is less than the estimated experimental 
error, the deviation of the experimentally deter- 
mined poles of the deformation traces from the low 
index (011) and (112) planes can be attributed to 
experimental error. 

The crystallography of plastic deformation of the 
metal single crystals was reviewed by Maddin and 
Chen’* in 1954. Body-centered cubic metals have 
been reported to slip on three different types of 
planes in the [111] zone: (110), (112), and (123). 
Andrade and Chow’” found a correlation between 
the active slip plane and the temperature of defor- 
mation which is given in Table III. T is the abso- 
lute temperature of deformation and Ty is the ab- 
solute melting point. This correlation does not 
apply in the case of 4 pct silicon-iron, molybdenum, 
niobium, or tungsten. Barrett, Ansel, and Mehl?® 
showed that 4 pct Si- Fe deformed by slip on (110)- 
type planes only at temperatures from 77° to 973°K. 
For niobium” and molybdenum,” Chen and Maddin 
found that (011) [111]-type slip explained all of their 
results. 

In the case of tungsten this investigation shows 
that the number and type of operative slip planes 
are temperature dependent, but the behavior is not 
what Andrade and Chow would predict. Their cor- 
relation would predict slip on (112)-type planes at 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


(211) 
\ 
\ 
\ 
\ 
(Tol) I> \ | 
135 
| 
\ 
\ 
152 
| 
| 


low temperatures and (110) slip at intermediate 2) At 77° and 20°K tungsten single crystals deform 
temperatures. The present data show that at tem- by slip on (011) [111]- type systems and by twinning 
peratures below 77°K (7/T,, = 0.02) slip occurs on on (112)- type planes. 

(011) [111]-type systems only while at 298°K (7/7, 3) At 77°K tungsten single crystals fail by cleav- 

= 0.08) the (011) [111]- and (112) [111]- type systems age along (001) planes or by a combination of cleav- 
are both active. Although Frank and Nicholas” have age and fracture along twin interfaces after 2 to 4 pct 


predicted that dislocations with a [001] Burgers plastic deformation. 
vector are stable in the body-centered cubic lattice 4) The slip plane of tungsten does not change with 
and Goucher” has reported a single observation of temperature as the correlation of Andrade and Chow 


(001) [010]-type slip, no evidence of (001) [010 ]- type would predict. 
slip was found in this study. As Goucher indicates, 
the conditions under which he observed slip on cube ACKNOWLEDGMENTS 
planes were very restrictive. 

Although several reference works give the twin- 
ning plane and direction for tungsten as (112) [111] 
no original reference has been found. The present 
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work shows that twins are formed in tungsten at 77° 
oratory. 

and 20 °K on (112)-type planes, but the twinning di- 
rection was not established. i i 
The twins which form REFERENCES 

s <Sou O ensile strain at these temperatures 1A. H. Cottrell: Theoretical Aspects of Fracture, Conference on Fracture, 
are few in number and very thin so that the volume BSE: 

. S. Goucher: il. Mag., , vol, 48, pp. 
of twinned material is too small to be detected with $C. S. Barrett: Structure of Metals, McGraw-Hill Book Co., New York, p. 379, 
back reflection microbeam Xx ray techniques. At “A. Calverly, M. Davis, and R. Lever: J. Sci. Instr., 1957, vol. 34, p. 142. 
strain rates of 2 pct per min no twins were found to SU. E. Wolff: Acta Met. 1958, vol. 6, p. 559. 
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Environmental Effects on the Mechanical Properties 


of lonic Solids with Particular Reference 
to the Joffe Effect 


Sodium chloride crystals are brittle in the presence of 
surface microcracks. Water immersion leads to an enhance - 
ment of ductility which is retained indefinitely in dry atr pro- 


viding the crystal is dried without leaving a surface precipitate. R. J. Stokes 
Storage in a damp atmosphere results in a surface reaction and 

consequent reembrittlement. Although elimination of surface T. L. Johnston 
flaws in ionic solids does not necessarily enhance ductility, He Li 
there is always a change in the location of the fracture origin. C. AS 


R. J. STOKES, Junior Member AIME, is Principal Research Scientist, Ever since the original experiments of Joffe: ihene 
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ber is at Regulator has been controversy over their interpretation and 


Co. Research Center, Hopkins, Minn. no satisfactory generalized explanation has yet been 
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Fig. 1—Secondary cracks; formed ahead of a slowly prop- 
agating (100) cleavage crack in magnesium oxide. X250. 
Reduced approximately 30 pet for reproduction. 


chloride crystals are immersed in water they are 
very ductile and may be bent easily. There is less 
accordance, however, on their mechanical behavior 
upon removal from the water. Under certain circum- 
stances they retain their ductility but more usually it 
is reported that dried crystals revert to their origi- 
nal brittle condition.”* Conflicting observations on 
this particular aspect have been the chief source of 
controversy and have led to the development of es- 
sentially two schools of opinion concerning the nature 
of the Joffe effect. The first assumes that the pre- 
dominant role of the solvent is to remove impedi- 
ments to slip present in the surface layer while the 
second assumes that the removal of surface micro- 
cracks by dissolution is more important. 

The opinion that slip impediments are responsible 
for brittleness was expressed originally by Ewald 
and Polanyi,* although the nature of the impediment 
has been defined in more specific terms by recent 
authors.””® It has been suggested that atoms diffuse 
into the surface layers from the gaseous environ- 
ment to make it more difficult for internal slip dis- 
locations to escape; the resulting pile-up is con- 
sidered to nucleate surface cracks and thus embrittle 
the material. On this model reembrittlement of a 
water-polished crystal is assumed to be due to the 
rediffusion of gas atoms into the surface layers. The 
second interpretation, originated by Joffe himself, 
considers the water to be effective in removing sur- 
face microcracks. Stress concentrations produced at 
the tip of these cracks under load cause their propa- 
gation to fracture before any gross amount of plastic 
deformation can take place. A criticism of this 
model may be directed at the somewhat ambiguous 
nature of the mechanism whereby crystals become 
reembrittled after polishing. Joffe’ assumed that 
plastic deformation of a polished crystal resulted in 
the formation of ‘‘crevices’’ in the surface which 
were to be associated with slip steps, while his later 
advocates have found microcracks to form spontane- 
ously by thermal activation.” 

We have recently discovered another means by 
which microcracks may be formed in the surface of 
sodium-chloride crystals which have been water- 
polished and dried. Microcracks appear after plas- 
tic deformation and careful microscopic examina- 
tion shows them to be associated with a precipitate 
left on the surface after drying. By taking precau- 
tions to eliminate the precipitate, reembrittlement 
can be prevented and the crystals remain extremely 
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ductile for prolonged periods in dry air. This last 
important observation casts some doubt upon diffu- 
sion into the surface layers as being the primary 
cause for reembrittlement while at the same time 
it provides a critical test in favor of the original 
interpretation put forward by Joffe. 

An additional source of confusion in the past has 
been inadequate attention to the experimental tech- 
niques necessary for the complete elimination of 
surface flaws. As has been emphasized elsewhere, ® 
the effect of a notch on the brittleness of ionic solids 
is particularly severe. In the next section it will be 
shown that it is very easy to introduce microscopic 
notches into the surface of ionic crystals by con- 
ventional cleavage and handling techniques. More 
important, these notches are inevitably in the form 
of crystallographic cleavage cracks and are there- 
fore very sharp. Consequently, special care has to 
be taken in chemical polishing, rinsing, drying, 
and handling procedures to obtain reproducible and 
consistent observations. 

In view of these new findings there is cause to 
reconsider the definition and scope of the Joffe ef- 
fect. It will be suggested here that the Joffe effect 
should be regarded as that particular aspect of the 
more general effects of environment which involves 
the action of a solvent in removing surface micro- 
cracks. It is the purpose of this paper to present 
evidence in support of this attitude with respect to 
the mechanical properties of ionic solids having the 
rock-salt structure and to distinguish other effects 
of environment. 


VULNERABILITY OF IONIC CRYSTALS TO SUR- 
FACE DAMAGE 


In the initial preparation of rock salt-type crys- 
tals for mechanical testing they are invariably 
cleaved down to the required dimensions from a 
large single-crystal block. The act of cleavage, 
however, can impose severe damage upon the sur- 
face of the crystal. This damage arises in two ways, 
the first due to secondary cracks formed as the main 
cleavage crack propagates through the crystal and 
the second due to mechanical contact of the crystal 
with external hard, rough surfaces. 

An example of the way in which secondary cracks 
are formed in magnesium oxide crystals (supplied by 
the Norton Co.) is shown in Fig. 1. In this particular 
case the (100) cleavage crack was stopped part way 
through the specimen and the photomicrograph taken 
in the region of the crack tip. A number of secondary 
microcracks with an approximate (110) orientation 
can be seen to have formed ahead of the main crack 
front. Consequently, when cleavage was completed, 
notches were left along the edge of the specimen cor- 
responding to the intersection of the main (100) 
cleavage plane with the secondary cracks. Such de- 
fects can already be seen on the right-hand side of 
Fig. 1. It should be mentioned that the occurrence 
of these notches was observed more frequently when 
the cleavage crack was running Slowly, their number 
and size was reduced if cleavage was caused to 
propagate with a high velocity. 
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Similar observations have been made on other 
crystals of the rock-salt structure. It seems that 
the stiffer materials tend to relieve the stress con- 
centration at the crack tip by secondary cracking 
rather than by plastic flow. Nickel oxide crystals 
(supplied by the Linde Co.), for example, contain 
a high density of defects produced in this way, 
whereas softer crystals like sodium chloride con- 
tain only a few. In general though, it is virtually 
impossible to cleave a crystal face leaving its edge 
completely free of a notch. 


To emphasize just how susceptible ionic crystals 
are to damage by contact with hard surfaces, we 
have sprinkled them with fine particles of silicon 
carbide. Fig. 2(2) shows microcracks formed in 
the surface of a magnesium-oxide crystal when 
46-mesh silicon-carbide particles (where each 
particle weighs of the order of 10~* g) were dropped 
from a height of only 3 in. Fig. 2(0) shows the same 
type of surface damage on a sodium-chloride single 
crystal. In this latter case each of the microcracks 
has been opened up by plastically bending the crys- 
tal between the fingers. Some of them have grown 
to dimensions approximately one-quarter of the 
specimen width and one was eventually responsible 
for fracture. 

Considering the ease with which microscopic 
cleavage cracks may be introduced deliberately, it 
is not too surprising that conventional handling 


techniques likewise result in crystalline flaws. When 
a crystal is cleaved for example, it is struck sharply 


with a chisel while resting in contact with a hard 
surface. Even though this hard surface may be 
ground flat it nevertheless comes into points of 
contact with surface irregularities in the underside 
of the crystal which are sufficiently sharp to pro- 
duce local crushing. In addition, it has been our 
habit in the past to transport crystals with a pair of 
tongs, a practice which it is now appreciated can 
also cause crushing at the points of contact with 
the specimen. 

Certain precautions may be taken to reduce the 
chance of crystals coming into contact with hard 
surfaces. For example, it was found that cleaving 
crystals with a soft layer of tissue paper inserted 
between the crystal and the base helped in this re- 
spect. Furthermore, when crystals were to be 
moved they were always gripped lightly across their 
ends rather than within their gage length. 


THE JOFFE EFFECT IN SODIUM CHLORIDE 


Because of the historical association of the Joffe 
effect with the mechanical properties of sodium 
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Fig. 2—Microcracks formed by sprink- 
ling ionic crystal surfaces with 46-mesh 
silicon-carbide particles from a height 
of 3 in. (a2) Magnesium oxide. X250. 

(6) Sodium chloride. This crystal was 
bent slightly after sprinkling to open up 
the cracks. X50. Reduced approximately 
30 pet for reproduction. 


chloride we will describe our observations on this 
material first. 

Cleaved sodium-chloride crystals (supplied by the 
Harshaw Chemical Co.) were generally brittle when 
bent or tested under tension in air. This was due to 
the presence of surface flaws of the kind described 
in the previous section. Immersing the crystals in 
either distilled or tap water and agitating for 30 
sec dissolved the flaws away and there was a cor- 
responding marked increase in the ductility while 
they were held under water. In order to retain the 
ductility upon removal from the water careful atten- 
tion had to be given to the rinsing and drying pro- 
cedure. The essential requirement was to remove 
every drop of water remaining on the surface after 
polishing before the crystal was dried. This was 
accomplished in our technique by first vigorously 
agitating the crystal in a fresh methyl alcohol bath 
for 5 to 10 sec followed by an equally vigorous rinse 
in ether for another 5 sec. The ether enabled the 
crystal to dry rapidly under a hot air stream. A 
properly dried crystal was free from any stain or 
precipitate and appeared almost featureless under 
the microscope. Actually the methyl alcohol etched 
the surface slightly so that shallow pits could just 
be distinguished. 

Crystals which had this treatment were consist- 
ently very ductile in air and remained so for a 
prolonged period (at least 1 month) providing they 
were stored in a dessicator. Small crystals could 
be bent easily by hand through angles of 120 deg and 
more. Attempts to fracture larger crystals ina 
three-point bending jig were unsuccessful because 
the crystals were driven between the supports. 


In order to measure their ductility quantitatively, 
polished crystals had to be tested in tension. These 
particular specimens had a 1/2 in. gage length and 
were water-polished, rinsed, and dried so that the 
cross section was approximately 0.1 in. sq. They 
were Sealed in aluminum grips with Duco cement 
and heated for 24 hr at 50°C to dry the cement 
thoroughly. The tests were performed in a con- 
ventional hard tensile machine at a strain rate of 


5x sec”*. Tensile stress-strain curves taken 
after various storage times in dry air are repro- 
duced in Fig. 3. Also included for comparison is 

the stress-strain curve for a typical freshly cleaved 
crystal. The enhancement of ductility by polishing is 
obvious. While the cleaved crystals fractured after 
approximately 2 pct elongation the maximum strain 
to fracture for the polished crystals obtained in 
these tests was 20 pct. This was approximately half 
of that strain reported for crystals pulled in tension 
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Fig. 3—Tensile stress-strain curves for sodium-chloride 

single crystals having different surface conditions. All 

tests performed in air at room temperature. 


while still immersed in the solvent.” Using tension 
specimens with a water machined reduced gage sec- 
tion, strains of 40 pct have recently been obtained in 
air. 

Fig. 3 further shows that the storage time has 
virtually no effect on the over-all ductility of pol- 
ished crystals. The elongation to fracture after three 
months was still 8 pet which compared favorably with 
12 pct after 1 or 8 days. Certainly there was no re- 
turn to the brittle condition associated with the 
cleaved material, as has been reported previously.” * 

We will now consider the surface condition and 
mechanical properties of sodium chloride crystals 
removed from the water polishing bath and rinsed 
only lightly in alcohol and ether. Under these con- 
ditions the water layer adhering to the specimen 
after the polish was not completely dissolved by the 
alcohol; instead it became saturated with sodium 
chloride and then precipitated to leave a stain as the 
crystal was dried. This particular condition could 
be exaggerated by omitting the alcohol rinse alto- 
gether in which case a white mat surface was pro- 
duced. 

All crystals which were bent having any trace of 
precipitate whatsoever on their tension surface 
were brittle and, significantly, fracture was always 
observed to originate within the stained region. 

The following simple bending experiment was 
performed to establish that the crystallized layer 
of sodium chloride present on the crystal was di- 
rectly responsible for embrittlement. A crystal 
was first water-polished, rinsed thoroughly and 
dried to leave a clear surface. The central part of 
the tension surface of this crystal was then 
‘‘painted’’ with a droplet of saturated sodium-chlor- 
ide solution or distilled water and dried under an 
air stream. When the crystal was deformed it was 
brittle and fracture originated consistently from 
the selected area covered with the crystalline de- 
posit. However it was further noted that if only 
the side surface was painted, then the crystal re- 
tained its ductility. Under tension, crystals became 
brittle when all four surfaces were painted; Fig. 3 
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Fig. 4—Microcracks created in the tension surface of a 
stained sodium chloride crystal by bending. All cracks 
are centered on the rim of the deposit. X50. Reduced 
approximately 31 pct for reproduction. 


includes a typical stress-strain curve. It can be 
seen that the brittleness characteristic of the cleaved 
material had returned. 

Additional studies were made of the manner by 
which the droplets dried under an air stream to ob- 
tain some idea of the crystallographic structure of 
the deposit. Crystallization was observed to start at 
the periphery of the droplet with the growth of new 
layers onto the base sodium-chloride crystal. In this 
way acrystalline rim developed around the droplet. 
As the water was caused to evaporate the droplet de- 
creased in volume but surface tension drew the re- 
maining liquid towards the rim which continued to 
grow. When crystallization was complete the crys- 
talline rim, which was the thickest region of the 
deposit, contained many cubic voids (see Fig. 6) 
whose edges were oriented parallel to the (100) 
cube planes of the base crystal. These voids were 
presumably left behind during the rapid growth of 
the crystalline deposit. The surface within the rim 
contained growth or dissolution steps and occasion- 
ally small cubic crystallites. The form of the rim 
and the number of crystallites deposited within it 
depended upon the size of the original droplet and 
the rate of evaporation. 

Microscopic examination of a stained region after 
bending showed many other cracks to have been 
formed in addition to the particular one responsible 
for fracture. Examples of their distribution are 
included in Figs. 4, 5, 6, and 7 where in each case 
the direction of tension is horizontal. In Fig. 4 it 
can be seen that cracks were centered along the 
rim of the deposit; this was the most usual obser- 
vation, although occasionally cracks were found to 
have nucleated at small crystallites deposited 
within the rim as shown in Fig. 5. Figs. 6 and 7 
are photomicrographs taken at higher magnifica- 
tion of the regions indicated by the arrows in 
Figs. 4 and 5, respectively. Although the details 
may be lost in reproduction, each of the cracks in 
Fig.6 has a slip band trace running into it. It should 
be noted that for crystals of the rock-salt structure 
a <100>direction slip band trace on a (100) surface 
corresponds with the line of emergence of pure edge 
dislocations. 

Since a certain amount of plastic deformation was 
necessary for the development of the cracks, it may 
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Fig. 5—Microcracks created in the tension surface of 

a stained sodium chloride crystal by bending. All cracks 
are located at crystallites deposited within the rim. 
X100. Reduced approximately 32 pct for reproduction. 


reasonably be assumed that they were not present 
beforehand. At first it was thought that voids in the 
rim of the deposit might be the sites of crack nuclea- 
tion, but as Fig. 6 shows, cracks could not be spe- 
cifically associated with a void. Rather the experi- 
ments indicated that the cracks were nucleated by the 
pile-up of edge dislocations at the interface between 
the base crystal and the deposit. For example, the 
difference in mechanical behavior under bending 
between crystals which were painted on the tension 
surface and the side surface may be interpreted in 
terms of the pile-up of pure edge dislocations on the 
one hand and the pile-up of pure screw dislocations 
on the other. The correspondence between slip bands 
and cracks in Fig. 6 is further evidence in favor of 
this mechanism. Presumably only at the rim (or 

the crystallites) is the deposit thick enough to pro- 
vide a sufficient barrier to the egress of edge dis- 
locations to cause crack nucleation. It is interest- 
ing to note in Figs. 6 and 7 that each of the cracks 
had an associated accommodation kink. Their origin 
is not at present fully understood but they are 
probably produced to accommodate the opening up 

of the crack in the precipitated material. 

In view of the ease with which crystalline deposits 
can be formed on the surface of sodium chloride 
crystals, it is necessary to exercise great care in 
the storage and handling of specimens to be used in 
experiments involving this material. For example, 
specimens which had been exposed to the laboratory 
atmosphere for a few days became covered with 
precipitate, this time due to fluctuations in the rela- 
tive humidity. Again, these crystals were brittle as 
shown by the-corresponding stress-strain curve in 
Fig. 3. It should also be mentioned that sweat from 
the fingers can react with the surface to embrittle a 
crystal. To prevent the precipitate forming, it is 
necessary to store polished crystals in desiccated 
air, Alternatively, other authors® have reported that 
crystals remain ductile when transferred immedi- 
ately from the water into oil. Under these condi- 
tions presumably the adherent water layer cannot 
evaporate to leave the crystalline deposit. 

On the basis of the observations described in this 
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Fig. 6—Formation of cracks at rim of crystalline deposit. 
Note the voids and the accommodation kink for each crack. 
X250. Reduced approximately 65 pet for reproduction. 


section we strongly believe that the Joffe effect in 
sodium chloride may be interpreted simply in terms 
of the removal of surface microcracks. 


CONSEQUENCES OF THE ELIMINATION OF SUR- 
FACE FLAWS IN OTHER SOLIDS 


One most important advantage to be gained by the 
complete elimination of surface flaws in brittle 
solids is that it allows one to study their innate 
bulk behavior. In contrast to the findings of the pre- 
vious section, chemically polishing other solids 
does not necessarily lead to an increase in their 
elongation before fracture. In germanium there is 
an increase in fracture stress at room temperature 
with no enhancement of ductility.° Some of the other 
rock-salt ionic solids, for example magnesium oxide, 
show no marked changes in either ductility or frac- 
ture stress when polished. Fortunately we are able 
to identify the elimination of surface flaws in these 
materials by another parameter. This is the change 
in certain features of the fracture surface in the 
region of the origin brought about by a change in 
fracture behavior. It will now be suggested that the 
appearance of the fracture surface is in fact the 
most reliable criterion for determining whether 
fracture is due to surface flaws or not. 

Whenever ionic crystals (in our experiments, 


Fig. 7—Formation of cracks at crystallites. Note accom- 
modation kinks. X250. Reduced approximately 13 pct for 
reproduction. 
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sodium chloride, lithium fluoride, magnesium oxide, 
and nickel oxide) were tested with a surface which 
had been damaged by external means (i. e., cleavage, 
mishandling, or, in the case of sodium chloride, 
staining ) then the fracture surface had a character- 
istic appearance. 

Cleavage lines at the source of fracture radiated 
from a point located on the periphery of the fracture 
surface. Thus Fig. 8(a) shows the fracture surface 
of a magnesium-oxide crystal which had been 
sprinkled with silicon-carbide particles to introduce 
flaws. The point from which the cleavage lines radi- 
ated was found by microscopic examination always 
to coincide with the particular surface flaw respon- 
sible for fracture. 

To eliminate surface damage, magnesium-oxide 
and lithium-fluoride crystals were immersed in boil- 
ing orthophosphoric acid for 5 min. They were rinsed 
in boiling distilled water, methyl alcohol, and ether 
and dried under a hot air stream. A Suitable polish 
has not been developed for nickel oxide while the 
procedure for sodium chloride has already been de- 
scribed. The clear polished surfaces obtained were 
essentially featureless under the microscope. 

Mechanical tests performed on polished crystals 
yielded a fracture surface with a different character- 
istic appearance. For the case of magnesium oxide 
this was particularly simple in form. In crystals of 
this material fracture nucleated as a direct conse- 
quence of the dynamic interaction of orthogonal slip 
bands* and the cleavage lines radiated from some 


*Washbum et al.*° have also observed cracks at the intersection of 
slip bands in as-cleaved magnesium oxide crystals. 


point along a line within the fracture surface.'! The 
line corresponded with the line of intersection of the 
nucleating slip bands. It has been shown’? that the 
degree of ductility of magnesium oxide depends upon 
the distribution of slip. While in most cases slip 
bands were fairly uniformly distributed and the 
crystals exhibited some ductility, it was possible 
for fracture to originate by the interaction of two 
slip bands in the very early stages of plastic flow, 
in which case the crystal was equally as brittle as 
if it contained flaws. In these instances the effect of 
the chemical polish could be reliably identified only 
by the appearance of the fracture surface, an exam- 
ple of which is included in Fig. 8(0). 
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Fig. 8—Effect of surface condition on 
the fracture origin of magnesium oxide 
single crystals. (a) Typical fracture 
surface of a magnesium oxide crystal 
containing surface flaws. X40. (b) 
Typical fracture surface of a polished 
and undamaged magnesium oxide crys- 
tal. X40. Reduced approximately 33 
pet for reproduction. 


The appearance of the fracture surfaces of pol- 
ished lithium-fluoride and sodium-chloride crys- 
tals bent at room temperature were more complex, 
nevertheless they were quite distinct from surfaces 
characteristic of the damaged material which were 
essentially the same as illustrated in Fig. 8(@). 

In summary, the common effect of a chemical 
polish for all ionic solids, at least at room tempera- 
ture and low strain rates, is to change the appear- 
ance of the fracture surface. In the presence of 
surface flaws fracture originates at the specimen 
surface. When the flaws have been removed by a 
chemical polish, fracture nucleates as a direct 
consequence of plastic flow. Under these conditions 
cleavage lines in the fracture surface radiate from 
an internal source which in the case of magnesium 
oxide is linear. 

There are two further observations which are con- 
sistent with the above. In the first it was found that 
the appearance of the fracture surface of magnesium 
oxide was the same both when polished crystals were 
tested in air and when tested in hot orthophosphoric 
acid.* In other words, once flaws have been removed 


*In a previous paper’ it was stated that chemically polished magne- 
sium oxide crystals when bent in air were generally brittle, with fracture 
originating from a point. These instances are now known to have been 
caused by flaws introduced with tongs. 


the solvent has no primary effect upon the internal 
fracture mechanism exhibited by the crystal. 

The second observation illustrated that a chemical 
polish was not absolutely necessary to provide a flaw 
free surface. Magnesium-oxide crystals were 
cleaved on a soft pad of tissue paper to produce a 
cleaved surface free of microcracks. When these 
crystals were bent between the fingers, fracture 
started from the characteristic internal line source. 
Thus the primary function of the solvent in these ex- 
periments was to ensure a reproducible flaw-free 
surface, a condition which could not be guaranteed 
following cleavage. 


THE JOFFE EFFECT IN RELATION TO THE MORE 
GENERAL EFFECTS OF AN ENVIRONMENT 


The experimental observations of the previous 
sections raise a question with regard to the defini- 
tion and scope of the Joffe effect. In our opinion the 
Joffe effect can now be specifically defined as the 
action of a solvent in bringing about a change in 
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fracture behavior by the elimination of surface 
flaws. Other authors have studied effects of environ- 
ment upon mechanical properties which they too 
have regarded as illustrative of the Joffe effect. 
These various phenomena may be distinguished from 
one another and from the Joffe effect as defined 
above when consideration is given to the type of en- 
vironment and the initial surface condition involved 
in the experiment. The simpler situations may be 
classified as follows: 


Type of Environment Initial Surface Condition 


Solvent = I 

(i. @., a chemical polish) 
II 
Be. Surface free of flaws 


—» Surface containing flaws 


Gaseous < 


IV 


where each arrow represents a given set of starting 
experimental conditions. 

Situation I, the effect of a solvent upon the me- 
chanical properties of a damaged crystal, is the one 
with which we have been primarily concerned in this 
paper and which we regard as the Joffe effect. 

Having produced crystalline specimens free from 
flaws, we are in a position to study the effects of 
environment upon the bulk behavior. For example 
(situation II) we have compared the stress-strain 
curves of polished crystals when tested in a non- 
dissolving environment with those obtained while the 
surface of the crystal was still being dissolved. 
Crystals tested in the solvent have the same flow 
stress but a lower rate of work hardening than those 
tested in the nondissolving environment. This is il- 
lustrated in Fig. 9 for magnesium-oxide single 
crystals deformed by bending. Curve (@) was per- 
formed in hot (120°C) orthophosphoric acid after 
which the specimen was unloaded and curve (b) con- 
tinued in mineral oil. The mineral oil was heated 
to the same temperature as the acid to eliminate 
the effect of temperature on the flow stress. A 
Similar increase in the rate of work hardening was 
observed when the second test was continued in air. 
This distinction in mechanical properties was also 
found for crystals tested in tension and a corres- 
ponding observation has been described on sodium 
chloride.” 


It is possible to consider this difference in be- 
havior in terms of the solvent removing impedi- 
ments to the egress of slip dislocations normally 
present in the surface layers when the crystal is 
tested in an inert environment. The existence of an 
impediment leads to dislocation hardening effects 
near the surface as analyzed by Suzuki.° 

It must be reemphasized that the presence of a 
solvent has no effect on the internal fracture me- 
chanism of polished crystals; however, the lower 
rate of work hardening means that it will take a 
greater amount of plastic deformation to reacha 
given critical stress and in this sense the ductility 
may be increased. 

In considering the effect of a gaseous environment 
upon mechanical properties we wish to distinguish 
between the consequences of adsorption or absorp- 
tion on crystal surfaces containing and surfaces free 
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Fig. 9—Effect of a solvent on the mechanical properties 
of flaw free magnesium oxide crystals. (a) Performed 
in hot (120°C) orthophosphoric acid. (4) Continued in hot 
(120°C) mineral oil. 


from flaws, respectively. In the first place the ad- 
sorption of gas atoms will result in a lowering of 
surface energy. For a crystal containing flaws 
(situation III) this leads to a reduction in the critical 
stress for crack propagation according to the 
Griffith equation, with the consequent deterioration 
of mechanical properties. It is possible that the 
embrittlement of cleaved rock salt crystals upon 
standing in dry air at room temperature’ may be 
interpreted in this way. The effects of adsorption 
on a crystal surface which is free from flaws -has 
not been studied thoroughly, although the experi- 
ments described in Fig. 3 indicate that the mechani- 
cal properties may not be affected. 

Certain consequences of absorption at a flaw free 
surface (IV)-can now be distinguished. In addition 
to the effects of a damp atmosphere on the mechani- 
cal properties of sodium chloride, it has been re- 
ported’* that sodium-chloride crystals exposed to 
ozone likewise become embrittled, an effect which 
has been correlated with the formation of a sodium 
chlorate crystalline deposit. It would seem that the 
nucleation of microcracks due to coherent crys- 
talline deposits on the polished surface of ionic 
solids represents an important factor in the study 
of environmental effects upon mechanical properties 
which has not previously been appreciated. 

Certainly the whole field of environmental effects 
cannot be classified simply in terms of these four 
aspects. However, with these basic situations in 
mind there is at least a basis for future fruitful re- 
search into the effects of environment upon mechani- 
cal properties. In the past there has been insufficient 
detail paid to the condition of the surface or to the 
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type of environment involved with the result that ex- 
periments involving all four have been considered to 
represent manifestations of the same phenomenon 
and attempts have been made to interpret them in 
terms of a single mechanism. 


SUMMARY 


1) It has been shown that ionic crystals are es- 
pecially vulnerable to surface damage by external 
means. 

2) In the case of sodium-chloride removal of sur- 
face damage by a water-polish results in an enhance- 
ment of ductility. This enhancement is permanent 
providing the crystals are protected from ‘‘corro- 
Sive’’ environments. 

3) The removal of surface damage in other ma- 
terials does not necessarily result in an enhance- 
ment of ductility; however, there is always a change 
in the appearance of the fracture surface which may 
be correlated with a change in fracture behavior. 

4) The Joffe effect is defined as the change in 
fracture behavior of solids brought about by the 
elimination of surface defects in a solvent. This 
effect must be clearly distinguished from other ef- 
fects of environment on mechanical properties 


(i. e.—yield stress, rate of work hardening) to avoid 
a confusion of terms. 
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Stress Induced Twin Boundary Motion In 


AuCd Alloys 


Deformation of AuCd alloys having the B' (orthorhombic) and 
B" (tetragonal) structures occurs by the stress induced motion of 
twin boundaries. A restoring force acts on displaced twin bound- 
aries as a result of internal energy increases in the volume through 
which the boundaries are displaced. The phenomonology of the twin 
boundary motion is described and a mechanism for twin boundary 
motion and the restoring force is proposed. A time-dependent stabili- 


zation behavior of the twin boundaries, which is observed after the 


H.K. Birnbaum 


twins are formed by the diffusionless phase transformations, is 


described. 


Tre AuCd £ phase (ordered bcc structure) exhibits 
a transformation to a phase having an orthorhombic 
structure, 8’ (space group D”), for compositions in 
the vicinity of 47.5 at. pct Cd and to a phase having a 
tetragonal structure, B” (point group 4/m, m,m), for 
compositions in the vicinity 50.0 at. pct Cd. Both 
transformations are diffusionless, occur on cooling 
at 60° and 30°C, respectively, and are crystallo- 
graphically reversible.’ * They are accompanied by 
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an inhomogeneous deformation which was observed 
to be twinning in the low-temperature phase. *”4 

The transformations may occur by a ‘‘single inter- 
face’’ or by ‘‘multiple interfaces.’’*® In the “‘single 
interface’’ transformation, the twinned product phase 
consisted of two twin orientations as shown in Fig. 1. 
In the multiple interface transformation the product 
phase contained ‘‘domains’’ each of which contained 
two twin orientations, Fig. 2. 

Deformation of specimens containing transforma- 
tion twins was achieved by motion of the twin bound- 
aries. Releasing the applied stress resulted in the 
displaced twin boundaries returning towards their 
initial positions. This ‘‘pseudo-elastic’’ behavior 
of the boundaries varied with time after the forma- 
tion of the twin boundaries by the transformation. 
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Fig. 1—Transformation twins in the B’ phase produced by 
a single interface type of transformation. A similar mi- 
crostructure may be obtained in the @” phase. X1800. Re- 
duced approximately 46 pct for reproduction. 


In addition to the motion of the transformation twin 
boundaries, the formation of new ‘‘mechanical’’ twin 
orientations was observed.” Qualitatively similar 
behavior was observed for the #’ and 8” structures. 


EXPERIMENTAL PROCEDURE 


Single crystals (3 mm in diam) were grown from 
99.99 pct Au and 99.98 pct Cd by a modified Bridg- 
man technique utilizing an extremely sharp thermal 
gradient. The crystals were annealed at 610°C to 
minimize microsegregation and prepared for metal- 
lographic examination by electrolytic polishing and 
etching using 95 cc H;O, 20 g Sucrose, 20 g KCN, 
12 g K2CO;3, with a current density of 10-20 amp per 
sq in. This polishing procedure delineated grain 
boundaries, sub-grain boundaries, and twin bound- 
aries by etching. Where the twin boundary motion 
was to be followed by surface tilts, the specimen 
was polished in the § phase. 

Tensile data were autographically recorded with 
an Instron Tensile Instrument. Test temperatures 
were maintained by placing the specimen in a fluid 
at the proper temperature. Specimens identical in 
orientation, composition, twin configuration and 
heat treatment were produced by etching the single 
crystals to a series of gage lengths 1/2 in. long 
and 1/16 in. in diam, separated by short segments 
3 mm in diam. The grips were designed to allow 
positioning of the specimen in the tensile instrument 
without altering the specimen temperature. 

As the twin boundary behavior was sensitive to 
the previous history, specimens were annealed at 
600°C and furnace cooled to 100°C in 4 hr unless 
otherwise specified. They were then transformed 
and held at 25°C for 6 days, except for specimens 
used to study the stabilization processes occurring 
after transformation. Specimens having the above 
history are referred to as ‘‘stabilized.’’ 


EXPERIMENTAL RESULTS 


1) Crystallography—Twinning elements were de- 
termined for the orthorhombic and tetragonal 
structures and are given in Table I. Twin compo- 
sition plane measurements were made by a two 
surface technique. In addition, the ‘‘mirror plane”’ 
for the twinning was determined from the relative 
twin orientations. In every case examined, the 
twin composition plane was identical with the K, 
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Fig. 2— Microstructure of the 8’ phase produced by a 
multiple interface type of transformation. A similar mi- 
crostructure may be obtained in the 8” phase. The fine 
markings within each transformation domain are trans- 
formation twins. X400 Reduced approximately 31 pct for 
reproduction. 


plane. The twin shear direction (7n,) and magnitude 
(S/2) were determined from considerations of the 
crystal geometry. The K, plane and the n, direction 
were eStablished by a stereographic construction. 
n, is irrational for the (111)p’ twinning. 

2) Stress-Induced Boundary Motion— The stress- 
strain behavior characteristic of the twin configura- 
tion produced by a single interface transformation, 
Fig. 3, may be characterized by: 

a) An initial increase of stress with increasing 
strain, during which the twin boundary displacement 
was too small to be observed metallographically. 

b) A second region in which the twin boundaries 
were displaced parallel to themselves, with a re- 
sulting increase in volume of one orientation. A 
slight dependence of the stress for boundary motion 
on position in the crystal was superimposed on the 
general increase in stress with displacement.* No 


*This occurred only on the first displacement of the boundaries with 
stress. Subsequent displacement resulted in a monotonic increase of 
stress with strain as in Fig. 3. 

‘‘vield point’’ phenomenon was observed for the 
boundary motion. Additions of zinc (0.5 at. pct) and 
annealing in a nitrogen atmosphere failed to produce 
any interfacial pinning. 

c) A rapid increase of stress with strain follow- 
ing the removal of one of the twin orientations. No 


Table |. Twinning Elements* 


(Orthorhombic)t (Tetragonal)+ 
(111) (011) 
K, (-0.731, 0.326, 0.602) (011) 
Ms [-0.667, 0.377, 0.644] [011] 
[211] [011] 
$/2 0.0778 0.0142 


*These results are in agreement with previous determinations** of 
the twin planes and composition planes which were made relative to the 
cubic phase axes. 

147.5 at. pet Cd 

$50.0 at. pet Cd 
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Fig. 3—Stress-strain curve, Fig. 3(a), and accompanying photomicrographs, Fig. 3(b), characteristic of twin boundaries 
produced by a single interface transformation. 47.5 at. pct Cd specimen tested at 25°C. Microstructures A to £ corre- 
spond to points 4 to E on the stress-strain curve. X400. Reduced approximately 57 for reproduction. 


slip lines were observed unless the specimen was 
loaded beyond this point. 

d) On releasing the load, the twin boundaries 
reappeared in the positions at which they had last 
been observed and moved back towards their initial 
positions producing the lower portion of the stress- 
strain curve. The twin boundaries could be stabilized 
at any position by holding them in the displaced po- 
sition for a sufficiently long time. They then tended 
to return to their new positions on further displace- 
ment. 

The restoring force on the boundaries was opera- 
tive at displacements even in excess of 0.01 mm. In 
the absence of stabilization effects the total strain 
obtained on loading was recovered on unloading, in- 
dicating that appreciable deformation by slip did 
not occur. Measurements of the integral breadth of 
high-angle X-ray reflections, (040)6’, using an 
oscillating crystal and parallel monochromatic 
(CuKy,) beam indicated a 10 pct increase in breadth 


STRESS (psi x 1073) 


STRAIN x10") 


Fig. 4—Stress-strain curve characteristic of the twin con- 
figuration produced by a multiple interface transformation. 
47.5 at. pet Cd specimen tested at 25°C. 
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after tne boundaries were displaced to give a total 
strain of 5 pct. 

The parameters used to discuss this type of twin 
behavior are: 

a) o7—the stress at which the twin boundaries are 
displaced, 7.@., the applied stress at the ‘‘knee’’ of 
the stress-strain curve. 

b) €,—the strain produced by twin boundary motion 
on loading. 

c) €,—the strain recovered on unloading the speci- 
men. €2/e€, is a measure of the recoverable strain. 

d) o,—the stress during unloading measured at 
1/2¢,. 

e) S,—the minimum slope of the stress-strain 
curve. 

The behavior of the twin configuration produced by 
a multiple interface transformation under stress is 
shown in Fig. 4. An approximately linear stress- 
strain relation, was characteristic of specimens con- 
taining many small domains. Both the domain bound- 
aries and the twin boundaries in the domains were 
mobile under the applied stress. Motion of the twin 
boundaries often resulted in single crystal volumes 
bounded by noncoherent twin interfaces which were 
observed to be mobile. On releasing the load, the 
boundaries experienced a restoring force which 
produced the lower portion of the stress-strain 
curve. Stabilization of boundaries in displaced po- 
sitions was observed to be qualitatively similar for 
boundaries produced by multiple and single inter- 
face transformations. This type of behavior may be 
characterized by: 

a) o/e—the slope or ‘‘twin modulus’? of the linear 
stress-strain relation. 

b) €2/€, —defined above. 

3) Stabilization Behavior after Transformation— 
Twin boundary behavior under stress was observed 
to vary with time after the diffusionless phase 
transformation at a rate which was dependent on 
composition, annealing procedure, number of trans- 
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Fig. 5—Variation of the tensile parameters with time after 
transformation. 47.5 at. pct Cd specimen transformed to 
the 8’ phase by a single interface transformation. Tem- 
perature of holding and testing was 25°C; 


formations, and temperature of holding in the low- 
temperature phase. In general, the stress required 
for twin boundary motion and the restoring force 
exerted on the displaced boundaries increased as 
the time after transformation was increased. Qual- 
itatively similar behavior was observed in both the 
orthorhombic and tetragonal structures. Stabiliza- 
tion after transformation was considerably more 
rapid in the tetragonal structure. 

Typical data for orthorhombic twins formed by a 
Single interface transformation and held at 25°C is 
shown in Fig. 5. o7 and €2/€ increased with time 
after transformation. After a multiple interface 
transformation the stabilization is characterized by 
the behavior shown in Fig. 6. At 25°C the twin 
modulus (o/e) increased to a maximum value at about 
200 min after transformation and then decreased 
with time to a constant value. At —196°C (Curve B) 
only a slight change was observed. The variation of 
€, /€, with time was similar for the twins produced 
by multiple interface and single interface transfor- 
mations. At —196°C there was no change in e,/e, 
from the value of 0.2, obtained 10 min after the 
transformation, for holding times of the order of 
10* min. 

4) Effect of Variables on the Stress Strain Param- 
eters in the Stabilized State—The orthorhombic and 
tetragonal structures exhibited qualitatively the same 
type of twin boundary behavior under stress. The 
total strain obtainable by the motion of the twin 
boundaries was greater in the orthorhombic struc- 
ture due to the larger twinning shear. In the ‘‘sta- 
bilized’’ state o/e was of the order of 4.1 x 10° psi 
for the tetragonal structure, and 2.9 x 10° psi for the 
orthorhombic structure. o7 exhibited a dependence, 
which was not examined in detail, on the orientation 
of the stress relative to the twin plane. The orien- 
tation dependence of o7 may account for the differ- 
ence in stress-strain behavior between the multiple 
and single interface transformation products. (The 
single interface product contains two twin orienta- 
tions while the multiple interface product may con- 
tain up to thirty twin orientations.) All values of 
or which are compared refer to the same orientation 
of stress relative to the twin plane and twin shear 
direction. o7 was of the order of 15 x 10° psi for the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


SS 
> 


-5 
% (psi x 10->) 
T 


T 


1 
| 10 100 1000 


TIME AFTER TRANSFORMATION (MINUTES) 


{0000 


Fig. 6—Variation of the twin boundary modulus with time 
after transformation. 47.5 at. pct Cd specimens trans- 
formed to the fp’ phase by multiple interface transforma- 
tion. Temperature of holding and testing: Curve A, 25°C; 
Curve B, —196°C. 


tetragonal twins and 7.0 x 10° psi for the orthorhom- 
bic twins. The tensile parameters were insensitive 
to the purity of the crystals for small additions of 
Zn and N,. 

The effect of temperature on the tensile param- 
eters of orthorhombic twins formed by a single in- 
terface transformation is shown in Fig. 7. or and 
S, increased and e2,/e, decreased as the test tem- 
perature decreased. Similar experiments on struc- 
tures formed by multiple interface transformations 
showed that o/e increased and e,/e, decreased as 
the test temperature was decreased. The effect of 
changing the test temperature on twin boundary re- 
covery was examined. After a stress cycle at 
—27°C for which e,/e, was 0.55, raising the speci- 
men temperature to 20°C under zero applied stress 
resulted in a further twin boundary recovery 
(€,/e€,) of 0.14. 


The effect of strain rate on the tensile param- 
eters is shown in Fig. 8. At 25°C both o7 and e,/e, 
increased linearly with the log (strain rate) for 


oO 
x = 
t+ 
” | 
am 
—200 -150 —|00 50 
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Fig. 7—Effect of the test temperature on the tensile param- 
eters of a specimen which had been transformed to the p’ 
phase by a single interface transformation. 47.5 at. pet Cd 
specimen stabilized at 25°C before testing. 
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Fig. 8—Variation of tensile parameters with strain rate. 
47.5 at. pet Cd specimen transformed by a single interface 
transformation. Stabilized and tested at 25°C. 


rates in the range 10~* to 10 min.~*. The strain rate 


dependence of ¢€,/e, was greater than that of o,. 

Stabilization of the twin boundaries, in displaced 
positions, was measured by maintaining a constant 
strain and determining twin boundary recovery on 
releasing the load as a function of the time the 
specimen was held under stress. Fig. 9 shows the 
stabilization for orthorhombic twins formed by a 
multiple interface transformation. In these meas- 
urements, €2/e, is inversely related to the amount of 
stabilization of the twin boundaries which took place 
at constant strain. At all temperatures, stabilization 
under stress initially decreased and then increased 
slowly for long times. A qualitatively similar be- 
havior was observed for orthorhombic twins formed 
by single interface transformations. The twinned 
tetragonal structure exhibited very little stabiliza- 
tion of displaced boundaries for holding times of the 
order of several hours at 25°C. 

The stress required for twin boundary motion 
decreased as the boundaries were cycled through 
the crystal, Fig. 10. Decreasing the stress after 
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Fig. 10—Effect of repeated stress-strain cycles on the 
stress required to move the twin boundaries. Curve 1 and 
3: 47.5 at. pct Cd specimens transformed to the ~’ phase 
by a single interface transformation and stabilized at 25°C. 
Curve 2: 50.0 at. pct Cd specimen transformed to the p” 
phase by a single interface transformation and stabilized at 
25°C. of is the stress required to move the twin boundaries 
during the first stress cycle. Curves 1 and 2: temperature, 
25°C. Curve 3: temperature, —70°C and 20°C as indicated. 
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Fig. 9—Variation of the restoring force exerted on the dis- 
placed twin boundaries with time of holding in the displaced 
positions. 47.5 at. pct Cd specimens transformed to the B’ 
phase by a multiple interface transformation and stabilized 
at 25°C. 


each measurement allowed the boundaries to re- 
turn towards their original position, and the next 
test was performed by moving the same twin bound- 
aries through the same volume of the specimen. 

At 25°C the decrease in or occurred gradually, 
while at —70°C the total decrease occurred after the 
first stress cycle. At points A and B oncurves 1 
and 2 the specimen was held at 25°C under zero 
stress for 30 min and at point C on curve 3 the 
specimen was warmed to 20°C; resulting in a partial 
recovery of o7. Subsequent tests at 20°C caused a 
further gradual decrease in or. o2 remained con- 
stant for all cycles as did S,;. At —70°C, the dif- 
ference between the stress on loading and the stress 
on unloading measured at 1/2€,, for all cycles ex- 
cept the first, was of the order of 1x 10° psi. At all 
temperatures, €,/€, was observed to be 1 for all cy- 
cles after the first. 


DISCUSSION 


Since the twinning dislocation Burgers vector is, 
in general, an irrational lattice vector for the struc- 
tures considered in this paper, dissociation of a per- 
fect dislocation to form a twinning and a sessile pole 
dislocation?” would require a high stress. A high- 
energy Stacking fault would be produced between the 
pole and twinning dislocations during the dissocia- 
tion. A twinning dislocation pole configuration may 
be produced by the intersection of a lattice disloca- 
tion, having a Burgers vector component normal to 
the twin plane and equal to the separation of the twin 
planes, with an existing twin boundary. The pole 
configuration, once formed, may operate under an 
applied stress to cause motion of the twin boundary 
in a manner similar to that discussed for the bcc 
and hcp lattices. 

As an alternative to the pole dislocation mechan- 
ism, the low value of the twinning shear in the p’ 
and 8” structures suggests the possibility of homo- 
geneously nucleating twinning dislocations. The 
twinning dislocation Burgers vectors are calculated 
from the crystal geometry to be 0.36A for (111) 
twinning in the 8’ orthorhombic structure and 0.066A 
for (011) twinning in the 6” tetragonal structure. The 
activation energy, U,, and the stress o, , required 
for nucleation of a dislocation loop of size, Y,, may 
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Table Il. Stresses and Activation Energies for Dislocation Nucleation 


B’ (Orthorhombic) B” (Tetragonal) 


U, OF 
(cm) (ev) (psi) (ev) (psi) 
1254 352 46 0.65 
107 99 26 3.8 5.1 

2.0 x 10? 0.30 41 

107° 0.46 520103 0.021 2.9 x 10? 
TOs’ 0.019 9.0 x 10° 0.0011 175x105 


_ Te 
= E 1| 


= magnitude of Burgers vector 
= shear modulus ~ 10'* dynes/cm? 


¢ = Shear stress 
Tr, = dislocation loop radius 


be estimated using the relations given by Cottrell,” 
assuming isotropic elasticity, that the core energy 
of the twinning dislocation is negligible compared to 
the strain energy and that the entropy of activation 
may be neglected. An examination of the atom move- 
ments during the twinning shear in these structures 
indicates that identity of nearest neighbors, and 
therefore, the long range order of the lattice is not 
affected. Table II shows the results of this calcula- 
tion. As these values do not include the interfacial 
energy of the twinned area encompassed by the 
twinning dislocation loop they are applicable only to 
nucleation adjacent to an existing twin interface. 
For the stresses required to move the twin bound- 
aries, the thermal energy available in the tempera- 
ture range examined was of the order of the re- 
quired activation energy. It therefore appears, that 
the homogeneous nucleation of twinning dislocation 
loops is possible in these structures. This mechan- 
ism results in the motion of the twin boundary by 
the addition of successive atomic planes to the 
twinned lattice. The experimental observations may 
be interpreted on this basis. Reference will be made 
to the idealized stress-strain curve shown in Fig. 11 
for twins formed by a single interface transforma- 
tion. The same mechanism is believed to be appli- 
cable to twins formed by multiple interface transfor- 
mations. However, since these twins terminate at the 
domain boundaries, there is the additional feature of 
accommodation at the ends of the twins.’? Data ob- 
tained after multiple interface transformations will 
be used where the behavior of the twins is qualita- 
tively similar to that of the twins formed by a single 
interface transformation. 

of will be written as oy + or where oy is the 
stress required to nucleate the twinning dislocations 
and op is the stress due to the restoring force. If 
the nucleation of twinning dislocations is rate limit- 
ing in the twin interface motion, the strain rate may 
be written 


N y [1] 


where y is the strain associated with the formation 
and motion of a single twinning dislocation, A is a 
suitable frequency factor, and N is the product of the 
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Fig. 11—Idealized o-« relation for a specimen which was 
transformed by a single interface transformation. 


number of active twin interfaces per unit length and 
the number of nucleation sites per twin plane. Using 
the expression for U,** oy may be written: 


Cu 

kT 

where is the shear modulus, b is the magnitude of 
the twinning dislocation Burgers vector, C is 1/16 
[(in 1], is the critical sized dislocation 
loop, and 7, ~ 20. 

Oz may be written as op— o, where o, is a Stress 
which arises from the resistance of the lattice to the 
motion of the twinning dislocations. It will be shown 
that on releasing the stress, motion of the boundaries 
towards their initial positions is controlled by motion 
of existing dislocation loops. The boundaries will 
continue to move back towards their original posi- 
tions as long as Op > o;. This inequality implies 
that on subsequent stress-strain cycles with the 
same set of twin boundaries the measured value of 
€2/€, Should equal 1, as is experimentally observed. 

The experimental observations are consistent 
with a reversible increase of internal energy by the 
moving interfaces. The restoring stress may be 
written as 


[2] 


Ov = 


1 9 (Internal Energy) 


a 0 (Boundary Displacement) 


where a is the twin boundary area. Since the twin 
configuration remains constant, the increase in 
orwith displacement reflects an increase in gp. 
Op may be approximated by og + S,€ where op 

is the value at the initial position and S, is 


1 9° (Internal Energy) 


a 0(Boundary Displacement)? 


The stable dislocation Burgers vectors in the AuCd 
B phase (ordered bee, structure) are the a <111>, a 
<110> and a <100>.** These vectors transform to 
the [a,b, o], [a, 0, c], 3[2a, b, c,|, [o, b, [o, 0, 
[a, 0, o], and b, vectors in the orthorhom- 
bic structure® and to the [a,a,c], [a,a, o], [a, 0, c], 


VOLUME 218, AUGUST 1960-667 


= On 
| R a 


(101) 
A 

(510) 
AoA, 
Aea 
Aoa A 
Aead 
4 
Ol 


IN 
is 


A 0 AoadAo A 
BA 
Aoa 
AAA 
AOA 


Fig. 12—Schematic projection on the (101) plane of the B” 
tetragonal structure showing an order fault bounded by two 
a/2 [111] partial screw dislocations. Triangles: Au atoms, 
Circles: Cd atoms, Open symbols: plane 1, Solid symbols: 
plane 2, Twin plane: (101), n,:[101). 


[a, 0, 0] and [o, 0, c] vectors in the 6” tetragonal 
structure.* These Burgers vectors do not disturb 
the order of the 8, B’ or 6” structures. The follow- 
ing dissociations may occur: 


[a, b, 0] — 2[a, b, 0] + 2[a, b, o] 


[a5 [a, 0, + 0, ¢] 


in the #’ structure, and 


[a, a, c] a, c] + 3[a, a, 

in the 8” structure. Since the resulting Burgers 
vectors are not perfect lattice translation vectors 
in the ordered structure, the dissociated dislocations 
will be separated by a ribbon of disordered lattice, 
termed an order fault. A schematic projection of 
the order fault which separates two [a/2, a/2,-c/2] 
screw dislocations in the tetragonal 6” structure is 
shown in Fig. 12. Similar configurations exist in 
the #’ structure. The interaction of the twinning 
dislocations lying in one plane with the order faults 
in different planes provides a barrier to the passage 
of the twinning dislocations. The lattice strain at a 
twinning dislocation (b along the [101]) decreases 
the nearest neighbor distance between Au and Cd 
atoms on the (101)8” twin plane in the vicinity of the 
twinning dislocation line. In the order fault, how- 
ever, these nearest neighbor distances correspond 
to Au- Au and Cd-Cd distances. As the Au and Cd 
atoms appear to have partial ionic character in the 
AuCd alloy**”** this should result in a large increase 
in energy as the twinning dislocation approaches the 
order fault. 
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Fig. 13—Schematic of twin boundary showing order fault 
configuration in the 8” structure. Twin plane: (101), 7, : 
[101], order fault plane: (101), Burgers vector of partial 
dislocations: a/2 [111]. 


Under conditions of homogeneous nucleation the 
order faults provide a local barrier to the passage 
of twinning dislocations. As each plane is sheared 
to the twin orientation, a disc of the initial orienta- 
tion (the bounding surface of which is a twinning 
dislocation) remains about each order fault. The 
configuration behind the moving interface is a 
series of order faults encompassed by cylinders 
of untwinned crystal, the bounding surfaces of which 
are composed of an array of twinning dislocations 
as shown schematically in Fig. 13. The resulting 
increase in energy in the volume behind the inter- 
face is removed by reversal of the direction of 
boundary motion, and exerts a restoring force on 
the displaced boundary. On decreasing the stress, 
motion of the boundary towards its initial position 
may occur by expansion of the twinning dislocation 
loops which bound the order faults. The line ten- 
sions and interaction energy of the twinning dis- 
locations which encompass the order fault tend to 
cause collapse of the loops through the order fault 
resulting in a decrease in the restoring force with 
time as experimentally observed. 

The energy of the order fault configuration can be 
shown to have the proper dependence on boundary 
displacement. The total energy of each order fault 
configuration may be written as the sum of the self 
energies of the dislocations in the configuration and 
the interaction energy, 7. e., 


n n 
= i=1 


f oj, ba [3] 


where is the stress due to the j dislocation on 
the twin plane and in the twin shear direction, and 
the summation is carried out over the n dislocations 


in the configuration. S, may, therefore, be expressed 
as 
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~_ ofl (101) 
[iol] 
7] 
b= [iT] | 


where x is a linear function of the strain, and a is 
the boundary area. S, should be equal for the initial 
displacement and for the return of the boundaries in 
agreement with experiment. Expression [3] results 
in a restoring stress which has the correct strain 
dependence, op + Soe. 

The observed dependence of of on strain rate and 
temperature is in qualitative agreement with [3]. A 
direct comparison cannot be attempted as p and b 
are expected to depend on temperature in a manner 
which has not been determined. og may depend on 
temperature and strain rate as a result of variation 
in the amount of relaxation behind the boundary which 
occurs Simultaneously with the boundary motion. 

Since the condition op = of Should apply during the 
return of the twin boundaries towards their initial 
positions, the variation of €,/e, indicates the rela- 
tive dependence of orand of on temperature and 
strain rate. The observation that ¢«,/e, decreased 
as the temperature of the test was decreased indi- 
cates that o, increased with decreasing temperature 
-at a rate which was greater than the variation of op. 
This is further indicated by the observations that 
after complete stress-strain cycles at low tempera- 
tures for which e,/e, < 1, further recovery occurred 
at zero applied stress when the temperature was 
raised. 

The observed decrease in o7 during repeated 
stress cycles may be due to a decrease in oy. 
the order fault configuration is expected to be 
stable, or Should not change on repeated stressing. 
This is indicated by the observation that S, was 
constant for repeated stress cycles. The decrease 
in oy may be the result of retention of small twinning 
dislocation loops behind the returning twin inter- 
faces during unloading. On subsequent stressing this 


has the effect of increasing y in [2] and decreasing 
oy to an extent which depends on the temperature and 
strain rate. At low temperatures, oy may become 
less than of. o7 would then equal of + og and would 
remain constant on further stress cycles. 


As 


CONC LUSIONS 


Motion of twin boundaries was studied in the AuCd 
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B' and p” structures. The observed twin planes were 
the (111) 8’ and the (011)8” plane. The twin bound- 
aries behave ‘‘pseudo-elastically’’ under the applied 
stress. A restoring force which resulted from an in- 
crease in internal energy of the volume behind the 
displaced twin boundary was shown to be operative. A 
mechanism for the motion of the twin boundaries and 
for the restoring force was proposed which has the 
following features: 

1) Nucleation of twinning dislocations under the 
applied stress was shown to require a thermal acti- 
vation energy of the order of 0.1 ev. 

2) Twin boundary motion occurs by nucleation of 
twinning dislocations adjacent to the existing twin 
interfaces and growth of these dislocation loops 
under the applied stress. 

3) The proposed mechanism for the restoring 
force is based on the presence of order faults in the 
crystals, which provide a barrier to the motion of 
the twinning dislocations. It was proposed that un- 
twinned cylinders are formed about these order 
faults behind the displaced twin boundary. Since this 
configuration is reversible with the motion of the 
twin interfaces, it provides an effective restoring 
force. 
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Co-Rich Intermediate Phases in the Cb-Co System 


Metallographic and X-ray diffraction study of Cb-Co alloys 
in the composition range of 7 to 33 at. pct Cb, after annealing at 
1175°C, showed that near 25 at. pct Cb an MgNiz-type hexagonal 
Laves phase exists ina narrow composition range, and that an 
MgCuz-type cubic Laves phase occurs between approximately 
27 and 32.6 at. pct Cb. Lattice parameter and density measure- 
ments indicated that, in both phases, the deviations from proper 
Laves stoichiometry result from the substitution of cobalt atoms 
for some of the columbium atoms, The same phases occur at 


1000°C, together with an additional phase of unknown structure, 
which appears between the hexagonal Laves phase and the cobalt- 


base terminal solid solutions. 


K OsTER and Schmid! identified a phase corre- 
sponding to the composition VCo,, and more re- 
cently the crystal structure of this phase has been 
determined.* In the Ta-Co system Korchynsky and 
Fountain® recently found two intermediate phases 
at the composition TaCo,, one of them metastable. 
In contrast to the V-Co and the Ta-Co systems, in 
the Cb-Co system no intermediate phase has been 
found? at the composition CbCo,. The present in- 
vestigation was undertaken in order to reexamine 
the question of the existence of such a phase. 


EXPERIMENTAL PROCEDURE 


Twelve alloys were prepared by arc-melting in a 
water-cooled copper crucible under helium atmos- 
phere. Electrolytic cobalt and 99.9 pct pure colum- 
bium powder have been used as Starting materials. 
It was found that melting losses can be reduced by 
compressing the columbium powder in the form of 
thin pellets before melting. For the alloys used the 
melting losses were not higher than 1 pct. The 
intended compositions of all alloys and the chemical 
analyses of three of them are given in Table I. 
Specimens from all alloys were annealed in evac- 


Table |. Composition of Cb-Co Alloys Used 


Intended 
Composition, a/o Cb 


Results of Chemical 
Analysis, a/o Cb 


6.58 
10.1 
13.7 
17/5 
21.4 
23.0 = 
24.6 24.8 
26.3 
28.0 = 
32.6 
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uated fused silica tubes at 1175°C for 3 days and 
quenched in cold water. A second set of specimens 
of most alloys was annealed at 1000°C for 7 days 
and then quenched in cold water. 

The annealed and quenched specimens were ex- 
amined metallographically, using the following 
etchant: 60 pct glycerine +20 pct H,NO,+ 10 pct HF 
+ 10 pet water. Powder specimens for X-ray dif- 
fraction were prepared by crushing annealed solid 
specimens in a mortar. Alloys containing 27.3, 28, 
29.7, and 32.6 at. pct Cb annealed at either 1175° or 
1000°C were very brittle and it was found unneces- 
sary to reanneal the powders. However, alloys con- 
taining 24.8 at. pct Cb, or less, especially those an- 
nealed at 1000°C, were much less brittle and re- 
annealing was required to remove the strains pres- 
ent in the crushed powders. In each case reannealing 
was done at the same temperature at which the cor- 
responding solid specimens were annealed and it, 
too, was followed by quenching in cold water. In 
many instances X-ray diffraction patterns were al- 
so taken of the polished and etched solid specimens 
and compared with the corresponding X-ray diffrac- 
tion patterns obtained with powders. The X-ray 
diffraction patterns were taken with an asymmetrical 
focusing camera, using CrK radiation. For precision 
lattice parameter measurements some X-ray dif- 
fraction patterns were taken with a symmetrical 
focusing camera, again using CrK radiation. 


EXPERIMENTAL RESULTS 


A microscopic examination of the alloys annealed 
at 1175°C revealed that the alloy containing 25.5 at. 
pet Cb was composed of a single phase, but that the 
24.8 at. pct Cb alloy did contain a small amount of a 
second phase, identified by means of X-ray diffrac- 
tion as having a fcc structure, undoubtedly the ter- 
minal solid solution based on cobalt. Apart from 
the few very weak lines corresponding to this minor 
phase, the X-ray diffraction patterns of these alloys 
could be well interpreted in terms of a Mg Ni,-type 
hexagonal Laves phase structure. The indexing of 
the X-ray diffraction pattern, Table II, was based on 
the lattice parameter values a, = 4.740A and CS 
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Table Il. X-Ray Diffraction Pattern of CbCo, 


Indexing based on MgNi,-type structure. Structure factors were calcu- 
lated by random substitution of two Co atoms per unit cell for Cb atoms. 
The two intensities marked ( )* were calculated on the basis of ordered 
substitutions, as described in Discussion. 


Spacings, A Intensities 
(hki.1) Obs. Calc. Obs. p|F|?x10-3 
(101.4) 2.80 2.81 vw 5 
(000.6) 2.55 2.57 w 0 (11)* 
(101.5) 2.46 2.47 w 78 
(112.0) 2.369 2.369 s 288 
(112.2) 2.264 2.265 vw 0 (62)* 
(101.6) 2.178 2.178 vs 500 
(202.0) 2.051 2.052 vw 30 
(202.1) 2.032 2.033 m 187 
(112.4) 2.017 2.019 vvs 1030 
(202.2) 1.982 1.983 vs 585 
(101.7) 1.943 1.942 w 185 
(000.8) 1.931 1.929 w 162 
(202.3) 1.905 1,906 mw 164 
(202.4) 1.810 1.811 vw 31 
(101.8) 1.753 1.745 vw 31 
(213.5) 1.386 1.386 vw 99 
(303.0) 1.367 1.368 w 183 
(213.6) 1.328 
(202.9) 1.316 1.315 vw 80 
(303.4) 1.289 1.289 s 667 
(000.12) 1.286 1.286 m 111 
(213.7) 1.268 1.268 w 238 
(202.10) 1.234 1.233 m 695 


= 15.45A, corresponding to a unit cell volume of 
300.6A°. These lattice parameter values were ob- 
tained by using the 303.4, the 202.10, and the 224.0 
reflections. 

Metallographic examination of the alloys contain- 
ing 27.3, 28, 29.7, and 32.6 at. pct Cb indicated that 
these were composed of a single phase after anneal- 
ing at 1175°C and quenching. The X-ray diffraction 
patterns for all these alloys could be adequately 
indexed on the basis of a MgCu,-type cubic Laves 
phase structure, as proposed by various investiga- 
tors’ for CbCo,. In this series of X-ray diffraction 
patterns, it was observed that the lattice parameter 
varied systematically with increasing columbium- 
content. Precision lattice parameter measurements 
were then made for these alloys, using the 333 and 
the 440 reflections. The change in the lattice param- 
eter with columbium-content is shown in Fig. 1, 
which also gives the change in the volume of the unit 
cell. 

In addition to the diffraction lines attributed to the 
cubic Laves phase, one or two very weak diffraction 
lines were observed in all patterns, which could not 
be indexed on the basis of this structure. Metallo- 
graphic exaniination also indicated that many of the 
alloys contained minor amounts of an unknown phase. 
The weak X-ray diffraction lines probably corre- 
spond to this phase. This phase may be attributed 
to some impurity, or to failure to achieve equi- 
librium on annealing. As described in more detail 
further below, considerable difficulty was encoun- 
tered with the specimens annealed at 1000°C, be- 
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Fig. 1— Lattice parameter (A) vs composition (empty cir- 
cles) and Unit Cell Volume (A%) vs composition (filled cir- 
cles) for MgCu,-type Cubic Laves Phase. 


cause equilibrium was not attained. 

The X-ray diffraction pattern of the alloy contain- 
ing 27.3 at. pct Cb, annealed at 1175°C and quenched, 
comprised, in addition to the X-ray diffraction lines 
of the cubic Laves phase, two weak lines correspond- 
ing to the 101.6 and the 202.2 reflections of the hexa- 
gonal Laves phase. These occur as very strong lines 
in the diffraction patterns of the alloys with 24.8 and 
25.5 at. pet Cb. It may be, therefore, concluded that 
the 27.3 at. pet Cb alloy lies in the two-phase field, 
but very near to the boundary of the cubic Laves 
phase. 


@ 
@ 
\ 


@ 


N 


Density, g/cm? 
@ 


25 27 29 3I 33 
atomic % Cb 


Fig. 2—Comparison of density calculated from lattice 
constant, assuming substitution of columbium by cobalt 
atoms without vacancies (continuous line), and assuming 
vacant columbium-sites (dashed line), with gravimetrically 
measured density (empty circles) for MgCu,-type Cubic 
Laves Phase. 
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Table fil. Diffraction Pattern for the X-Phase, CrK Radiation 


Table IV. Diffraction Pattern for the Y-Phase, CrK Radiation 


Line No. Sin 0 d Intensity Remarks Line No. Sin 0 d Intensity Remarks 
ft 0.3512 s vw B corresp. to line no, 2. 1 0.3361 a vvw 'B corresp. to line no. 2. 
2 0.3853 2.972 m = 2 0.3683 3.109 vvw = 
3 0.4345 os w B corresp. to line no. 4. 3 0.3751 3.052 vvw _ 
4 0.4772 22399 s = 4 0.4210 2.720 vw 
5 0.4997 229i vvw Diffuse as compared 5 0.4535 to ine 
ether 6 0.4563 vvw 3 corresp. to line no. &. 
6 0.5262 - w B corresp. to line no. Ue 7 0.4968 7.305 aS aS 
7 0.5777 1.980 vs 0.5015 983 
- 9 0.5101 - vvw B corresp. toline no, 
10 0.5161 2.219 vw 
= 11 0.5238 vvw B corresp. to line no. 18. 
12 0.8687 1.318 ve x 12 0.5414 2.115 vw zs 
13 0.9292 1.235 vw - 13 0.5452 2.100 vw _ 
14 0.5515 2.076 vvw - 
15 0.5599 2.045 m = 
For all specimens described above the density was a6 0.5628 2.034 w - 
measured by weighing the specimens both in air and 
submerged in water. The results of the gravimetric 19 0.6086 1.881 tue e 
density measurements, and the corresponding X-ray 20 0.7841 1.460 vvw = 
densities are shown in Fig. 2. 1 0.8438 1.357 aw fs 
The alloys containing 23 at. pct Cb, or less, con- 22 0.8609 1.330 vw — 
i : xagonal Laves phase and 23 0.8656 1.323 vvw = 
sisted of two phases: the hexagon p 


the cobalt-base fcc solid solution, as shown by both 
X-ray diffraction patterns and metallographic ex- 
amination. It may be, therefore, concluded that at 
1175°C there is no intermediate phase between the 
fec terminal solid solution and the hexagonal Laves 
phase. 

Of the specimens annealed at 1000°C, those with a 
columbium-content higher than 27.3 pct gave the 
same X-ray diffraction patterns as those obtained 
for the corresponding alloys annealed at 1175°C. It 
appears, therefore, that the cubic Laves phase is 
stable at 1000°C in approximately the same compo- 
sition range as at 1175°C. Similarly, the 1000°C- 
annealed specimen containing 25.5 at. pct Cb gave an 
X-ray diffraction pattern corresponding to the MgNi,- 
type hexagonal Laves phase, so that this phase, too, 
is apparently stable at 1000°C. However, the X-ray 
diffraction pattern for the alloy containing 24.8 at. 
pet Cb annealed at 1000°C consisted of two sets of 
lines, one set corresponding to the hexagonal Laves 
phase and the other to an unidentified phase, desig- 
nated as X. The diffraction lines corresponding to 
phase X could be observed even more prominently 
in the X-ray pattern taken of the powder specimen 
containing 23 at. pct Cb. The coexistence of the 
X-phase and of the fcc terminal solid solution was 
observed in the X-ray patterns of the powder speci- 
mens of all alloys containing less than 23 at. pct Cb. 
For this reason, it appears from the data that at 
1000°C there is no other intermediate phase between 
phase X and the fcc terminal solid solution. Phase X, 
which does not occur at 1175°C, appears to have a 
narrow composition range at 1000°C near 23 at. pct 
Ch: 

X-ray diffraction patterns taken with polished and 
etched solid specimens of 23 at. pct Cb or less, 
rather than with the corresponding reannealed pow- 
ders, gave a rather complicated picture for the 
1000°C series of specimens, which it was difficult to 
interpret in terms of equilibrium conditions. The 
lines corresponding to the X-phase occurred in all 
patterns in this series. However, these diffraction 
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lines were much weaker than the corresponding ones 
obtained in patterns taken with powder specimens of 
the same alloys, under similar conditions. Another 
set of diffraction lines found in the patterns taken 
with the solid specimens was tentatively associated 
with another phase, designated as Y, Table III. Metal- 
lographic examination of these solid specimens indi- 
cated the presence of at least three phases in all of 
them. Accordingly, it is likely that equilibrium was 
not attained at 1000°C during the annealing period of 
7 days. It is very probable that the reannealed pow- 
ders reproduced more faithfully the true equilibrium 
conditions, since extensive plastic deformation may 
be expected to increase greatly the diffusion rate 
during subsequent final annealing at 1000°C. Accord- 
ingly, the Y-phase is most likely not an equilibrium 
structure in this system at 1000°C. 


DISCUSSION 


Wallbaum® reported the existence of an MgNi.-type 
hexagonal Laves phase at the composition Cbo ,,Niz 1, 
However, Jordan and Duwez’ were unable to find this 
phase; they found the MgCu;-type cubic Laves phase 
at the composition in question. The more recent 
work of Elliot® also led to the conclusion that both 
CbCo, and Cbhy .,Cbz.,, are isomorphous with the 
MgCu,-type cubic Laves phase, and that an MgNi,- 
type hexagonal Laves phase may not occur in this 
system. The present work indicates that the MgNi,- 
type hexagonal Laves phase definitely does occur, 
but not at the composition Cbo,g:COo, 19 (27 at. pet 
Ch) originally reported by Wallbaum, but rather 
very near to the composition CbCo,. 

It is interesting that a somewhat similar situa- 
tion was found to exist also in the Ti-Co system. 
Witte and Wallbaum’ found that a cubic MgCu, - 
type Laves phase exists in this system with an 
excess of titanium atoms and that a hexagonal 
MgNi,-type Laves phase is formed with an excess 
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of cobalt atoms. Duwez and Taylor® found only the 
MgNi,-type structure, while Elliot® found only the 
MgCu,-type Laves phase. A. E. Dwight? found that 
both Laves phases occur, the MgNi,-type at around 
31 at. pct Ti, and the MgCu,-type at about 36 at. pet 
Ti. It may be concluded that in both the Cb-Co and 
the Ti-Co systems the MgNiz-type hexagonal Laves 
phase occurs at a composition higher in Co than 
would be expected on the basis of ideal AB, stoichio- 
metry. 

In view of the rather considerable deviation from 
ideal AB, stoichiometry found in the Cb-Co system 
for the hexagonal Laves phase the question must be 
considered whether or not this deviation is con- 
nected with a ‘‘defect structure.’’ Assuming that the 
CbCo, composition is achieved by leaving a cor- 
responding number of columbium-positions vacant 
in the structure, the density calculated from the 
lattice parameters is 7.94 g per cm®*. On the other 
hand, if the assumption is made that out of the eight 
columbium positions in the unit cell six are occupied 
by columbium atoms, as usual, but two are occupied 
by the excess cobalt atoms (corresponding to the 
CbCo, composition), the density calculated from the 
lattice parameters is 8.91 g per cm*. Since the 
gravimetrically measured density for this alloy was 
8.90 g per cm’, with an estimated accuracy of + 0.03, 
it must be concluded that the second assumption is 
correct and that 25 pct of the columbium- positions 
are in fact occupied by the excess cobalt atoms, 
without leaving vacancies in the structure, within the 
estimated accuracy of the density measurements. 

Since the excess cobalt atoms were found to sub- 
stitute for columbium atoms in the MgNi,-type struc- 
ture, it is appropriate to consider whether or not any 
order may be associated with this substitution, par- 
ticulary in view of the CbCo; stoichiometry of this 
phase. The observed diffraction lines were at first 
indexed on the basis of the MgNi,-type unit cell. All 
reflections for which h—k = 3n and / is odd were 
absent, as expected from the general extinction rule 
for the MgNi2-type structure with space group 
Structure factors and p | E | * values were calculated, 
assuming random substitution of cobalt atoms for 
25 pet of the columbium atoms, with the following 
atomic positions: 


4 [3/4 Cb + 1/4 Co] in 4(f): + (V/s 2, 7s 7/3 +2); 


21/30 


4 [3/4 Cb + 1/4 Co] in 4(e): + (002, 00 2 +2), 2= 7/22 


6 Co in 6(g): ¥20 0, 0% 0, 0, 

6 Co 2X 
= 

4 Co in 4(f): +(/s 7s 2, 7s +2), 


The observed intensities approximately correspond 
to the p te}? values calculated, Table II. However, 
an important discrepancy was noted, namely the 
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presence of weak lines corresponding to the (000.6)- 
and (112.2)-reflections. The calculated structure 
factors indicate that all reflections should be absent 
for which h —k = 3n and 1 = 4n + 2, if the cobalt 
atoms are substituted randomly for the columbium 
atoms. The presence of the (000.6) and (112.2) re-_ 
flections shows that the substitution is accompanied 
by ordering. The extinction for those reflections for 
which h —k = 3n and 1 = 4n + 2 breaks down if the 
extra cobalt atoms preferentially occupy either the 
A(f) sites or the 4(e) sites, which are normally oc- 
cupied by columbium atoms. From this and from 
the fact that diffraction lines for which h —k = 3n 
and J = 2n +1 were found to be absent, it may be 
concluded that the two extra cobalt atoms per unit 
cell, which are substituted for columbium atoms, 
should be accommodated in one of the following four 


pairs of sites: 1/3 2/3 z and 2/3 1/3 1/242 or 


2/3 1/3z and 1/3 2/3 1/22 (sites 4(f); with 

zZ = 27/32) or 00z and 00 1/2 +z or 002 and 00 1/2-z 
(sites 4(e); with z = 3/32). It was not possible to 
differentiate between these four alternative order- 
ing schemes from the powder patterns taken. Re- 
gardless of the choice of these four alternatives, 

the ordered structure has a unit cell of the same 
size as that of the MgNi2-type structure corres- 
ponding to normal stoichiometry, but the space 
group is Cé, instead of Dé). 

The MgCu,-type cubic Laves phase was found to 
occur over a relatively wide composition range, 
from 27.3 to 32.6 at. pct Cb. Within this range, the 
lattice parameter increases linearly from 6.713 to 
6.770A as shown in Fig. 1. The volume of the unit 
cell also changes linearly from 302.6 to 310.2A°, 
Fig. 1. Density measurements were made gravi- 
metrically over the whole composition range, and 
the measured densities are compared with the 
densities calculated from the lattice parameters, 
Fig. 2, assuming that the excess cobalt atoms oc- 
cupy some of the columbium positions, without any 
vacancies (solid line in Fig. 2) or, alternatively, 
assuming that the changed stoichiometry results 
from a defect lattice (dashed line in Fig. 2). The 
results indicate clearly that the variable stoichio- 
metry of the cubic Laves phase is a result of the 
progressive invasion of Cb-sites by Co atoms, 
without vacancies. No superlattice lines were ob- 
served in the X-ray diffraction patterns. 


CONC LUSIONS 


1) The phase which exists at 1000° and 1175°C 
in a narrow composition range at CbCo, has a 
MgNi,-type hexagonal Laves phase structure. The 
CbCo, stoichiometry is attained by substituting two 
cobalt atoms per unit cell in place of columbium 
atoms in either sites 4(f) or sites 4(e), referring to 
space group D%, of the MgNi,-type Laves phase of 
normal stoichiometry. 

2) At both 1000° and 1175°C a MgCu,-type cubic 
Laves phase extends from approximately 27.3 to 
32.6 at. pct Cb. The lattice parameter increases 
with the columbium-content from 6.713 to 6.770A. 
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Comparison of the X-ray density with the gravi- 
metrically measured density for these alloys 

shows that the variable stoichiometry of this Laves 
phase is a result of the progressive occupation of 
columbium-sites by cobalt atoms, without vacancies. 
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The Oxidation of Iron in Carbon Dioxide-Carbon 


Monoxide Atmospheres 


The linear formation rates of wustite films have been de- 
termined over the temperature vange 590° to 1030°C using a 
vacuum microbalance technique. These vates are dependent di- 
rectly on the partial pressure of carbon dioxide. Activation ener- 
gies for film and scale formation in carbon dioxide and oxygen 
atmospheres are equivalent to either the dissociation energies of 


carbon dioxide and oxygen, or the activation energy for the dif- 


fusion of cation vacancies in wustite. 


OF the metals, iron is the most widely used basic 
constituent of durable alloys despite its intrinsic 
property of converting at a relatively rapid rate to 
the oxides from which it is derived. This property 
has accounted partially for many investigations on 
the oxidation of iron at low and high temperatures. 
Interpretation of the results have been complicated 
by formation of multilayers containing the various 
oxide phases. To aid in elucidation of the oxidation 
kinetics, measurements have been carried out in 
this investigation on the growth of the wustite sur- 
face layer. 

There are several studies directly related to the 
objective of this investigation. The growth of multi- 
layer scales has been demonstrated to be diffusion 
controlled in oxygen at atmospheric pressure over 
the temperature range 450° to 1200°C by Davies, 
Simnad, and Birchenall.’ To gain an insight into the 
diffusion mechanism, Himmel, Mehl, and Birchenall? 
determined the self-diffusion coefficients of iron in 
wustite, magnetite, and hematite. These results 
were used to evaluate the oxidation rates of iron and 
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its oxides, taking as a basis the theoretical parabolic 
rate equation developed by Wagner.* The evaluations 
were compared to experimental data and were shown 
to provide essential confirmation of this theory. 
Fischbeck, Neundeubel, and Salzer* have demon- 
strated that the oxidation of iron in carbon dioxide 
and other atmospheres at high temperature obeys a 
linear relationship. Because the Arrhenius tempera- 
ture coefficients of the reaction rate constants 
changed at the A, point they concluded that the pas- 
sage of iron into the oxide controlled the reaction. 
This viewpoint has been accepted by Bénard and 
Talbot® to explain the occurrence of linear rates 


~in oxygen before the onset of diffusion-controlled 


parabolic oxidation. 

This basic premise of a rate-controlling reaction 
at the iron/oxide interface has been questioned re- 
cently by Hauffe and Pfeiffer.® Since the formation 
of wustite may follow a linear or parabolic relation- 
ship depending on the pressure of the gaseous re- 
actant, they propose that linear oxidation is deter- 
mined by a chemisorption reaction while parabolic 
oxidation is controlled by diffusion. As confirmation 
of this viewpoint, Hauffe and Pfeiffer® and Pfeiffer 
and Laubmeyer’ have established that the linear 
scaling constants of wustite formation at 1000°C in 
carbon-dioxide or low-pressure oxygen atmospheres 
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Fig. 1—Oxidation of iron in a 1:1 (vol. pet) carbon dioxide- 
carbon monoxide atmosphere over the temperature range 
590° to 785°C. 


may be represented by similar pressure dependent 
relations, 


= constant (Ko,/Ro)°*” = constant [1] 

The different oxidation characteristics of a and y 
iron are attributed to the effect of oxide orientation 
on the chemisorption reaction. Mehl and McCandless® 
have shown an orientation relationship between a iron 
and wustite along their common surface plane and of 
the dodecahedral direction in the cube plane of iron 
witha cube direction in the cube plane of wustite. Al- 
though the experimental results are meagre, Bardolle® 
has proposed that epitaxial relationships cause dif- 
ferent orientations between iron and wustite on the a 
and y phases of iron. The (111) plane of y iron, the 
surface of largest density of atomic iron, is oriented 
to the basal plane of wustite. These thicknesses of 
oriented oxide on either a or y iron cannot be de- 
termined from published studies.”*”** 

These earlier studies have been concerned with 
the formation of relatively thick wustite layers. This— 
present work was designed to investigate the forma- 
tion of films of wustite in carbon dioxide-carbon 
monoxide atmospheres over the temperature range 
590° to 1030°C. An analysis of the kinetic results 
should lead to a further insight into the oxidation 
characteristics of a iron in its ferromagnetic and 
paramagnetic states and yiron. 


EXPERIMENTAL 


The high-purity iron was received from the Na- 
tional Research Corp. as a vacuum melted and cast 
6-by 2-in. diam ingot. The chemical purity was 
similar to that employed by Himmel, Mehl, and 
Birchenall? in the diffusion studies of iron oxides. 

A conductometric analysis showed an impurity con- 
tent of 0.004 pct C. Slabs of 3/8 in. thickness were 
cut from this ingot and cold rolled by multiple passes 
to 0.02-in. sheet. Specimens of approximately 0.025 
cm thickness and surface area of 7.2 sq cm were 
prepared from this sheet by abrasion with metal- 
lographic papers to a 4/0 fineness. 

A vacuum microbalance assembly, similar to that 
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Fig. 2—Oxidation of iron in a 1:1 (vol. pet) carbon dioxide- 
carbon monoxide atmosphere over the temperature range 
800° to 1030°C. 


described by Gulbransen”” was used to determine 
the oxidation rates. Weight gains of a specimen 
were determined by observing displacements of 
pointers on the beam and frame of the quartz micro- 
balance with a sliding microscope. The reading 

10 min after admission of gas was arbitrarily taken 
as zero time for the determinations of oxidation 
rates. The balance sensitivity and precision of 
measurements was 1 division (0.001 in.) of the mi- 
crometer slide per 2.1 ug for a 0.6900-g specimen. 
Upon the assumption of a uniformly thick film of 
bulk oxide density on the geometric area of the 
metal specimen, 1 ug oxygen per sq cm is equiva- 
lent to 70A of wustite. 

Carbon dioxide-carbon monoxide atmospheres 
were prepared from commerical grade tank car- 
bon dioxide. A fraction of this gas was solidified 
in a glass trap held at liquid air temperature and 
the solid carbon-dioxide vacuum degassed. The 
middle one-third portion of the solid was then va- 
porized into a 5-litre storage bulb. Carbon monox- 
ide was prepared by reduction of carbon dioxide 


with high-purity carbon at 1200°C as described by 
Darken and Gurry.’* This gas was condensed into a 


- trap at liquid air temperature and the middle one- 


third portion volatilized into a 5-litre storage bulb. 
Carbon dioxide-carbon monoxide atmospheres of 
desired ratios were prepared manometrically from 
these purified gases. 

The formation of wustite films was studied as a 
function of time and temperature at various partial 
pressures of carbon dioxide in static atmospheres 
at 200 mm total pressure. To maintain the atmos- 
phere of constant composition the dead space of the 
system outside the microbalance chamber was ap- 
proximately 4 litres. The values of equilibrium 
partial pressures of carbon dioxide for the iron- 
wustite system were taken from the iron-oxide phase 
studies of Darken and Gurry.** Before oxidation, a 
specimen was degassed in the microbalance cham- 
ber at a vacuum of 10~° to 10°° mm during the heating 
period of approximately 3 hr to 890°C and annealed 
for 3 hr at this temperature. The furnace was then 
adjusted to the oxidation test temperature and the 
specimen was annealed further for 1 hr. During 
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Fig. 3—Oxidation of iron in carbon dioxide-carbon monox- 
ide atmospheres at 800°C. 


oxidation, the temperature in the region for suspen- 
sion of a metal specimen was controlled at +2°C. 


RESULTS 


The results of oxidation tests in the temperature 
range 590° to 1030°C at various partial pressures of 
carbon dioxide are illustrated by the rectilinear plots 
of specimen weight gains per unit area, ug oxygen 
per sq cm vs time, in Figs. 1 to 3. 

In Figs. 1 and 2, oxidation curves are illustrated 
for a and yiron over the temperature range 590° to 
1030°C in an atmosphere 50 pct carbon dioxide by 
volume. The points of the curves are arithmetical 
averages of tests completed in triplicate at each 
temperature. The reproducibility of the rates de- 
termined from these measurements is illustrated in 
Fig. 7. In this atmosphere, for all temperatures in- 
vestigated, the initial portions of the weight gain vs 
time curves were linear. Deviations from linearity 
were always toward increasing oxidation rates with 
increased oxide thickness. 

The departure from a linear behavior appears to 
be a function of oxidation temperature, oxide thick- 
ness, and the crystal structure of iron. At tempera- 
tures below 835°C, the curves were linear through- 
out the duration of the experimental runs. At 865° 
and 895°C the oxidation rates of the ferritic speci- 
mens were constant until an oxide thickness of ap- 
proximately 3500A (50 ug per sq cm) was attained. 
Austenitic specimens oxidized at 920° and 950°C 
showed no deviation from a linear behavior even 
though the oxide thickness was approximately 17,000A. 
At high temperatures, the deviation from a linear 
growth rate again occurred early in the oxidation 
process. 

In Fig. 3, oxidation curves are illustrated for a 
iron exposed in atmospheres of various carbon- 
dioxide partial pressures at 800°C. Three tests 
were completed in duplicate; their reproducibility 
is illustrated by the rate evaluations in Fig. 4. These 
curves demonstrate the effect of the oxidizing po- 
tential of the atmosphere in limiting the initial linear 
behavior. As the oxidation potential (% CO, ) was in- 
creased the initial rate of oxidation increased but the 
duration of the linear portion of the curve was de- 
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Fig. 4—The dependency of the linear rate constants for 
wustite film growth on partial pressures of carbon dioxide 
at 800°C. Total pressure—200 mm. 


creased. Here again the deviations were always 
toward increasing oxidation rates as the oxide layer 
thickened. 

It is advantageous to discuss the results from this 
investigation with studies in the literature on linear 
scaling kinetics. The initial oxidation rates have 
been represented by linear curves to film thick- 
nesses of approximately 3500A. (50ug oxygen per sq 
cm) and deviations from these curves were toward 
increasing rates as the scale range was approached. 
Hauffe and Pfeiffer® have shown that these increasing 
rates reach constant values at scale thicknesses. In 


_ the light of this evidence, it is arbitrarily assumed 


that film growth is represented within an oxide thick- 
ness of 3500A and scale growth at an oxide thickness 
greater than 1 up (143 wg oxygen per sq cm). Ac- 
cording to this convention, the linear kinetics 

studied in previous investigations govern the growth 
of relatively thick scales. 


DISCUSSION 


A) Reaction Mechanism— The linear growth of 
wustite films and scales may be represented by 
monotonic and continuous curves. This suggests 
that analysis of the kinetic data may be based on an 
atomistic mechanism for the interaction of lattice 
defects in wustite with the metal substrate and gas 
phase. Oxidation proceeds by transport of iron via 
vacancies and positive holes in wustite to react with 
oxygen at the oxide/gas interface. 

The basic premise of Hauffe and Pfeiffer® is 
adopted; that is, linear oxidation kinetics are de- 
termined by a chemisorption reaction in carbon 
dioxide- carbon monoxide atmospheres. Oxygen in 
these atmospheres has negligible influence on oxi- 
dation behavior since its concentration is vanishingly 
small and the dissociation energy of oxygen is 5.1 ev 
compared to 2.9 ev for carbon dioxide. Moreover, it 
is reasonable to assume that carbon dioxide is ad- 
sorbed irreversibly to form chemisorbed oxygen 
and carbon monoxide because this behavior has been 
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established for the adsorption and catalytic proper- 
ties of copper oxides.'*’!® 

With these assumptions, the linear oxidation of 
iron may be represented by the following elementary 
reaction steps: the dissociation of carbon dioxide on 
the oxide surface to yield chemisorbed oxygen ions, 
carbon monoxide gas, and electron holes (@) in the 
oxide; the formation of oxide and displacement of 
cation vacancies (Fe*é) by incorporation of chemi- 
sorbed oxygen into the wustite lattice; diffusional 
equilibration of cation vacancies and positive holes 
in the oxide; solution of iron into wustite at the 
metal/oxide interface, and desorption of oxygen ions. 
These elementary steps may be represented by the 
following reaction mechanism: 


CO, Ox O(ads) + 2%) + [2] 
++ 

Fe; + + 2%) = Null [5] 

OGas) + 1/2 O2%) [6] 


The subscript (g) refers to gas; (0) and (7) refer to 
the lattice defect structure at the oxide/gas and 
metal/oxide interface respectively. Null refers to 
the annulment of lattice defects in the oxide and neu- 
tralization of electrical charge by solution of iron in 
wustite. 

Oxidation would obey a parabolic law if the con- 
centrations of vacancies and positive holes repre- 
sented in Eqs. [2], [3], and [6] were equivalent to 
their equilibrium concentrations interacting with 
oxygen in carbon dioxide- carbon monoxide atmos- 
pheres. Under this condition, lattice defect diffusion, 
Eq. [4], would determine the reaction rate. Since a 
linear law is observed, the processes represented 
by Eq. [2] and [3] are taken to be the rate-determin- 
ing reaction steps. Consequently, the linear rates 
may be related to the partial pressures of carbon 
dioxide for conversion of iron to wustite. 

Thus, the assumption may be made that the sur- 
face coverage, 9, of adsorbed oxygen on the oxide, 
for conditions to be defined, is constant during oxi- 
dation. 
With the restriction that the lattice defects in wus- 
tite are equilibrated with the metal substrate, 


where K, is the equilibrium constant of the elemen- 
tary reaction [5]. Consequently, 


[9] 


Here, kz, 3, k, are the rate constants of oxygen 
chemisorption, wustite formation and oxygen desorp- 
tion, respectively, Pco, is the partial pressure of 
carbon dioxide in the gas phase and P*co,is the par- 
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tial pressure of carbon dioxide for equilibration of 


iron with wustite. 

Two limiting approximations to Eq. [9] may be 
considered. It may be postulated that 9 approaches 
zero; then the oxidation rate is determined by disso- 
ciation of carbon dioxide to yield chemisorbed oxy- 
gen. Therefore, the linear oxidation rate constant — 
(K,) is given by: 


( wt gain oxygen 


unit area, unit time/ # (Peo, [10] 


As a second consideration, the rate-determining 
step may be the incorporation of chemisorbed oxy- 
gen into wustite. For the restriction, 0 < 9 < 1 and 


k, + RK, 
(Peo, 


The temperature coefficient of the linear rates 
may be evaluated if the individual rate constants may 
be expressed in Arrhenius form. The expression at 
1-atm total pressure for the equilibrium partial 
pressure of carbon dioxide is, 


Prop, = exp AF°/RT/1 + exp AF°/RT 


K, =k, [O 


[12] 


where AF° isthe standard free energy change for 

the formation of wustite from iron and carbon dioxide. 
The temperature variation of this term is relatively 
small. Consequently, an Arrhenius temperature co- 
efficient of the linear rate constants at constant par- 
tial pressure of carbon dioxide may be used to evalu- 
ate the activation energies for dissociation of carbon 
dioxide and incorporation of chemisorbed oxygen into 
the wustite lattice. 


The scaling of iron in an oxygen atmosphere obeys 
a linear relationship before the onset of parabolic 
oxidation.*’” Although results are not available to 
test the dependence of linear oxidation on oxygen 
pressure at different temperatures, it is reasonable 
to assume that the kinetics are determined by oxy- 
gen dissociation or its incorporation into the wustite 
lattice. Thus, Eq. [2] of the reaction mechanism be- 
comes, 


ul 


O2— Ofads) + 2% (0) [13] 
and 
[14] 
or, for large surface coverages of chemisorbed 
oxygen, 
kk /: 

Ky, = k,[O(ads) | (Po, | 

Ri3 1/2 [15] 


1+ (Po,- Pre, | 


In these expressions, P*o is the dissociation pres- 
sure of wustite. 

B) Assessment of the Reaction Mechanism— The 
experimental results on the linear kinetics of wus- 
tite film and scale growth in carbon dioxide and 
oxygen atmospheres from this investigation and the 
literature are sufficiently extensive to test the reac- 
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Fig. 5—The dependency of the linear rate constants for 
wustite scale growth on partial pressures of carbon dioxide 
at 900°, 950° and 1000°C. Total pressure—1 atm. (Hauffe 
and Pfeiffer’). 


tion mechanism used in derivation of Eqs. [10], [11], 
[14] and [15]. These results are analyzed to show, 
first, the pressure dependency of the gaseous re- 
actant on the oxidation kinetics and, second, that the 
activation energies of oxidation under certain con- 
ditions are equivalent to either the dissociation 
energies of the gaseous reactants or the activation 
energy for diffusion of cation vacancies in wustite 
as predicted by the elementary reaction steps of 

the oxidation mechanism. 

The linear plot in Fig. 4, K, vs (Poo,- Pre; ) il- 
lustrates that the initial constant rates of film 
growth at 800°C from this investigation are directly 
proportional to the differences between the partial 
pressures of carbon dioxide and its value for equi- 
libration of wustite with iron. The values of the rate 
constants were determined from the linear curves in 
Fig. 3 to partial pressures of 0.53. At higher pres- 
sures, the constants were determined from the initial 
linear sections of the curves. This representation is 
equivalent to Eqs. [10] and [11]. 

Hauffe and Pfeiffer® have used the pressure ratio, 
(Fco,/Pco) to interpret the scaling kinetics, Eq. [1]and 
the surface coverage of chemisorbed oxygen, Eq. [9]. 
This viewpoint is questionable because the reaction 


Table I. Activation Energies for Linear Oxidation of Iron 
in Carbon Dioxide and Oxygen Atmospheres 


Energy of 
Metal Atmos- Oxide Activation, 
\Phase phere Temperature,°C Layer per Mole Reference 
a CO,-CO 760°—910° film 60.6 + 7 This Study 
a CO,-CO 800°-910° scale (6) 
a co, 650°—910° scale 27:13 (4) 
a OF 800°—910° scale (5) 
y CO,-CO 910°—1030° film 33.5 + 10 This Study 
y co, 910°—1100° scale 305572215 (4) 
y OF 910°—1000° scale (5) 
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Fig. 6—The dependency of the linear rate constants for 
wustite scale growth on oxygen pressures at 1000°C. 
(Pfeiffer and Laubmeyer’). 


rate is determined either by the irreversible adsorp- 
tion of carbon dioxide or by incorporation of oxygen 
into the wustite lattice, Eqs. [2] or [3]. Consequently, 
the oxidation kinetics may be dependent to the first 
order on the partial pressure of carbon dioxide. 
Plots are illustrated in Fig. 5 of the linear scaling 
constants determined by Hauffe and Pfeiffer in the 
temperature range 900° to 1000°C vs the partial 
pressure of carbon dioxide. These plots, and the 

plot of Fig. 4, demonstrate that the magnitudes of the 
linear constants for film and scale formation are 
directly proportional to the partial pressures of 
carbon dioxide larger than the values for equilibra- 
tion of wustite with iron. 

The expressions of Eq. [1] for the reaction kine- 
tics in carbon dioxide and oxygen atmospheres only 
empirically represent experimental results. These 
expressions do not demonstrate the same depend- 
ence on the oxygen chemical potential. Since linear 
film and scale kinetics have exhibited a first-order 
dependence on the partial pressure of carbon dioxide 
the kinetics in low-pressure oxygen atmospheres 
may also be determined by oxygen dissociation or 
its incorporation into the wustite lattice, Eqs. [14] 
or [15]. In Fig. 6, the linear scaling constants de- 
termined by Pfeiffer and Laubmeyer’ in the oxygen 
pressure range 10 to 1 mm Hg at 1000°C are 
plotted according to Eq. [15], 1/K, vs 1/ (Po.—P%o,)¥ 
This plot represents the linear scaling constants in 
the investigated pressure range. This correlation 
suggests that the linear scaling of y iron in oxygen 
is determined by incorporation of chemisorbed 
oxygen into the wustite lattice. 

A further insight into the oxidation mechanism is 
obtained from an analysis of the values for the acti- 
vation energies of oxidation. In Table I, these ener- 
gies are recorded for film and scale growth in car- 
bon-dioxide atmospheres and scale growth in oxygen. 
These activation energies were evaluated from Ar- 
rhenius plots of the linear oxidation constants shown 
in Figs. 7 and 8. 

An Arrhenius plot, log Kz, vs 1/T, is illustrated in 
Fig. 7 of the linear constants for film growth of this 
investigation in a 50:50 (vol. pct) carbon dioxide- 
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Fig. 7—An Arrhenius plot of linear rate constants for 
wustite film growth in a 1:1 (vol. pct) carbon dioxide-car- 
bon monoxide atmosphere at 200 mm. pressure. 


carbon monoxide atmosphere. The plot indicates a 
discontinuous change of slope at the A, temperature 
and a continuously decreasing slope in the range of 
the magnetic transformation below the A, tempera- 
ture. The activation energies are 60.6 and 33.5 for 
film growth on paramagnetic a iron and y iron, 
respectively. 

The Arrhenius plots of linear scaling constants 
from published investigations are shown in Fig. 8. 
The temperature coefficient of the constants, from 
an investigation in oxygen at atmospheric pressure 
before the onset of parabolic oxidation,’ changes 
slope at the A; temperature. The activation ener- 
gies are 59.8 and 17.1 kcal per mole for the scaling 
of a and y iron, respectively. Although the scaling 
constants in carbon dioxide* show large experimental 
scatter, the plot of the temperature coefficient is 
discontinuous at the A, point. The activation ener- 
gies are 27.1 and 30.5 kcal per mole for the scaling 
of and y iron, respectively. The activation energy 
is 27.5 kcal per mole for the scaling of a ironina 
70:30 (vol. pct) carbon dioxide-carbon monoxide 
atmosphere. ° 

The activation energies of 60.6 and 59.8 kcal per 
mole for film and scale growth on paramagnetic a 
iron in carbon-dioxide and oxygen atmospheres are 
of largest magnitude. With exception of the small 
value of 17.1 kcal per mole, the activation energies 
are approximately 30 kcal per mole for scale growth 
on a iron, and film and scale growth on y iron in 
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Fig. 8—Arrhenius plots of linear rate constants for wustite 
scale growth in atmospheres at 760 mm. pressure: (a) ox- 
ygen (Bénard: and Talbot); (4) carbon dioxide (Fischbeck, 
Neundeubel, and Salzer‘); (c) 70:30 carbon dioxide-carbon 
monoxide (Hauffe and Pfeiffer®). 


carbon-dioxide atmospheres. 

These activation energies may be associated with 
the rate constants of the elementary steps in the 
reaction mechanism. It has been previously shown 
that the pressure dependence of the initial linear 
kinetics in a carbon-dioxide atmosphere at 800°C 
was described by Eqs. [9] or [10]. The value of 
60.6 + 7 kcal per mole, 2.6 + 0.3 ev for the initial 
oxidation rate of paramagnetic a iron is equal to 
the value of 2.9 ev, for the dissociation energy of 
carbon dioxide. This finding supports the viewpoint 
that the rate determining step of the oxidation ki- 
netics is the dissociation of carbon dioxide to yield 
chemisorbed oxygen. Consequently, the pressure and 
temperature dependence of the initial oxidation rates 
of a iron in the paramagnetic state are described by 
Eq. [10]. 

The activation energy of 59.8 + 7 kcal per mole, 
119.6 kcal per mole of oxygen or 5.2 + 0.3 ev per 
molecule, for the linear scaling of iron in the 
paramagnetic state in oxygen before the onset of 
parabolic oxidation is equal to the value of 5.1 ev 
for the dissociation of oxygen. Consequently, the 
viewpoint may be advanced that these oxidation 
rates are determined by the dissociation rate of 
oxygen. Experimental results on the pressure de- 
pendence of the oxidation kinetics are not available 
to test this prediction. 
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The incorporation of oxygen into the wustite 
lattice during oxidation, Eq. [3], is equivalent to 
vacancy displacement in the vicinity of an absorbed 
oxygen ion. The activation energy for this reaction 
may be compared to that for the self-diffusion of 
iron in wustite. The expression for the tempera- 
ture variation of this coefficient in wustite of com- 
position Fe, 9370 is, 


D*(cm?/sec) = 0.118 exp — 29,700 + 3000/RT [16] 
With exception of the preexponential factor, the dis- 
placement of vacancies at the surface of wustite 
during oxidation may obey this temperature depend- 
ency under specific conditions. 

The activation energies of 27.1 and 27.5, and 30.5 
kcal per mole for scaling of a@ and y iron, and 33.5 
kcal per mole for film growth on y iron in carbon- 
dioxide atmospheres are equal, within experimental 
accuracy, to the activation energy for iron self-dif- 
fusion in wustite. Thus, scale formation on q@ iron 
and film and scale formation on y iron in carbon 
dioxide are determined partially by the incorporation 
of chemisorbed oxygen into wustite. Since the linear 
kinetics of oxidation are directly dependent on the 
partial pressures of carbon dioxide, Figs. 4 and 5, 
Eq. [11] describes these oxidation rates. 


Thus far significance has not been given to the ob- 
servations that the linear rates at constant partial 
pressure of carbon dioxide and temperature for film 
growth are smaller than the rates for scale growth, 
and that the Arrhenius temperature coefficients of 
these linear rate constants are either discontinuous 
or change slope at the transition temperature of a 
to y iron. This behavior is probably associated with 
the effect of oxide/metal epitaxial relationships on 
the decomposition kinetics of the gaseous reactant. 
Under specific conditions the oxidation kinetics are 
determined initially by the formation of chemisorbed 
oxygen and, finally, by its incorporation into wustite. 
During the transition period the surface coverage of 
oxygen must increase until the steady-state value is 
attained for scale growth. This viewpoint is sub- 
stantiated by analysis of the values of the activation 
energies for oxidation. Eqs. [10] and [11] have been 
shown to describe the linear rates of film and scale 
formation on paramagnetic a@ iron, respectively. 
Here, the activation energy was equal initially, to 
the dissociation energy of carbon dioxide and, finally, 
to the energy for vacancy displacement at the 
wustite/gas interface. The surface coverage of 
chemisorbed oxygen is apparently markedly de- 
pendent on the wustite layer thickness. This sug- 
gests that the dissociation rate of carbon dioxide is 
influenced by the dimensions of the wustite lattice 
parameters. Although there is X-ray evidence to 
show that the lattice parameters of wustite may be 
defined by bulk crystalline oxide parameters in the 
scale thickness range,*”’” the thickness of oxide 
wherein the lattice parameters are influenced by 
the metal substrate cannot be determined from 
published studies. 

It has been reasonable to assume, in agreement 
with the viewpoint of Hauffe and Pfeiffer,° that 
oxide/metal epitaxial relationships influence the 
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oxidation kinetics because the temperature coef- 
ficients of the rate constants changed at the A, 
temperature. Although the experimental results 
are meagre, it has been emphasized that epitaxial 
relationships cause different orientations between 
iron and wustite on the @ and y phases. These 
relationships affect the mechanism of film growth. 


For example, film growth on a iron in the paramag- 
netic state is determined by the dissociation of car- 
bon dioxide while that for y iron is determined by 
the incorporation of oxygen into wustite. One can- 
not distinguish by a study on the oxidation kinetics 
of a polycrystalline metal substrate if these orien- 
tations influence the decomposition rate of the 
gaseous reactant due to variations in the dimensions 
of wustite lattice parameters or the number of sites 
for incorporation of oxygen into the oxide lattice. 

The surface coverage of chemisorbed oxygen on 
wustite films is also influenced by their composition. 
In the temperature range from the Curie tempera- 
ture of iron to the wustite eutectoid point of 570°C, 
the atomic ratio of oxygen to iron in wustite equi- 
librated with iron increases with decreasing tem- 
perature. Although there are large discrepancies 
in the experimental phase results,’*’*®?” the atomic 
percent oxygen from investigations which show the 
smallest and largest variation change from 51.2 to 
51.4 and 50.1 to 51.2 pct. This increase in oxygen 
content implies that the surface coverage of oxygen 
on wustite equilibrated with iron is larger at lower 
temperatures in the range of the magnetic transfor- 
mation to the eutectoid point of wustite. It may be 
noted, also, that the lattice parameter of wustite 
increases linearly by approximately, 0.003A for 
each 0.1 pct increase in oxygen content.*” 

Film formation on a iron below the Curie tem- 
perature is apparently dependent on the surface 
coverage of chemisorbed oxygen because the Ar- 
rhenius temperature coefficient in Fig. 7 is of 
smaller slope at lower temperatures. Although 
this behavior is too complex for interpretation, 
these oxidation rates appear to be determined 
partially by incorporation of oxygen into wustite 
rather than simply dissociation of carbon dioxide 
as for the oxidation of qa iron in the paramagnetic 
state. This implies that the oxygen content of 
wustite at the gas/oxide interface reflects the 
same change as that at the iron/wustite interface, 
and further that wustite at the iron/wustite inter- 
face approaches equilibrium oxygen content (Eqs. 
[3] and [4] of the reaction mechanism) over the 
temperature range from 570°C to the Curie point 
of iron. According to this viewpoint, the difference 
between the kinetics of film growth on ferromag- 
netic and paramagnetic a iron is associated with 
a dependency of the surface coverage of oxygen 
on wustite with temperature below the Curie tem- 
perature of iron. The surface coverage of oxygen 
during oxidation at lower temperatures is larger 
due to the variations in the composition of wustite 
and also, perhaps, by the influence of the changing 
lattice parameters of wustite on the decomposition 
Kinetics of carbon dioxide. 

The rate equations derived from an elementary 
reaction mechanism of lattice defects have accounted 
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for the pressure dependency of the reactants and 
several energies of activation for linear oxidation. 
To show the validity of this analysis, an arbitrary 
assumption was invoked that the surface coverage of 
oxygen on wustite was dependent upon the conditions 
of oxidation and that this coverage was constant and 
of different magnitude over different ranges of the 
wustite layer thickness. At present, further analysis 
is speculative because of insufficient data for evalu- 
ating the influence of thermodynamic properties and 
structural parameters of iron and wustite on the 
surface coverage of chemisorbed oxygen during oxi- 
dation. Moreover, the elementary reaction equations 
give only a good first approximation to the oxidation 
kinetics because the factors have not been considered 
which govern the occurrence of selective surface 
sites for growth of Oxide crystallites. Gulbransen, 
McMillan, and Andrew*® have demonstrated by an 
electron optical study that the initially formed uni- 
form film of oriented crystallites thickens to an 
outer uniform mosaic of large crystals by forma- 
tion of crystal nuclei along regularly spaced lines 
of the metal grains. The interaction of vacancies 
with dislocations, the magnitude of which is unknown 
in oxidation processes, may play a role in the re- 
action kinetics. 

The conclusions from the preceding analysis 
must be accepted with reservation. The activation 
energy of 17.1 kcal per mole for the linear scaling 
of y iron in oxygen® cannot be explained by the pro- 
posed mechanism. It is possible also that the change 
in scaling rate in carbon dioxide at the A; tempera- 
ture reported by Fischbeck, Neundeubel, and Salzer* 
is caused by the formation of a nonadherent scale. 
Since the specimens were placed in the furnace cold 
and heated through the a to y transformation tem- 
perature, microscopic cracks may have penetrated 
through the scale to the film thickness range of 
wustite and even to the surface of the metal sub- 
strate. 


SUMMARY 


The linear formation rates of wustite films on iron 
in carbon dioxide-carbon monoxide atmospheres 
have been determined over the temperature range 
590° to 1030°C. In general, both @ and y iron oxid- 

-ized initially at constant rates which transformed 

to larger values at scale thicknesses. These data 
have been compared to results in the literature on 
scaling rates in carbon dioxide and oxygen atmos- 
pheres. 

The magnitudes of linear oxidation rates for film 
and scale growth were proportional to partial pres- 
sures of carbon dioxide greater than the values for 
equilibration of wustite with iron. The curve of the 
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Arrhenius temperature coefficient for film growth 
changed abruptly at the A, point and continuously to 
lower slope in the range of the magnetic transfor- 
mation below the A, point. These characteristics 
were associated with the orientation relationships 
between the oxide and the metallic phases, and the © 
variations in the lattice parameter and composition 
of wustite. The activation energies of 60.6 and 59.8 
kcal per mole for the rates of film and scale growth 
on paramagnetic qa iron in carbon dioxide and oxygen 
atmospheres were larger than values of 27.1 and 
27.5 kcal per mole for scale growth on @ iron, and 
33.5 and 30.5 kcal per mole for film and scale growth 
on y iron in carbon-dioxide atmospheres. 

The linear oxidation rates were determined by one 
of two reaction steps at the oxide/gas interface: first, 
dissociation of the gaseous reactants to yield chem- 
isorbed oxygen and, second, incorporation of oxygen 
into the wustite lattice. On the basis of an elemen- 
tary reaction mechanism for interaction of lattice 
defects in wustite with the metal and gas phases, it 
has been demonstrated that activation energies of 
oxidation were equivalent to dissociation energies of 
carbon dioxide and oxygen or the activation energy 
for vacancy diffusion in wustite. 
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Kinetics of G 


Grain Boundary Migration in High-Purity 


Lead Containing Very Small Additions of Silver and 


of Gold 


The migration of individual, large-angle grain boundaries has 
been studied as a function of temperature and solute concentration 
in specimens of zone-refined lead containing very small additions 


of silver and of gold, The resuits are compared with various the- 
ories of grain boundary migration and with observations made pre- 
viously of grain boundary migration in similar specimens of zone- 


refined lead containing tin additions. 


A previous investigation by the authors dealt with 
the temperature dependence of grain boundary mi- 
gration in bicrystals of zone-refined lead containing 
small additions of tin.’ It was shown that tin addi- 
tions as low as a few parts per million cause a large 
decrease in the grain boundary migration rate at any 
given temperature, as well as a marked increase in 
the temperature dependence of the migration rate. 

It was found tnat existing theories of grain boundary 
migration, based on the motion of dislocations, or 
upon the concept of atom transfer in groups across 
the boundary (group process theory), or upon the con- 
trol of grain boundary motion by volume diffusion of 
impurity atoms along with the boundary, are incap- 
able of accounting for the observations. The single 
process theory of grain boundary migration, which 
is an absolute reaction rate calculation based on the 
transfer of atoms singly across the moving boundary, 
was found to predict the migration rate reasonably 
well for a number of boundaries whose motion was 
shown to be very little influenced by impurities, but 
not for boundaries whose motion was influenced 
markedly by impurities. It was concluded that the 
elementary process of grain boundary migration in- 
volves the activation of single atoms during transfer 
across the boundary, and that inadequate knowledge 
is available to permit the influence of impurities to 
be properly taken into account. 


The present study was initiated to check the vali- 
dity of the above conclusions with other alloy sys- 
tems, namely high-purity lead with small additions 
of silver and of gold. Both silver and gold diffuse 
faster, and with a lower activation energy of volume 
diffusion, than does tin in lead;” consequently, a 
study of the effects of silver and gold on grain bound- 
ary migration in high-purity lead offered a means of 
testing theories of boundary migration based on bulk 
diffusion of the solute (e.g. ref. 3). In addition, it was 
hoped that the present work, in comparison with the 
results for tin in lead, would provide information 
concerning which factors are important in determin- 
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ing the interaction between solute atoms and a grain 
boundary. 


EXPERIMENTAL PROCEDURE 


The preparation of bicrystals of zone-refined 
lead, with various silver or gold additions, was 
identical to that previously described for the lead- 
tin alloys.’* Each bicrystal consisted of a stri- 
ated crystal which was grown from the melt, and an 
adjacent striation-free crystal which was introduced 
by artificial nucleation and growth. ” >? The striation 
or lineage substructure in the melt-grown crystal 
provided the driving force for grain boundary migra- 
tion. 

During the preparation of striated single crystals 
by growth from the melt, it was found that silver or 
gold concentrations as low as 2 or 3 ppm by atoms 
were sufficient to cause formation of the hexagonal 
cell structure, which is due to the presence of im- 
purity, during freezing. This structure is revealed 
on the solid-liquid interface by decanting the liquid 
during freezing. The hexagonal cell structure was 
observed previously* in zone-refined lead crystals 
with tin contents above approximately 200 ppm by 
atoms. These concentrations of silver, gold, or tin 
are in agreement with the predicted amounts required 
for cell formation in lead,*’® under the present condi- 
tions of freezing.* The absence of cell structure at 
decanted interfaces, therefore, served as a useful 
indication that the silver or gold contents were less 
than 2 or 3 ppm by atoms in the specimens as grown. 
It was found that grain boundary migration occurred 
only very slowly when the solute content approached 
that necessary for cell formation. As a result, the 
present experiments were conducted with silver or 
gold additions less than 1 ppm by atoms. This im- 
purity level is well within the solid solubility limits 
for silver and gold in lead.’ 

The annealing treatments, measurements of grain 
boundary velocities, and orientation determinations 
were carried out as described previously.* However, 
each bicrystal was also chemically polished in a solu- 
tion consisting of 8 parts glacial acetic acid and 2 
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SPECIMEN NO. 


AMOUNT OF SILVER 
AND AXIS | ROTATION, | CONCENTRATION 
OF QOTATION| (DEGS.)'| (ATOMIC PPM) 
| 29 0.00 
2 28 0.19 
3 43 0.23 
4 30 0.33 
5 45 0.34 
6 33 0.38 
7 45 056 
8 48 0.73 
9 | 44 0.82 
SPECIMEN NO.|AMOUNT OF GOLD 
AND AXIS. | ROTATION, | CONCENTRATION 
OF ROTATION|@ (DEGS.) | (ATOMIC PPM) 
10 29 0.04 
1] 27 0.14 
38 0.16 
13 59 0.39 
14 23 0.49 
15 44 0.63 
22 0.83 


001 
(b) 


Fig. 1—Orientation relationships and solute concentrations 
for the lead-silver (a) and lead-gold (b) bicrystals studied. 


parts hydrogen peroxide (30 pct) prior to each anneal, 
to obtain a better surface. The velocity of grain bound- 
ary migration in bicrystals of zone-refined lead was 
investigated as a function of solute concentration from 
zero to approximately 0.8 ppm by atoms and eS 
ture in the range from 200° to 320°C. 


EXPERIMENTAL RESULTS 


Orientation relationships are given in Fig. 1(a) 
for the nine lead-silver bicrystals and in Fig. 1(b) 
for the seven lead-gold bicrystals studied. The ax- 
is of minimum rotation necessary to bring the ori- 
entation of the melt-grown, striated crystal into co- 
incidence with the adjacent striation-free crystal, 
for each specimen, is shown in the standard stereo- 
graphic triangle. The amount of rotation around the 
appropriate axis, describing the angular orientation 
difference 9, is also given in Fig. 1, along with the 
solute concentration of each sample. It should be 
noted that ‘‘special’’ grain boundaries,’’* which were 
so designated because of their unique migration ki- 
netics and which separate grains with orientation 
differences of approximately 22 or 38 deg about <111> 
or 28 deg about <100 >, are not included in the pre- 
sent experiments. While the experimental technique 
used to introduce new grains into the specimen does 
not permit control of the orientation relationship 
across the grain boundary obtained, these special 
relationships appeared frequently in lead-tin sam- 
ples when the concentration of tin was in the range 
from about 9 to 70 ppm by atoms. In the cases of 
zone-refined lead alone, and zone-refined lead with 
silver or gold additions, these orientation relation- 
ships did not appear.® 
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Fig. 2—Rate of grain boundary migration (log scale) vs re- 
ciprocal absolute temperature for specimens containing 


silver as solute. 


Two of the orientation relationships shown in Fig. 

1, namely 28 deg about an axis near <120> (speci- 
men No. 2) and 29 deg about an axis near <123> 
(specimen No. 10) are near those for ‘‘intermediate’’ 
boundaries observed previously. The remainder of 
the orientation relationships shown are similar to 
those of the ‘‘random”’’ grain boundaries studied pre- 
viously in lead-tin specimens. 

The migration data obtained are summarized in 
Figs. 2 and 3, where log rate of boundary migration is 
plotted as a function of reciprocal absolute tempera- 
ture for each of the sixteen bicrystals studied. As 
shown in Figs. 2 and 3,an increase in silver or gold 
concentration generally causes a decrease in the rate 
of boundary motion and an increase in the temperature 
dependence of the rate. This behavior is qualitatively 
the same as that observed for the random boundaries 
in samples containing tin as solute, but the solute con- 
centration required to produce a given change in mi- 
gration kinetics is much smaller in the cases of silver 
and gold than it is in the case of tin additions. 

In view of the very low impurity level employed 
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Fig. 3—Rate of grain boundary migration (log scale) vs re- 
ciprocal absolute temperature for specimens containing 
gold as solute. 


and the fact that the orientation relationship across 
the grain boundary varied from one specimen to an- 
other, the results show a good correlation between 
migration behavior and solute content, with the ex- 
ception of specimens 5, 10, and 16. This correla- 
tion, together with the marked effect of silver or 
gold additions as low as 0.14 ppm indicates strongly 
that the residual impurity concentration in the zone- 
refined lead is probably less than 0.1 ppm with re- 
spect to impurities which influence grain boundary 
motion to a similar or greater extent than do silver 
or gold. However, it should be emphasized that the 
concentrations of solute given throughout this paper 
refer to concentrations of solute added to the zone- 
refined lead. 

The rapid drop in boundary velocity of specimens 
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Fig. 4—Measured activation energy, Q, for grain boundary 
migration vs solute concentration. 


2 and 10 with temperature below about 250°C will be 
discussed later. The data for specimens 2 and 10 
are shown as dashed lines in Figs. 2 and 3 simply to 
emphasize the change of slope and, particularly in 
Fig. 3, to avoid confusion with the data for other 
specimens. 

The measured activation energies, 9, for boundary 
migration, derived from the log rate vs 1/T data of 
Figs. 2 and 3, are plotted in Fig. 4 as a function of 
solute concentration. The activation energy values 
obtained for samples containing silver (circles) are 
the same, within experimental error, as those for 
samples containing gold (triangles); hence, only one 
curve is drawn for both sets of data in Fig. 4. This 
illustrates the fact, which may also be seen from 
Figs. 2 and 3, that silver and gold have the same 
effect per atom on the rate of grain boundary migra- 
tion in high-purity lead. The measured activation 
energy is strongly dependent on silver or gold con- 
tent, varying from about 6 to 31 kcal per g-atom as 
the solute concentration increases from zero to about 
0.8 at. ppm. This behavior is qualitatively similar 
to that observed for tin in lead; however, the addition 
of approximately 12 at. ppm of tin was required to 
raise the activation energy to 31 kcal per g-atom’. 
This illustrates how much more effective silver 
and gold are, compared to tin, in increasing the temp- 
erature dependence of the grain boundary migration 
rate in zone-refined lead. 

On a number of occasions, during growth of a 
striated single crystal from the melt, a grain bound- 
ary separating a striation-free crystal from the 
striated crystal was accidentally introduced into the 
specimen. It was possible to study the migration of 
one such boundary, separating crystals with an ori- 
entation difference of 10 deg about a high-index 
crystallographic axis, in a specimen which contained 
0.29 at. ppm of silver. The migration velocity of 
this medium-angle grain boundary was measured at 
320°, 310°, and 300°C, giving rates of 1.6, 1.0 and 
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0.4 mm per min, respectively. This temperature 
dependence corresponds to a measured activation 
energy of about 43 kcal. per g-atom, which may be 
compared with a value of 16 kcal. per g-atom mea- 
sured for a large-angle boundary in a sample of 
similar composition, Fig. 2. The migration rate at 
300°C is approximately an order of magnitude small- 
er than that of a large-angle boundary under the same 
conditions. These observations provide a simple 
explanation for the absence of grain boundaries with 
misorientations less than about 15 deg migrating out 
of the deformed and recrystallized region of speci- 
mens used in this investigation and in others.’»*® The 
present observation provides direct evidence that a 
medium-angle grain boundary migrates with a low- 
er velocity under the same driving energy and, there- 
fore, has a lower mobility, than a large-angle grain 
boundary. Consequently, a medium-angle boundary 
would not be able to compete successfully with large- 
angle boundaries during competitive growth of new 
grains out of the deformed and recrystallized re- 
gion of the specimen. 


DISCUSSION 


A) Solute Segregation and the Activation Energy 
for Boundary Motion—In a previous paper,' a quali- 
tative explanation, based on the work of Liicke and 
Detert® and of Turnbull, was given to account for 
the migration behavior of grain boundaries in the 
presence of impurities. This explanation will be— 
reviewed briefly here, to facilitate discussion of the 
present results in terms of it. 

The very marked composition dependence of the 
migration kinetics of random boundaries shows that 
there must be a strong grain boundary-solute inter- 
action. The most likely manifestation of this inter- 
action appears to be, as Liicke and Detert have dis- 


cussed, segregation of impurity to the grain boundary. 


A decrease in the migration rate of the boundary 
would result from the necessity of carrying an im- 
purity atmosphere along with the boundary as it 
moves. The motion of a grain boundary under such 
circumstances would be controlled by two tempera- 
ture-dependent processes: first, the fundamental 
process of atom transfer across the boundary and, 
second, the segregation of solute atoms to the bound- 
ary. The activation energy for migration, obtained 
from the temperature dependence of the migration 
rate, would then refer to these two processes op- 
erating simultaneously and, consequently, would be 
dependent upon the type and amount of solute pre- 
sent. The low activation energy of approximately 

6 kcal per g-atom, independent of tin content, mea- 
sured for special boundaries in lead-tin samples’ 
may then be interpreted as showing that no segre- 
gation occurs to these boundaries in the concentra- 
tion range studied; this activation energy value would, 
therefore, refer only to the fundamental atom trans- 
fer process. 

One of the principal differences between the grain 
boundary behavior in the presence of tin as solute 
and that in the presence of gold or silver was the 
appearance of special boundaries in the former case 
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and their absence in the latter two cases. This ob- 
servation may be rationalized in terms of the con- 
siderations outlined above. The much larger effect 
of silver and gold, compared to tin, on the grain 
boundary migration rate shows that silver and gold 
interact much more strongly with the grain boundary 
than do tin atoms. As a consequence of the very 
strong interaction, it might be expected that segre- 
gation of silver and gold would occur to all boundaries, 
so that no selective action would take place and no 
special boundary behavior would be observed. 


The activation energy of 5.8 kcal per g-atom mea- 


sured for the boundary in specimen No. 1, to which 
no solute was added, as well as in specimens No. 2 


_ and 10 at temperatures above about 250°C, is essen- 


tially the same as that obtained for special bound- 
aries in samples containing from 9 to 70 at. ppm of 
tin,* and corresponds closely to the value of 6. ti ORT 
kcal per g-atom found by Bolling and Winegard” for 
grain growth in polycrystalline zone-refined lead 
with no impurity addition. This observation estab- 
lishes the fact that nonspecial boundaries may move 
with an activation energy as low as 5.8 kcal per g- 
atom in a specimen of sufficiently high purity; ac- 
cording to the interpretation placed on the behavior 
of special boundaries, the migration of these three 
boundaries was independent of any solute present 

in the samples. However, it must be noted that all 
three of these boundaries separated crystals re- 
lated by rotation about crystallographic axes of re- 
latively low index, as follows: No. 1: -—29 deg about 
an axis 3 deg from <130>; No. 2: —28 deg about an 
axis 3 1/2 deg from <120>; and No. 10: —29 deg 
about an axis 3 deg from <123>. Since the latter 
two of these relationships were observed to give 
‘‘intermediate’’ behavior during the lead-tin work, * 
there is some doubt concerning whether the migra- 
tion behavior of these three boundaries can be 
classified as entirely representative of random bound- 
aries. Nevertheless, the results do suggest strongly 
that a random boundary will migrate with an activa- 


~ tion energy of approximately 6 kcal. per g-atom, 


corresponding to the fundamental atom transfer pro- 
cess only, in a sample of sufficiently pure lead. 

The rapid drop in migration rate shown by samples 
2 and 10 below about 250°C, indicates the onset of 
solute segregation to these boundaries at the lower 
temperatures. The overall low migration rates of 
sample No. 10 were clearly due to an unusually low 
density of striation boundaries in that specimen. 


B) Group-Process and Single-Process Theories— 
A comparison of the observed grain boundary migra- 
tion velocities with values calculated from the group 
process and single process theories was made for a 
number of the boundaries studied in this investiga- 
tion, with results very similar to those found pre- 
viously* for samples containing tin. The calculated 
velocities were derived using equations 6 and 7 of 
Ref. 1. As was the case for lead-tin samples, the 
speeds calculated from the group process theory 
are 10” to 10° higher than the observed values. The 
calculated values based on the single process theory 
are much too low for those boundaries which showed 
a relatively high measured activation energy. As 
was the case for lead-tin samples, agreement within 
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Fig. 5—Comparison of the grain boundary migration rates 
at 300°C as a function of solute concentration for tin, 
silver, and gold as solutes in high-purity lead. 


an order of magnitude between the theoretical and 
observed speeds is obtained only for those bound- 
aries (specimens No. 1, 2, and 10) which showed a 
low measured activation energy of about 6 kcal per 
g-atom, which is believed to refer only to one tem- 
perature-dependent process, as required by the 
theory. It is apparent that the single process theory 
predicts approximately the correct migration veloci- 
ties, but only in cases where impurity effects are at 
a minimum, as was noted for the special boundaries 
studied in lead-tin samples. Neither theory gives 
the correct velocities when the complicating effect 
of solute impurities is present, since neither speci- 
fically takes into account the effect of impurities on 
grain boundary migration. 

C) Relative Effects of Tin, Silver, and Gold in 
Lead—In this section, a comparison will be made 
among the migration rates of random boundaries as 
a function of solute concentration for the three so- 
lutes which have been studied. Fig. 5 gives this 
comparison at 300°C; for other temperatures, the 
result is similar. Fig. 5 shows clearly that silver 
and gold have the same effect per solute atom on 
grain boundary migration, while tin has a much 
smaller effect. (The results obtained previously for 
Sn*>* go on to much higher concentrations than could 
be shown conveniently in Fig. 5.) An interesting 
correlation is observed when the data of Fig. 5 are 
replotted in the following way: each concentration 
value is divided by the distribution coefficient, k, 
of the appropriate alloy system, and the points plot- 
ted once more. (See the appendix for the values and 
the method of determination of the distribution co- 
efficients.) The result of this procedure is shown in 
Fig. 6, for measurements at 300°C. All of the data 
points fall approximately on the same curve. A 
similar result is obtained by replotting the data for 
other temperatures in this way. The significance 
of this correlation is not clear at the present time. 
Consider, however, a comparison with the motion, 
at constant length and with complete mixing, of a 
molten zone through a bar of metal which is init- 
ially of uniform solute concentration, C.. After 
an initial transient region, the solute concentration 
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Fig. 6—Data of Fig. 5 replotted vs solute concentration divi- 
ded by distribution coefficient, k. 


in the liquid zone will reach a steady-state value 
of C./k, where k is the distribution coefficient of 
the solute. For different solutes in the same sol- 
vent, the starting concentrations necessary to pro- 
duce the same steady-state concentration in the 
liquid zone are in the same ratio as their respec- 
tive distribution coefficients. In the present ex- 
periments, the bulk concentrations of the three 
solutes studied, necessary to cause any given de- 
crease in the grain boundary migration rate, are 
also in this same ratio. This indicates a certain 
degree of similarity between the effect of a solute 
on grain boundary migration and its effect on soli- 
dification. 

D) Grain Boundary-Solute Interaction—It is of 
interest to consider what the experimental results 
show concerning the relative importance, in the 
three cases studied, of the factors which determine 
whether the interaction of a given solute with a large- 
angle grain boundary will be large or small. The 
two factors which must be considered are the size 
of the solute atom, relative to the solvent, which will 
determine the strain energy involved in incorporating 
it into the solvent lattice or grain boundary, and the 
valence of the solute atom, relative to the solvent, 
which will determine its influence on the electronic 
structure of the solvent lattice or the grain boundary. 
Silver and gold have the same valence, and are of the 
same atomic size to three significant figures. As 
would be expected on this basis they have essentially 
identical effects on grain boundary migration in lead 
(e.g. see Fig. 5). A comparison of atomic sizes 
shows that silver and gold are 17.5 pct and tin 13.6 
pct smaller than lead. Hence, there is not a very 
large variation in atomic size difference, compared 
to lead, among the three solutes used. Since tin and 
lead both have a valence of 4, the results for tin as 
solute show the effect of an atomic size difference 
only. The marked effect of tin as solute shows that 
the atomic size difference represents an important 
factor in the grain boundary-solute interaction. As 
indicated above, the atomic size difference between 
solute and solvent is only a few percent greater for 
gold and silver as solutes than for tin as solute. 
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However, silver and gold have a valence of unity, 
compared to four for lead. In view of the very much 
greater effect of silver and gold, compared to tin, 
as solutes on the rates of grain boundary migration 
in lead, it seems evident that the valence difference 
between solute and solvent also represents a signi- 
ficant factor in determining the magnitude of the 
grain boundary-solute interaction. As shown in 

Fig. 5, the rate of fall of the migration rate is so 
much more rapid with addition of silver or gold, 
compared to tin, as to suggest strongly that, for the 
particular cases of silver and gold in lead, the val- 
ence difference is more important than the size 
difference. It is concluded, therefore, that size 
difference and valence difference between solute and 
solvent are both important factors in determining —~ 
the grain boundary-solute interaction and that either 
may predominate depending on the particular solute- 
solvent system. 

The only available, quantitative theory of grain 
boundary migration which attempts to take into ac- 
count explicitly the effect of soluble impurities is 
that due to Liicke and Detert.* Their theory is based 
on the concept that segregation of solute occurs to 
the grain boundary and that the migration of the bound- 
ary is controlled by diffusion of the solute along with 
the moving boundary. It is assumed that the segre- 
gation is due to an elastic interaction between the 
solute and the boundary and that motion of the solute 
atoms is by bulk diffusion. Fig. 7 shows a compari- 
son of the experimental measurements of migration 
rate at 300°C as a function of solute concentration, 
on a log-log plot, with calculations from the Liicke 
and Detert theory. On a plot of this type, the Lticke 
and Detert theory gives a straight line of slope minus 
one. It has been pointed out by Turnbull and Hart” 
that, because of an approximation in the theory, this 
comparison is not justified for migration speeds ap- 
proaching that of a boundary in a specimen contain- 
ing no solute. However, while there is agreement 
between theory and experiment within one order of 
magnitude for tin as solute, the results for silver 
and gold as solutes are in disagreement with the 
theory by two or three orders of magnitude in solute 
concentration even at speeds nearly two orders of 
magnitude lower than that of a boundary in a sample 
containing no solute. The theory predicts that, be- 
cause they diffuse more rapidly but are of about the 
same atomic size as tin, silver and gold will reduce 
the boundary migration rate less than will tin, where- 
as the experimental results show that silver and gold 
have the greater effect. The reason for the discre- 
pancy appears to lie in the fact that the two theoreti- 
cal assumptions noted above are not justified in ap- 
plication to the present experimental results. The ex- 
perimentally measured activation energy for grain 
boundary migration does not correspond to that for 
bulk diffusion of the solute. Also, the apparently 
large effect of the electronic character of the solute, 
compared to the solvent, is neglected by the theory, 
which considers only an elastic interaction. It will 
be necessary to include both of these factors in any 
complete theoretical treatment of grain boundary 
migration in the presence of solute. 
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Fig. 7—Comparison of measured grain boundary migration 
rates at 300°C vs solute concentration (log-log plot) with 
values calculated from the theory of Lucke and Detert. 


SUMMARY 


1) Silver and gold have a much larger effect per 
solute atom than tin in decreasing the grain boundary 
migration rate and increasing the measured activa- 
tion energy for migration in high-purity lead. 

2) Silver as solute has the same effect on the mi- 
gration kinetics as does gold as solute in high-purity 
lead. 


3) Special boundaries, which often appeared in 
samples containing tin as solute’’* were never ob- 
served in samples containing silver or gold as solute. 

4) A nonspecial large-angle boundary can migrate 
with an activation energy as low as approximately 6 
kcal per g-atom in lead of sufficiently high purity. 

5) The single process theory correctly describes 
the observed rates of boundary migration but only 
for boundaries which are not influenced by impurities. 

6) A comparison of the effects of silver and gold 
as solutes with observations made previously for tin* 
as solute shows that both the size difference and the 


~ valence difference between solute and solvent atoms 


are important factors in determining the magnitude of 
the grain boundary-solute interaction. 

7) The observed migration rates as a function of 
composition for silver and gold as solutes are in dis- 
agreement with the Lticke and Detert ° theory by two 
to three orders of magnitude. 

8) A medium-angle (10 deg) boundary was observed 
to migrate approximately one order of magnitude more 
slowly, and with a substantially larger measured ac- 
tivation energy, than a random, high-angle boundary 
under the same conditions. 
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APPENDIX 


The values of the distribution coefficients used in 
obtaining Fig. 6 are as follows: for tin in lead, 0.6; 
for both silver and gold in lead, 0.04. While a rea- 
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sonably accurate value of a distribution coefficient 
as large as 0.6 can usually be obtained from publish- 
ed phase diagrams, values as low as 0.04 are general- 
ly difficult to estimate because of the very limited 
data available on the rather small solidus concentra- 
tions encountered in such alloy systems. Therefore, 
it was necessary to consider in some detail the dis- 
tribution coefficients appropriate to silver and gold 
in lead. Recourse was made to the original work of 
Heycock and Neville’’ on the liquidus lines of the 
lead-rich end of the lead-silver and lead-gold sys- 
tems. When the liquidus data of Heycock and Neville 
are plotted, it is seen that the liquidus lines for sil- 
ver and gold have very nearly the same slope at low 
concentrations, which is the range of interest here. 
According to the Van't Hoff relationship, the solidus 
lines must also have the same slope at low concen- 
trations, and, therefore, the distribution coefficients 
must be the same at low concentrations. Since the 
work of Heycock and Neville concerns only the liq- 
uidus lines, it does not constitute a direct experi- 
mental determination of the distribution coefficients. 
While the Van't Hoff relationship permits, in prin- 
ciple, computation of the distribution coefficients 
from the liquidus data alone, the calculation gives a 
small distribution coefficient as the difference be- 
tween two relatively much larger quantities and the 
significant figures are lost in taking the difference. 
The appropriate value of the distribution coefficient 
was determined from observations made on the 
critical conditions for formation of the hexagonal 
cell structure”® on the solid-liquid interface of 
specimens of various solute concentrations, solidi- 
fied in a horizontal boat under various conditions... 
The distribution coefficient can be obtained from 

the critical conditions corresponding to the transi- 
tion from a smooth solid-liquid interface to a cel- 
lular one, using the following equation: 


0” m(U -k) R 


where Co = solute concentration in the melt 
k = distribution coefficient 


D = diffusion coefficient of the solute in the 
melt 


m = slope of liquidus line 
G = temperature gradient in the liquid 
R 


Since the value of D for silver in liquid lead is not 
available in the literature, it was assumed to be the 
same as that for gold, which is 3 x 10°° cm per sec. 
This assumption seems justified, since silver and 
gold are very similar atoms and the solutions consi- 
dered are very dilute. Moreover, there is remark- 
ably little variation in diffusion coefficients obser-* 
ved from one liquid metal solution to another. The 
experimental results verified that the distribution 
coefficients for silver and gold are very nearly 
equal in lead and gave a value of approximately 0.04 
for both. 


il 


speed of freezing 
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The Evolution of Textures in Fcc Metals Part I. 


Alloys of Copper with Germanium and Tin 


The effects of germanium and tin on the deformation and re- 
crystallization textures of copper have been explored in detail 
within the copper-rich terminal solid solutions. Addition of 
solute to copper produces a change in deformation texture from 
the copper type to the 70:30 brass type. This transition has been 
measured quantitatively. The types and proportions of recrystal- 


lization components have been determined as a function of com- 
position, and correlation of recrystallization components with 
specific deformation components is discussed. 
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R. H. Richman 


On the basis of information available in the liter- 
ature, it has been suggested that the effect of solute 
elements on the recrystallization texture of copper 
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is suppression of the recrystallization components 
derived from the {358}<523> deformation compo- 
nent and amplification of the components derived 
from the {110}<112> deformation component.’ This 
correlation assumed that there are two components 
in the copper deformation texture, {358}<523> and 
{110}<112>, and that one of the equivalent recrys- 
tallization orientations of each is the (001)[100] and 
{113} <211>, respectively. In an investigation of 
Cu- Zn alloys, on the other hand, Merlini and Beck 
observed five recrystallization components, sep- 
arable into two categories.” One category consisted 
of four components whose ideal orientations were 
little affected, but whose intensities were changed, 
by zine content. The remaining component, of the 


second type, was described as maintaining a 30-deg— 


<111> rotational relationship with a major defor- 
mation component that shifts with zinc content to 
the end orientation {110}<112> in 70:30 brass. The 
recrystallization component thus related to this 
final {110}<112> deformation component was of the 
type conventionally given the indices {113}<211>. 
Unfortunately, the existing data do not provide suf- 
ficiently detailed information about the variation of 
the recrystallization components with alloying to 
permit a choice between these two interpretations. 
A more critical scrutiny of past work reveals. 
certain copper alloys whose reported recrystalli- 
zation textures did not conform to either of the 
above correlations. Obvious deviations were ob- 
served in alloys of copper with the Group V-B ele- 
ments**~" and also with tin and aluminum.**~* Dahl 


*The recrystallization textures of alloys of copper with the Group V-B 
elements were reported to be either very complicated or almost random. 
A re-investigation of these systems is now being carried out. 
and Pawlek® list a (001)[100] recrystallization tex- 
ture for Cu-Sn alloys containing 1 to 8 pct Sn, 


whereas pole figures by Brick, Martin, and Angier’ 
for Cu-Sn alloys of 1.23 and 2.28 at. pct Sn indicate 
complex recrystallization textures approximating 
randomness. There are no apparent differences in 
the corresponding deformation textures between the 
two investigations. In the case of Cu-Al alloys, 
Smallman noticed that the {113}<211> component 
did not appear as fast as the (001)[100] component 
disappeared with increasing aluminum content.® 
Hither the recrystallization texture of the alloy is 
weak, or it contains a component other than the 
{113}<211> orientation. Since this anomaly oc- 
curred at dilute compositions often omitted from 
past investigations, it receives no explanation from 


_the existing theories that deal with the effects of 


alloying upon the recrystallization texture of copper. 
It appears that the solute elements that have been 
employed to date exert generally similar influence 
upon the recrystallization texture of copper. The 
evidence which has been reviewed suggests, how- 
ever, that there may be some significant exceptions 
to the general textural pattern exhibited by Cu-Zn 
alloys. A more complete examination of possible 
differences in the textures produced by various al- 
loying elements, correlation of any such differences 
with the characteristics of the individual solute ele- 
ments, and correlation of recrystallization textures 
with the prior deformation textures are necessary 


in order to provide a more complete foundation for 
the eventual formulation of a satisfactory theory of 
recrystallization textures in fcc metals and alloys. 
In this investigation, the deformation and recrys- 
tallization textures of the Cu-Sn terminal solid so- 
lution have been explored in detail as a function of 
tin content, since the inconsistencies in the data 
previously obtained for Cu-Sn alloys are charac- 
teristic of the uncertainties and anomalies in the 


Table |. Chemical Compositions and Treatments of Cu-Ge and Cu-Sn Alloys 


Homogenization Heat Treatment Initial Final . 

Treatment —Prior to Rolling Thickness, Thickness, Pct Re- 

Wt Pct At. Pct Time, Hr Temp., °C Time, Hr Temp.,°C In. In. duction 
0.11 Ge 0.096 Ge 36 900 1 450 0.452 0.003 99.3 
0.23 0.20 45 900 1 450 0.602 0.004 99.3 
0.42 0.36 36 900 1 450 0.634 0.004 99.4 
1.02 0.89 36 900 1 450 0.576 0.004 99.3 
1.37 1.20 44 850 1 450 0.499 0.003 99.4 
1.76 1.54 40 850 1 450 0.537 0.004 99.3 
2.88 2.53 48 850 1 450 0.624 0.004 99.4 
3.79 3.33 62 850 1 450 0.513 0.004 99.2 
5.06 4.45 46 850 y 500 0.521 0.004 99.2 
7.21 6.36 60 850 y 500 0.632 0.004 99.4 
9.23 8.17 46 850 y 500 0.531 0.004 99.2 
0.075 Sn 0.040 Sn 65 800 1 450 0.535 0.004 99.3 
0.084 0.045 36 900 1 450 0.639 0.004 99.4 
0.21 0.11 40 900 1 450 0.687 0.004 99.4 
0.36 ~ 0.19 46 875 1 450 0.648 0.004 99.4 
0.53 0.28 44 850 1 - 450 0.589 0.004 99.3 
0.63 0.34 40 850 1 450 0.590 0.004 99.3 
0.86 0.46 44 850 1 450 0.528 0.004 99.2 
1.08 0.58 43 900 1 450 0.575 0.004 99.3 
1.47 0.79 44 850 1 450 0.528 0.004 99.2 
1.88 1.02 48 900 1 450 0.489 0.004 99.2 
2.34 1.26 40 850 1 450 0.589 0.005 99.2 
3.19 1.73 43 900 1 450 0.517 0.004 99.2 
3.77 2.05 48 850 1 450 0.565 0.005 99.1 
5.07 2.78 43 900 1 450 0.636 0.006 99.1 
9.84 5.52 66 800 y 500 0.577 0.005 99.1 
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Fig. 1—{111} deformation pole figure of a Cu-0.89 at. pet 
Ge alloy, rolled 99.3 pct reduction in thickness. A-(110) 
[112], A=(858) [523]. 


texture information available for copper-base 
binary alloys in general. A similar study has also 
been made on Cu-Ge alloys. No previous texture 
studies have been reported for this system; since 
germanium, like tin, belongs to the IV-B subgroup, 
data for Cu-Ge alloys will be useful in correlating 
textures with the nature of the solute element re- 
sponsible for them. Finally, an effort has been 
made to determine, at least semiquantitatively, the 
manner in which individual recrystallization com- 


Fig. 3—{111} deformation pole figure of a Cu-1.54 at. pet 
Ge alloy, rolled _99.3 pct reduction in thickness. A-(110) 
[112], A-(358) [523]. 
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Fig. 2—{111} deformation pole figure of a Cu-6.36 at. pet 
Ge alloy, rolled 99.4 pct reduction in thickness. A-(110) 
[112], A-(358) [523]. 


ponents vary with solute content in order to portray 
this information in a more readily assimilated and, 
it is hoped, a more useful fashion. 


EXPERIMENTAL PROCEDURE 


The materials used for the binary copper alloys 
were as follows: 99.95 pct pure cathode copper with 
0.04 pct O as the major impurity, analytical grade 
tin of 99.98 pct purity and transistor-grade germa- 
nium of better than 99.999 pct purity. Alloy ingots 
weighing about 400 g were prepared by induction 
melting the constituent elements in a graphite cru- 
cible and chill-casting into a 17/.-in. diam graphite 
mold with a massive copper bottom. Compositions 
of higher solute contents were employed as master 
alloys in making the dilute alloys. After homogeni- 
zation at high temperatures in graphite powder, the 
ingots were trimmed at both ends to remove de- 
fects. These 17/-in. long by diam billets 
were then compression rolled to about half their 
original length, annealed at 400° to 500°C to re- 
fine the grain size, and trimmed to form a wafer 
measuring about 1 in. by 17/2 in. by % in. thick. 

Rolling was done without lateral restraint or 
tension on a two-high mill with highly polished rolls 
8 in. indiam. The rolling schedule for all the alloys 
was as follows: 


0.012 in. per pass to 50 pet reduction in thickness 
0.006 in. per pass to 75 pct reduction in thickness 
0.003 in. per pass to 87 pct reduction in thickness 
0.002 in. per pass to 93 pct reduction in thickness 
0.001 in. per pass to final thickness 


The strips were reversed end to end after each 
pass. Rolling reductions ranged from 99.1 to 99.4 
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Cu-Ge alloys. 


pet. Table I presents chemical compositions, heat 
treatments and thicknesses of the specimens before 
and after rolling. Specimens 172 in. long with the 
rolled edges intact were cut from the rolled strip. 
Samples for the recrystallization study were sand- 
wiched between flat graphite plates, wrapped in 
aluminum foil, and annealed in a recirculating air 
furnace at 400°C for 1 hr. X-ray specimens ap- 
proximately 0.002 in. thick were prepared by etch- 
ing the rolled or annealed strip in 50:50 nitric acid 
and water. Chart recordings of the X-ray data 
were obtained by a transmission method using an 
integrating specimen holder in conjunction with a 
Geiger-counter diffractometer.® Copper Ka radia- 
tion filtered by 0.0007-in. nickel foil was used 
throughout the investigation, with a 1-deg slit to 
define the incident beam and a soller slit and 0.1- 
deg detector slit for the diffracted beam. Diffrac- 
tion was from either {111} or {200} planes. Each 
specimen was scanned over a 360-deg rotation - 
about the normal to the sheet for each tilt angle, 


| R.D. 


Fig. 6—{200} recrystallization pole figure of Cu-2.53 at. 
pct Ge annealed 1 hr at 400°C. C-{012}<100>, @-{113} 
<211>type, @ and @-{110}<112>+ 25°. 
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Fig. 5—{200} recrystallization pole figure of Cu-0.36 at. 
pet Ge annealed 1 hr at 400°C. -(001)[100], G -{012} 
<100>, @-{113}<211> type, @-{358}<523> type. 


with tilt angles at 5-deg intervals along the radius 
of the basic stereogram to within 35 deg of the 
center. 

In order to make the data from the various 
specimens directly comparable, the X-ray thick- 
ness of each alloy specimen was matched exactly 
with randomly oriented sheet made from sprayed 
copper powder according to the technique de- 
scribed by Geisler.® These random standards en- 
abled all chart measurements and pole figure con- 
tours to be converted from counts per minute to 


Fig. 7—{200} recrystallization pole figure of Cu-6.36 at. 
pet Ge annealed 1 hr at 400°C. o-{012}<100>, @-{113} 
<211>type, @ and §-{110}<112>+ 25° ,-@ -{203}<302>. 
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Fig. 8—{111} recrystallization pole figure of Cu-6.36 at. 
pet Ge annealed 1 hr at 400°C. A-{012}<100>, A-{113}<211> 
type, @ and @-{110}<112>+4 25°, # -{203}<302>. 


multiples of random intensity; in all the pole fig- 
ures, 100 is taken as the random level. 


EXPERIMENTAL RESULTS 


Deformation Textures—The deformation textures 
of the copper-germanium and copper-tin alloys ob- 
served in the present work qualitatively conform to 
the general pattern reported by previous investi- 
gators.”*” Dilute alloys develop a deformation 
texture similar to that of unalloyed copper, Fig. 1, 
whereas alloys near the a solid solution limits 
show a texture like that of 70:30 brass, Fig. 2. 

A transition texture between the two terminal de- 
formation textures is observed in alloys of inter- 
mediate solute content, Fig. 3. 

In almost all past work on this subject except 
Smallman’s, * the textural transition is expressed 
descriptively rather than quantitatively. During the 
course of the present investigation, a modification of 
Smallman’s technique,was devised in an attempt to 
portray this transition quantitatively. It was found 
that if the ratio of the peak height at the transverse 
direction to the peak height 20 deg from the rolling 
direction (on the periphery of the {111} deformation 
pole figure) is plotted against the logarithm of the 
solute content, the curves shown in Fig. 4 are ob- 
tained. There is good agreement of the textural 
transition defined by the peak height ratios with the 
more subjective visual interpretation of the individ- 
ual deformation pole figures. For instance, the de- 
formation texture of a Cu-0.89 at. pct Ge alloy ap- 
pears in Fig. 1; according to Fig. 4 this is the 
highest Ge-content alloy that should possess a cop- 
per type of deformation texture. Comparing Fig. 1 
with the published {111} deformation pole figure of 
unalloyed copper,*” it is seen that there is a strong 
resemblance. Similarly, there is very good agree- 
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Fig. 9—{200} recrystallization pole figure of Cu-8.17 at. 
pet Ge annealed 1 hr at 400°C. (-{012}<100>, @-{113}<211> 
type. and @-{110}<112>+ 25° ,-@ -{302}<203>, x-{134} 

<14, 6, 1>. 


ment between the {111} deformation pole figure of 
70:30 brass” and Fig. 2, if the 75 and 100 levels 
of Fig. 2 are ignored. 

From Fig. 4, it is clear that up to 0.25 at. pct Sn 
or 1.0 at. pct Ge does not materially change the 
copper type of deformation texture. Transition 
from the copper type to the brass type of deforma- 
tion texture proceeds linearly as the logarithm of 
the alloy composition, and it is completed at ap- 
proximately 4 at. pct Sn or Ge. The requirement 
of 4 at. pct Sn for completion of the transition is 
higher than the 1 to 2 at. pct estimated by Small- 
man.® 

Recrystallization Textures—-Copper-Germanium 
Alloys—The influence of germanium upon the re- 
crystallization texture of copper is qualitatively 
similar to that of zinc, except for some new re- 
crystallization components in the higher Ge-content 
alloys. Figs. 5 to 9 illustrate the recrystallization 


textures of typical alloys in the copper-rich a solid 
solution. The lowest composition of those examined 
containing recrystallization components other than 
the cube orientation, (001)[100], is the Cu-0.20 at. 
pet Ge alloy. Two of the components in these lower 
Ge-content alloys, the {358} <523> and the {113} 
<211> types, are twin related. 


The Cu-2.53 at. pct Ge alloy, Fig. 6, exhibits a 
recrystallization texture corresponding to that of 
70 : 30 brass, containing only the {012}<100> and 
the {113} <211> types of components. At higher 
germanium contents new components appear, 
among them a {110}-pair, {110}<118> and {110} 
<554>. The ideal orientations of the {110}-pair 
are clearly defined in Fig. 8; they may be con- 
ceived of as 25-deg clockwise and counterclock- 
wise rotations of the {110}<112> orientation about 
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Fig. 10—Evolution of recrystallization components in 
Cu-Ge alloys, annealed 1 hr at 400°C. 


the central <110> pole or sheet normal, and con- 
veniently represented by the designation {110}<112> 
+25 deg. The {203}<302> recrystallization com- 
ponent, appearing quite strongly in the Cu-8.17 at. 
pct Ge alloy of Fig. 9, is found to be in a second- 
order twin relationship with the {113}<211> com- 
ponent, and the very weak {134}<14, 6, 1> compo- 
nent is the appropriate first-order twin of {113} 
all>; 

It was felt that the series of pole figures do not 
adequately demonstrate either the variety or the _ 
amounts of the recrystallization components as a 
function of germanium content. Consequently, an 
alternate graphical representation employing the 
X-ray diffraction heights of the individual pole con- 
centrations was devised. The diffraction peak from 
a given pole concentration is usually at least 15 to 
20 deg wide at the background level, and conse- 
quently some cross section of such a peak appears 
on the chart recordings for several progressive 
tilt angles. Also, it will be appreciated that the 
maximum point of a peak is unlikely to occur ex- 
actly at a tilt angle that is an integer multiple of 
5 deg. Therefore, after a component of the re- 
crystallization texture is located in the pole figures, 
the maxima of the cross sections of each peak are 
measured on the {200} chart recordings, converted 
to multiples of the diffraction heights from a ran- 
domly oriented specimen of the same thickness, and 
a curve of height vs tilt angle plotted. This proce- 
dure is equivalent to step-scanning across a dif- 
fraction peak approximately along a radius of the 
basic stereographic circle. Asa result, the posi- 
tion and height-of each pole concentration peak are 
more accurately determined than is possible from - 
either the pole figures or chart recordings alone. 
Since diffraction intensity is a function of the vol- 
ume of material contributing to the diffraction 
process, the average of the peak heights for a 
particular component should be a measure of the 
amount of that component in the texture. Admittedly, 
the amount of each component can be properly de- 
termined only from the integrated intensities of the 
diffraction peaks; however, for the number of alloys 
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Fig. 11—{200} recrystallization pole figure of Cu-0.19 at. 
pet Sn annealed 1 hr at 400°C. m-(001) [100], O-{012} 
<100>, @-{113}<211> type, © -{358}<523> type. 


examined, each alloy with several recrystallization 
components, and each component with from two to 
eight pole concentrations of irregular shape, this 
would be a task of impressive magnitude. Instead, 
as a check on the manner of variation of individual 
components with composition, the integrated inten- 
sities from the pole concentrations of the {113} 
<211> type of recrystallization component in the 
range 0.36 to 8.17 at. pct Ge were determined and 


Fig. 12—{200} recrystallization pole figure of Cu-0.58 at. 
pet Sn annealed 1 hr at 400°C. m-(001)[100], 0 -{012} 
<100>, @ -{113}<211> type, @ -{358}<523> type, ®-{113} 
<574>, @ and @-{110}<112> + 27°. 
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Fig. 13—{200} recrystallization pole figure of Cu-1.73 at. 
pet Sn annealed 1 hr at 400°C. O “2}t00> @ -{113} 


<211> type, @ -{358}<523> type, @-{113}<574>, @ and @- Fig. 14—{111} recrystallization pole figure of Cu-1.73 at. 
{110}<112> 2 27°. pet Sn annealed 1 hr at 400°C. A-{012}<100>, aoe 
type, © -{358}<523> type, A-{113}<574>, and -{110}<112> 
compared to the curve of peak heights vs composi- + 27°. 
tion, with very good agreement. Consequently, it is 
felt that Fig. 10, in which peak heights are plotted that this technique accounts for about 90 pct of the 
against the logarithm of atomic percent Ge, con- material (other than the cube component) constitut- 
veniently summarizes the evolution of recrystalli- ing each recrystallization texture. In the text fol- 
zation components in Cu-Ge alloys. It is estimated lowing, ‘‘peak height’’ and ‘‘intensity’’ are used 


Fig. 15—{200} recrystallization pole figure of Cu-2.78 at. 
pet Sn annealed 1 hr at 400°C. O-{012}<100>, @ -{113} Fig. 16—{200} recrystallization pole figure of Cu-5.25 at. 
<211> type, © -{358}<523> type, @-{113}<574>, @ and @- pet Sn annealed 1 hr at 400°C. 0 -{012}<100>, @ -{113}<211> 
{110}<112> 427°. type, © -{358}<523> type, @ and @-{110}<112> 427°. 
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Fig. 17— Evolution of recrystallization components in 
Cu-Sn alloys, annealed 1 hr at 400°C. 


interchangeably; it is emphasized that ‘‘intensity’’ 
here does not mean ‘‘integrated intensity.”’ 

It should be pointed out that the relatively high 
intensity levels of the {012}<100> and {203}<302> 
components derive from the fact that both of these 
components have a multiplicity of two instead of the 
four exhibited by the {358}<523> and {113}<211> 
types. For a direct comparison among the various 
components, the intensities of the {012}<100> and 
{203}<302> components should be divided by two. 

The reproducibility of Fig. 10 was found to be 
surprisingly good. Redetermination of individual 
points with different specimens from the same cold- 
rolled strip resulted in values within 10 pct of the 
first determination, and the intensities did not seem 
to be influenced by variations in rolling reduction 
above 99 pct. Also contributing to the reproduci- 
bility was the fact that the intensities of at least 
two of the three cube pole concentrations were 
measured for each orientation, where possible. If 
these intensities differed significantly, the higher 
was always found to have been augmented by an 
overlapping orientation, and a graphical subtraction 
was performed. Consequently, the final plotted 
value is an average of eight measurements for 
components with a multiplicity of four, or four 
measurements for components with a multiplicity 


of two, except in the case of the {012}<100> 
component. 

It was also determined metallographically and 
by X-ray diffraction that all the alloys in both 
series are completely recrystallized after 1 hr at 
400°C. In addition, several alloy strips of various 
compositions were annealed for two hours at 400°C, 
and the resulting intensity measurements of the in- 
dividual recrystallization components were also 
within 10 pct of the values obtained after the one- 
hour anneal. Brief exploratory studies of 350° and 
450°C annealing also confirm that, in completely 
recrystallized specimens, the intensity variation 
of recrystallization components is essentially the 
same as in specimens annealed at 400°C. 

Copper-Tin Alloys—The evolutionary pattern of 
preferred orientations in Cu-Sn alloys is much the 
same as that of Cu-Ge alloys, as shown by the pole 
figures in Figs. 11 to 16. Several differences be- 
tween the two series may be noted. In the case of 
those Cu-Sn solid solutions investigated, the lowest 
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Fig. 18—Individuatl orientations of {113}<211>type of com- 
ponents in Cu-Ge and Cu-Sn alloys. A-{325}<947>, A-{326} 
<835>, @ -{113}<211>, © -{225}<734>, O-{112}<243>, +-{113} 
<574>. 


composition containing recrystallization components 
other than the (001)[100] is the Cu-0.045 at. pct Sn 
alloy. Also, in the low tin-content range, the {358} 
<523> type of component achieves far greater prom- 
inence than it does in the Cu-Ge system, as illus- 
trated by Fig. 11. The orientations of the {110} - 
pair are slightly different from those of the Cu-Ge 
alloys, and are designated {110}<112> +27 deg. The 
other new component, {113}<574>, is close to the 
{113}<211>, but its presence is confirmed by Fig. 13 
and by augmentation of one of the pole concentrations 
of the {358}<523> component on the {200} chart 
recordings. 

A graphical summary of the variation of textural 
components with tin content appears in Fig. 17. 

Both portions of the {110}-pair component do not 
exhibit precisely the same intensity levels over the 
composition range of their existence, but for clarity 
the variation of just one orientation is shown. 

In Figs. 10 and 17, the intensity variations with 
composition of the (001)[100] component do not ap- 
pear at all, and the intensitities of the {012} <100> 
component are shown as broken lines for less than 
1.20 at. pct Ge or 0.58 at. pct Sn. As germanium 
or tin is added to copper, the amount of (001)[100] 
recrystallization component at first decreases 
rapidly. However, instead of continuing simply to 
decrease in height as the alloy content increases, 
it was observed that the diffraction peaks from the 
(200) pole concentration at the transverse direction 
spread along the equator toward the sheet-normal 
direction. Thus, when the {012}<100> component 
appears in the recrystallization texture, its pole 
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concentrations 26 deg from the transverse direction 
on the equator are augmented by the spreadout 
‘cube’? orientation, as demonstrated in Fig. 11. 
The other observable (200) poles of the entire 
spread of orientations, including the (001)[100] and 
the {012}<100>, are all concentrated at the rolling 
direction, and there is no way of quantitatively 
evaluating their mutual interference. This does not 
mean that the initial occurrence of the {012} <100> 
component is not detectable, or that the general 
trends of both components cannot be observed; 
rather, it is just not possible to measure accurately 
either the {012}<100> componentor the (001)[100] 
component intensity within the indicated composition 
range. It is known, however, that the (001)[ 100] 
component decreases from an intensity of slightly 
more than 300 times the random level for unalloyed 
copper to an intensity of zero at about 1.5 at. pct Ge 
or pct 


DISCUSSION 


Deformation Textures—Two concepts were ad- 
vanced in the past to explain the effect of alloy ad- 
ditions on the deformation texture of copper. One 
of these suggested that there is only one component, 
{358}<352>, in the deformation texture of copper.” 
Addition of zinc to the copper, for example, 
causes a rotation of the {358}<352> orientation 
about one of its <111> poles to a final {110}<112> 
orientation as observed in the deformation tex- 
ture of 70:30 brass.” The other opinion is that 
both {358}<523> and {110}<112> components are 
present in the deformation texture of copper, but 
the former component is predominant.’ Alloying 
merely changes the relative amounts of material 
in these two orientations. That is, the more al- 
loying element present, the more material in the 
{110}<112> orientation. The method used in this 
investigation to describe the transition of defor- 
mation textures is unable to distinguish between 
the concepts; however, it does express the degree 
of transition quantitatively as a function of com- 
position. It may now be possible to correlate the 
change of deformation textures with other measure- 
ments on these alloys. 


Recrystallization Textures—Before going into the 
details of the various components in the recrystal- 
lization textures, it seems advisable to clarify the 
ideal-orientation designations that are used in the 
previous section. [Illustrating this necessity are the 
{113}<211> indices used by various investigators to 
describe the major recrystallization component of 
70:30 brass. Beck and Hu” obtained a fit of their 
data with the indices {(225}<734>, whereas Merlini 
and Beck’ concluded that actually this component is 
not invariant but shifts with zinc content in such a 
way as to preserve the rotational relation of 30 deg 
around a <111> pole of the main deformation com- 
ponent as the deformation orientation rotates from 
the {358} <352> of copper to the {110}<112> of 
70:30 brass. Careful analysis of the (200) peak 
positions of this component on the chart recordings 
does in fact show a small variation with solute con- 
centration. However, the maximum shift of tilt and 
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rotation angles on the stereograms is only about 
6 deg over the whole range of solubility. Fig. 18 
shows a stereogram in which all the {113}<211> 


type of orientations for Cu-Ge and Cu-Sn alloys are _ 


plotted within a circle of 4 deg radius. Further- 
more, a determination of this recrystallization 
component in the (200) pole figure of 70:30 brass 
prepared in a similar manner (rolled 99.7 pct and 
annealed 1 hr at 350°C) showed that its ideal ori- 
entation also falls within the groupings shown in 
Fig. 18. Obviously neither {113}<211> nor {225} 
<734> adequately represent these groupings. Since 
the observed variation with composition does not 
seem large enough to warrant assignment of in- 
dices to each separate orientation, the best com- 
promise orientation, based upon (200) and (111) 
pole figures, is found to be {325}<947> or {326} 
<835>. Nevertheless, for convenience the indices 
“f113}<211>-type’’ have been used throughout 
this paper. 

The evolutionary curves presented in Figs. 10 
and 17 show features that are not discernible in 
a series of pole figures alone. It is interesting to 
note that as either germanium or tin is added to 
copper, all three major components, the {113}<211>, 
{358}<523>, and {012}<100> types, appear together 
and quite abruptly. This behavior would suggest 
that the mechanism(s) responsible for their initial 
appearance is highly sensitive to alloy content. The 
rise and fall of each component is similar in the 
two series, but apparently the details of behavior 
depend in some measure upon the particular alloy 
addition. For example, the {358}<523> type of 
component achieves maximum intensity earlier and 
persists longer in the Cu-Sn alloys than in the Cu- 
Ge alloys. Similarly, the {113}<211> type displays 
neither the prominence nor the variability in the 
Cu-Sn alloys that it exhibits in the Cu-Ge series, 
and the opposite is true for one orientation of the 
{110} -pair. 

Origin of Individual Recrystallization Compo- 
nents—Because this investigation is part of a long- 
range program to study the origin of recrystalliza- 
tion textures in fcc metals, no attempt will be made 
at this time to interpret the results in terms of 
existing hypotheses concerning the origin of re- 
crystallization textures. Instead, the remaining 
discussion will be devoted primarily to developing 
the relation between a recrystallization component 
and the deformation component from which it orig- 
inates in Cu-Ge and Cu-Sn alloys, on the assumption 
that such a relationship does exist. 

The {113} <211> Component—Rotational reori- 
entation of 38 deg about the <111> pole 20 deg from 
the rolling direction is believed to be the geomet- 
rical representation of the mechanism that gener- 
ates the {113}<211> recrystallization component 
from the {110}<112> deformation component. 
Correlation of these two components is by no 
means new, but the correspondence of in- 
tensity variation with composition between the 
{110}<112> deformation and the {113}<211> re- 
crystallization components, especially in Cu-Ge 
alloys, gives additional support to this association. 
A strengthened {110}<112> - {113}<211> corre- 
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lation also leads to an interesting deduction about 
the constitution of the deformation texture of un- 
alloyed copper. As shown in Figs. 10 and 17, the 
{113}<211> orientations were detected in alloys 
containing as little as 0.20 at. pct Ge or 0.045 at. 
pct Sn. Since these dilute alloys possess deforma- 
tion textures of the copper type with no measurable 
. transition toward the brass type, Fig. 4, it is logi- 
cal to conclude that the copper deformation texture 
contains some {110}<112> component. The pres- 
ence of the {110}<112> component in the deforma- 
tion texture of unalloyed copper has never been 
securely established.°® 
The {358} <523> Component—The ideal orienta- 

tion of the {358}<523> type of component is close 


to one of the {113}<211> twin orientations, even 
though each component varies slightly with com- 
position. Consequently, the {358} <523>-type com- 
ponent may be related to the {110}<112> deforma- 
tion component by a 22-deg rotation about the same 
<111> pole that generates the {113}<211> -type 
component, but in the opposite sense of the 38-deg 
rotation, as proposed by one of the authors in the 
Discussion of Ref. 2. However, after careful ex- 
amination of the data, this simple correlation is not 
entirely satisfactory. Figs. 10 and 17 show that the 
intensity of the {358}<523> component is high in the 
dilute alloys and decreases with increasing solute 
content. Generally, such behavior is not expected 
of a recrystallization component whose parent 
deformation orientation is increasing over the 
same alloy range, but the possibility is certainly — 
not eliminated. 

Three sets of ideal orientations have been used 
in the past to describe the copper type of deforma-~ 
tion texture, {110}<112> plus {112}<111>,? the 

358} <352> type alone,** and {110}<112> plus 
re Experiments conducted on cold- 
rolled single crystals of copper with final orienta- 
tions of (110)[112],* (112)[111],*° or (358)[523]*° 
demonstrated that only the specimen of (358) [523] 
orientation recrystallized to a texture containing 
{358} <523> component. As suggested previously,* 
the {358}<523> can be self-generated by a 44-deg 
rotation about three of its four <111> poles; a 44- 
deg rotation about the remaining <111> pole gen- 
erates the cube orientation. If the {358}<523> re- 
crystallization component is indeed related in this 
manner to the {358}<523> deformation component, 
the implication is that small alloying additions to 
copper destroy the reorientation monopoly of the 
<111> pole that generates the cube component and 
permit reorientation about the other <111> poles 
as well. In other words, small quantities of solute 
elements equalize the recrystallization kinetics of 
the cube and the {358}<523> components, and fur- 
ther increase in solute concentration decreases the 
recrystallization kinetics of the cube component 
enough to make {358}<523> predominant in the re- 
crystallization texture 

Returning briefly to the concept of {358} <523> - 
type component generation by twinning of the {113} 
<211> component, it may be that some {358} <523> 
type of grains are always present as a result of 
such twinning. Although this is not thought to be 
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the primary generation mechanism of the {358} 
<523>-type component, the persistence of the {358} 
<523> -type component to high tin contents in the 
Cu-Sn series and also the shape of the {358}<523> 
curve of Fig. 17 may indeed reflect a small but 
positive intensity contribution from twinning. 

The {203}<302> Component—Fullman and 
Fisher’” proposed that the total grain boundary en- 
ergy of a fec metal can be lowered by the forma- 
tion of annealing twins during grain boundary mi- 
gration. It is conceivable, then, that grains of a 
recrystallization component growing into a tex- 
tured matrix can form annealing twins in sufficient 
frequency to account for a significant portion of the 


__-final recrystallization texture. It was thought that 


the {203} <302> component might originate from 
such a growth mechanism. If this is the case, the 
intensity of the {203}<302> component could be de- 
creased or completely eliminated by manipulation 
of the annealing treatment so as to increase the 
rate of nucleation of new grains relative to the 


amount of growth. An experiment performed by 
annealing a Cu-8.17 at. pct Ge alloy specimen for 
approximately 2 sec in salt at 650°C resulted in a 
complete absence of the {203}<302> component in 
the recrystallization texture although the specimen 
was completely recrystallized with a texture other- 
wise the same as that resulting from the 400°C 
anneal. 

The {012}<100> Component—Verbraak has sug- 
gested that the cube recrystallization component is 
generated by an ‘‘inverse’’ Rowland transformation 
of the twin {112}<111> deformation component in 
copper, and that the {012}<100> component is de- 
rised from a variation of this mechanism.*® In his 
analysis, the ideal orientation of the {012}<100> 
type of component is related to the cube orientation 
by a 30-deg rotation about the cube pole at the roll- 
ing direction. The relation of the {012}<100> com- 
ponent to the (001)[100] orientation in Cu-Ge and 


_Cu-Sn alloys is observed to vary from 23 to 28 deg, 


but it is never 30 deg. Furthermore, the deforma- 
tion textures of the alloys in which the amount of 


{012}<100> component is maximum contain no trace 
of the {112}<111>, a component easily identified at 
the rolling direction of the {111} deformation pole 
figure. 

The {012}<100> can be related by a 38 deg <111> 
rotation to the {110}<112> deformation component 
as proposed by Dunn.*® However, there does not 
seem to be any similarity between the variation 
with composition of the {110}<112> deformation 
and the {012}<100> recrystallization components, 
as there is between the {110}<112> deformation 
and the {113}<211> type of recrystallization com- 
ponents. In searching for a relation of the {012} 
<100> component to some other orientation in the 
deformed matrix, discrete peaks were observed at 
41 deg to the rolling direction on the periphery of 
the {111} deformation pole figures of some Cu-Ge 
and Cu-Sn compositions. Ordinarily, this region 
appears only as a high-intensity spread extending 
towards the transverse direction from the peaks at 
20 deg to the rolling direction, and was described 
first in 70:30 brass by Brick’® with the approxi- 
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Fig. 19—Comparison of the intensities of {012}<100> re- 
crystallization component and Brick’s spread in the {111} 
deformation textures of Cu-Ge alloys. 


mate Miller Indices {110}<113-117>. Measure- 
ments were made at this 41 deg position on the 
{111} deformation chart-recordings of all the al- 
loys, and graphical subtraction was performed to 
obtain true values of intensity. The intensity vari- 
ation with composition of the 41 deg peaks and the 
{012}<100> recrystallization component appear in 
Figs. 19 and 20. The correlation between {012} 
<100> and the Brick Spread is certainly not per- 
fect, but it is interesting that there is a correlation 
at all. Indeed, textural component changes as a 
function of composition may prove to be a useful 
criterion in studying the relation of recrystalliza- 
tion to deformation textures. 

The results of this investigation indicate that one 
unique mechanism may not generate all the observed 
recrystallization components in these alloy series. 
More likely, several mechanisms are operative, 
perhaps even one for each component. The rota- 
tional reorientation relationship usually observed 
between deformation and recrystallization com- 
ponents is merely the manifestation of the mech- 
~ anism(s) that apply for those cases of deformation 
and recrystallization components with a common 
<111> pole, such as {110}<112> and {113}<211> or 
{358}<523> and {358}<523>. However, other re- 
crystallization components, as for example {203} 
<302> and {110}<112> +25 deg in Cu-Ge alloys or 
{110}<112> +27 deg in Cu-Sn alloys, possess no 
common <111> pole whatsoever with the deforma- 
tion orientations {110}<112> and {358}<523>. Hence, 
there seems to be some doubt that the <111> rota- 
tional relation is characteristic of all recrystalliza- 
tion components in fcc metals and alloys. 


SUMMARY 


1) Germanium or tin in solid solution gradually 
alters the deformation texture of copper from the 
copper-type in dilute alloys to the 70:30 brass-type 
in alloys near the solubility limit. The degree of 
this textural transition as a function of alloy com- 
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Fig. 20—Comparison of the intensities of {012}<100> re- 
crystallization component and Brick’s spread in the {111} 
deformation textures of Cu-Sn alloys. 


position can be expressed quantitatively by the ra- 
tios of certain pole intensities. 

2) The copper deformation texture is essentially 
unchanged by the alloying addition of approximately 
0.25 at. pct Sn or 1.0 at. pct Ge. Increasing the al- 
loy content causes a texture transition that varies 
linearly as the logarithm of the solute concentra- 
tion. The transition is complete in each series at 
about 4 at. pet. 

3) Qualitatively the influence of germanium and 
tin upon the recrystallization texture of copper is 
similar to that of zinc, except that previously un- 
reported recrystallization components appear in 
specimens of high alloy content. 

4) Changes in the recrystallization textures as a 
function of composition can be clearly, and at least 
semiquantitatively, demonstrated by means of dif- 
fracted intensities from individual recrystallization 
components relative to the intensities from randomly 
oriented standards. These textural changes with 
composition are not identical from one solute ele- 
ment to another, but there does appear to be a gen- 
eral scheme for the development of recrystalliza- 
tion textures in copper alloys. 

5) The orientations of all the recrystallization 
components, with the possible exception of the cube 
component, are essentially unchanged by changes 
in the alloy content. 

6) From the evolutionary pattern of the recrys- 
tallization components, the following deductions are 
made: 

a) The {113}<211> type of recrystallization com- 
ponent originates from the {110}<112> deformation 
component. 

b) Some {110}<112> component is present in the 
deformation texture of copper. 

The {358} <523> type of recrystallization com- 
ponent is generated by the {358}<523> deformation 
component. 

d) The {203}<302> recrystallization component 
is a second-order twin of the {113}<211> type of 
recrystallization component, and it can be elimi- 
nated from the texture by manipulation of the an- 
nealing treatment. 
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e) Relation of the {012}<100> type of recrystalli- 
zation component to Brick Spread in the {111} de- 
formation textures appears to be more logical, on 
the basis of similarity of individual intensity vs 
compoSitien curves, than any relation previously 
proposed. 
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Effect of Heat Treatment in the Ferrite-Austenite 


Region on Notch Toughness of Low-Carbon Steels 


Notch toughness of 0.10 pct C steels, rimmed or killed, is 
improved by holding the steel at a temperature just above the Ae,, 
followed by air cooling. The improvement can be gained without 


apparent change in gross microstructure or hardness. The limits 


W.C. Leslie 


of the process have been determined and some possible reasons 


for the observed effects are discussed. The results appear to 


R.L. Rickett 


indicate that the current theories of transition temperature are 


inadequate. 


Tue effects of gross microstructural variables 
(ferrite grain size, austenite grain size, type and 
distribution of carbides) on the notch toughness of 
mild steels have been the subject of many investi- 
gations.** The results indicate that increasing 
ferrite grain size raises the notch-impact transition 
temperature. The transition temperature also rises 
with increasing size of pearlite colonies and with in- 
creasing prior austenite grain size, but these factors 
are not independent of ferrite grain size. 

The effects of gross composition of steels have 
also received considerable attention.”"° As a result, 
manganese, nickel, aluminum, and silicon are known 
to improve the notch toughness of mild steels. The 
other elements that have been investigated—carbon, 
nitrogen, boron, copper, chromium, molybdenum, 
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with the Edgar C. Bain Laboratory for Fundamental Research, U. Se 
Steel Corp., Monroeville, Pa. W. D. LAFFERTY, formerly with the 
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phosphorus, sulfur, titanium, and vanadium—re- 
portedly are either deleterious or have little effect 
on notch toughness. 

Despite this large volume of work, it is still not 
possible to predict the notch toughness of a mild 
steel from its microstructure and composition, even 
when these are supplemented by hardness and tensile 
tests. Steels with equivalent microstructures, but 
different thermal and/or mechanical histories, can 
differ in notch toughness.**’’”. Such factors as type 
and distribution of precipitates, substructure, local 
variations in composition, or unrecognized variables, 
may be important in determining the notch toughness 
of mild steels. However, quantitative knowledge of 
the effects produced by these factors is almost com- 
pletely lacking. 

In an effort to improve this situation, an investiga- 
tion was begun to determine the effect of a very fine 
precipitate on the notch toughness of low-carbon 
steels. Aluminum nitride was chosen as the precipi- 
tate because of its presence in aluminum-killed 
steels, the ease of control of precipitation, and past 
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Table |. Description of Steels Used 


Chemical Analysis, Pct 


Code Deoxidation Practice (eo Mn Pp S Si Al Al,O, N(Acid Sol) OX. 
A No Al added 0.10 0.41 0.011 0.024 0.01 0.001 0.001 0.004 
B No Al added 0.08 0.43 0.010 0.019 0.003 
[e 2# Al/ton in mold 0.10 0.43 0.010 0.025 0.01 0.047 0.019 0.004 
D 2# Al/ton in mold 0.10 0.43 0.011 0.024 0.055 
E FeSi in furnace 0.19 0.82 0.010 0.019 0.16 0.029 0.013 0.006 
1# Al/ton in mold 
F FeSi in furnace 0.19 0.81 0.012 0.019 0.16 0.076 0.016 0.005 
2# Al/ton in mold 
G Semikilled ABS Class A 0.23 0.54 0.013 0.028 0.01 0.013 
H Semikilled ABS Class B 0.16 0.99 0.018 0.028 0.038 0.009 0.008 
I Si+ Al Killed ABS 0.21 0.72 0.028 0.039 0.20 0.024 0.004 
Class C 
Hi-Purity Vacuum melted and cast 0.081 0.005 <0.004 0.004 — 0.025 0.0008 0.002 
Fe—0.08C 
Spectrographic Analysis, Pct 
Cx WE 45 Mo Zr B Co Mn Si Cu Ni Al 
A 0.03 N.D.* N.D.* 0.02 N.D. N.D. 
c 0.03 N.D. N.D. 0.02 N.D. N.D. 
F 0.03 N.D. N.D. 0.004 N.D. N.D. 
Hi-Purity 0.004 <0.001 N.D. <0.005 0.023 <0.001 0.031 0.01 
Fe—0.08C 


*V_N.D.—less than 0.002 pct, if any; Ti-N.D.—less than 0.001, if any; Zr—N.D.—less than 0.005, if any; B-—N.D.—less than 0.0005, if any; 


Co-N.D. —less than 0.001, if any. 


experience with this compound in steel. It became 
apparent early in the work, however, that a hitherto 
unreported effect of thermal history was of greater 
importance than the precipitation of small amounts of 
aluminum nitride, so the exploration of this new ef- 
fect became the principal objective of the investiga- 
tion. 


MATERIALS 


The composition of the steels used is given in 
Table I. Steels A through D were part of a single 
heat of 0.10 pct C basic open-hearth steel, with 
graded aluminum additions in the molds. Steel A 
was taken from the middle cut of an ingot to which 
no aluminum was added; Steel B was taken from the 
bottom cut of the same ingot. Steel C was taken 
from the top cut of an ingot killed with 2 lb per ton 
of Al; Steel D was taken from the bottom cut of the 
same ingot. Steels E and F were taken from a single 
heat of silicon-killed 0.20 pct C basic open-hearth 
steel, also with graded aluminum additions in the 
molds. Steels A through F were received in the 
form of hot-forged 1-round bars. 

Steels G, H, and I were respectively hot-rolled 
ABS Class A ship plate 1/2 in. thick, Class B, 

3/4 in. thick and Class C, 1 1/2 in. thick. 


EXPERIMENTAL PROCEDURE 


Because of the large effects of gross microstruc- 
tural and compositional variables on notch toughness 
of mild steels, it was necessary to hold these vari- 
ables constant in order to study the effects produced 
by changing the aluminum nitride content. This was 
achieved with Steels C and E by heating to 200°F 
above the calculated AIN solution temperature, 
holding 2 hr, then air cooling to room temperature, 
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or by quenching to 1350°F, holding various periods 
from 1 min to 24 hr, then air cooling. 

The procedures used throughout this work were: 

1) Bars of all except the plate steels, G, H, and I, 
were forged to 1/2-in. sq sections, then machined to 
0.415-in. sq blanks for heat treating. Similar blanks 
were machined directly from the plates, in the longi- 
tudinal direction, and centered in the thickness of the 
plate. 

2) Following austenitizing in a continuously evacu- 
ated stainless steel tube, to prevent nitrogen pickup, 
Specimens were either air cooled or quenched into a 
large lead pot kept at constant temperature, held 
various periods, then air cooled. 

3) V-notch Charpy specimens were broken in an 
impact machine of 220 ft-lbs capacity and a striking 
velocity of 18.1 ft per sec. Twenty-four or twenty 
seven specimens were used to determine each curve. 
Two criteria of transition temperature were used: 

a) The temperature at which 15 ft-lb were ab- 
sorbed (ductility transition). 

b) The temperature at the mid-point of the ab- 
sorbed energy vs test temperature curve (fracture 
transition). 

4) The microstructure and hardness of each heat- 
treated blank were determined and chemical analyses 
were made to ensure that no changes in gross com- 
position had occurred during heat treatment. These 
examinations were supplemented by similar tests 
made on broken impact specimens. 


RESULTS 


A) Effects of Holding at 1350°F—To dissolve AIN 
in steels C and E both were heated to 2100°F and 
held 2 hr. The subsequent treatments used were: 

1) Air cool from 2100°F (Steel C only). 
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held 10 min, air cooled. Dph 101. held for 24 hr, air cooled. Dph 115. 


Fig. 1—Microstructure and hardness of Steel C. Picral-nital etch. X100. Enlarged approximately 8 pct for reproduction. 


2) Quench from 2100 to 1350°F, hold 10 min, hr, Fig. 4, but a more substantial reduction was 
100 min or 24 hr. noted in the 15 ft-lb transition temperature. 

Little difference in microstructure or hardness To determine whether the improvement in notch 
was produced by the four different heat treatments, toughness was due to precipitation of AlN or to some 
Figs. 1 and 3, but as indicated in Table II, two levels _ other factor, rimmed Steel A was used. The heat 
of aluminum nitride content were produced. treatments and procedures were the same as those 

The fracture transition temperature of steel C was used previously with Steel C and again comparable 
reduced 71°F by holding 24 hr at 1350°F, as com- microstructures were achieved throughout the 


pared with air cooling from 2100°F, Fig. 2. The shift series. The notch toughness was improved only by 
in the ductility transition temperature (15 ft-lb) was holding 24 hr at 1350°F, Fig. 5, and the improve- 
about 73°F. Holding only 10 min at 1350°F produced 
very little change in transition temperatures, as — 
compared with air cooling from 2100°F, but holding 
100 min caused a downward shift of 44°F in the 
fracture transition temperature, and 25°F in the 
ductility transition temperature. As can be seen in 
Table II, the precipitation of aluminum nitride in 
Steel C is completed in from 10 to 100 min at 1350°F. 
However, a considerable reduction in transition tem- 
perature resulted from holding 24 hr at 1350°F. 
From this observation it was concluded that either 
the improvement was not due to precipitation of the 
nitride or the impact properties were sensitive to 
the shape and distribution of the precipitated par- 
ticles. 

A very small improvement in the fracture transi- 
tion temperature of Steel E was produced by increas- 
ing the holding period at 1350°F from 10 min to 24 


(a) Held 10 min at 4) 
1350°F. Dph 140, 


200 T T T T T T T T 


QUENCHED FROM 2100°F 
TO 1350°F, HELD 

24 HOURS, = 

160; AIR COOLED 


/ 


| QUENCHED FROM 

2100°F TO 1350°F, 

! HELD 100 MINUTES, 

| AIR COOLED 


(b) Held 24 hr at LS 
AIR COOLED FROM 2I00°F 1350° F, Dph 139. 


84 


QUENCHED FROM 2100°F TO 
1350°F, HELD 10 MINUTES, 
AIR COOLED 4 


ENERGY ABSORBED, FT. -LBS. 
fe) 
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1 1 1 1 L L 1 
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Fig. 3—Microstructure and hardness of Steel E, quenched 
Fig. 2—V-notch Charpy impact resistance of Steel C from 2100° to 1350° F, air cooled. Picral-nital etch. X100. 
(aluminum-killed, 0.10 C). Enlarged approximately 8 pct for reproduction. 
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(a) Air cooled from 2100° F. Dph 105. (b) Quenched from 2100° to 1350° F, Quenched to R 
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40 
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Fig. 4—V-notch Charpy impact resistance of Steel E 
(0.20 C, SiAl killed). 


ment was only about one-third as great as those 
noted for the aluminum-killed Steel C. Despite the 
removal of most of the rim zone during final machin- 
ing of the impact specimens, some of it remained 
around the periphery of the finished specimens. Thus, 
a few large ferrite grains were present at the ends 

of the notch, and these grains, by promoting crack 
initiation, may have partially counteracted an im- 
provement due to the treatment at 1350°F. 


(a) Held 10 min at 
1350° F. Dph 105. 


(6) Held 24 hr at 
1350° F. Dph 104. 


Fig. 6—Microstructures and hardness of Steel C, quenched 
from 1600° to 1350° F, air cooled. Picral-nital etch. X100. 
Enlarged approximately 8 pct for reproduction. 
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Fig. 5—V-notch Charpy impact resistance of Steel A 
(0.10 C, rimmed). 


Because of the improvement in notch toughness 
caused by holding the rimmed steel at 1350°F and 
because the improvement noted in the aluminum- 
killed steel increased for holding periods at 1350°F 
much longer than required to precipitate AIN, it was 
concluded that the improvement was not primarily 
due to formation of aluminum nitride. 

Although the microstructural features of Steel A, 
as revealed by conventional techniques, were nearly 
the same after the various heat treatments, speci- 
mens etched with a saturated aqueous solution of 
picric acid and examined by oblique illumination 
showed ‘‘envelopes”’ of proeutectoid ferrite around 
the pearlite colonies after holding at 1350°F. The 
Ae, temperature is about 1325°F, and additional 
proeutectoid ferrite is rejected during cooling from 
1350°F. The presence of this additional proeutectoid 
ferrite is not believed to be the cause of the im- 
provement in notch toughness, for it was present in 
the same amount, regardless of the length of the 
isothermal treatment at 1350°F. 

B) Effect of Austenitizing Temperatures— To de- 
termine the effect of changing the austenitizing tem- 
perature, specimens of Steels C and B were austenit- 
ized at 1600°F, then quenched into lead at 1350°F, 
and held either 10 min or 24 hr, then air cooled. 
Again, length of time at 1350° had no effect on struc- 
ture or hardness, Fig. 6; grain size, however, was 
finer than after austenitizing at a higher tempera- 
ture. 

In Steel C the fracture transition temperature was 
shifted downward 50°, by the longer period at 1350°F 
Fig. 7. The ductility transition temperature shifted 
downward only 16°F. Similar results were obtained 
with the rimmed steel B, Fig. 7, although the im- 
provement was somewhat less than for the killed 
steel. From these results it is obvious that the prior 
austenitizing temperature had only a slight effect on 
the magnitude of the downward shift of the transition 
temperature, although it did affect the transition 
temperature itself by controlling the ferrite grain 
size. 

Steels B and D were also tested in the as-forged 
condition, but the spread of the impact data was so 
great, due to wide variations in grain size, that no 
conclusions could be drawn. 

C) Effect of Temperature of the Isothermal Treat- 
ment—The Ae, and Ae, temperatures determined for 
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steels B and C by conventional techniques are: 


Steel Ae; Ae; 
B 1325°F 1590°F 
Cc 1330°F 1600°F 


Specimens of Steels B and D were austenitized at 
1750°F for 10 min, then quenched to 1450°F and held 
10 min or 24 hr, followed by air cooling. The rimmed 
steel (B) showed no change in impact characteristics 
with change in length of time at 1450°F. The killed 
steel (D) showed a slight improvement that may not 
be significant. Changing the period at 1450°F pro- 
duced little change in the gross microstructure or 
hardness of the killed steel and of the core of the = 
rimmed steel. Thus, isothermal treatment at 1450 °F 
was not nearly as effective in improving notch tough- 
ness of these steels as was treatment at 1350°F. 

To determine the effect of holding below the Ae,, 
Steels B and D were held at 1300°F. Not surpris- 
ingly, the effect was to produce a drastic upward 
shift in transition temperature. This unfavorable 
change was caused by pronounced ferrite grain 
growth in both steels when held 24 hr at 1300°F. 

The microstructures also changed by the disap- 
pearance of pearlite and the formation of massive 
carbides. 

D) Effect of Normalizing Followed by Isothermal 
Treatment at 1350° F— This effect was determined 
with Steels B and D, by normalizing at 1650°F for 
10 min, air cooling to room temperature, then 
plunging into lead at 1350°F and holding 10 min or~ 
24 hr. 

Holding 24 hr at 1350°F after normalizing pro- 
duced lower impact transition temperatures than 
normalizing, or normalizing followed by reheating 
for 10 min at 1350°F. Again, this was accomplished 
without appreciable change in microstructure or 
hardness. (Figs. 8 and 10). For both steels, how- 
ever, the effect of holding 10 min at 1350°F was to 
raise the transition temperatures from the as- 
normalized values. This effect was slight for the 
rimmed steel, B, Fig. 11, but quite pronounced for 
the killed steel, D, Fig. 9. 


(2) Normalized 1650° F. Dph 100. 


(b) Normalized 1650° F, reheated to 
1350° F, held 10 min, air cooled. 
Dph 100. 
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Fig. 7—V-notch Charpy impact resistance of Steels B 
(0.10 C, rimmed) and C (0.10 C, Al-killed). 


A possible explanation of this upward shift of 
transition temperature can be found in the obser- 
vation that pearlite in the specimens reheated to 
1350°F for 10 min is somewhat spheroidal, due 
either to incomplete solution of pearlite spheroid- 
ized during reheating, or to transformation of in- 
homogeneous austenite formed at 1350°F. The ef- 
fects of reheating to 1350°F after normalizing are 
Similar in both type and magnitude to those pro- 
duced by quenching from the austenitizing tem- 
perature to 1350°F, with the exception of the dif- 
ference between the normalized specimens and 
those held 10 min at 1350°F. 

E) Effect of Steel Composition—It has already 
been shown, Fig. 2, that holding in the a + y 
region was more effective for a 0.10 pct C than 
for a 0.20 pct C steel. To check this finding, 
Steels G, H, and I, were tested. Specimens were 
normalized at 1750°F for 10 min, air cooled, then 
plunged into lead at 1350°F and held either 10 min 
or 24 hr. No improvement in notch toughness was 
noted. It was concluded that holding just above the 
Ae,, or normalizing and reheating to above the Ae,, 
were not effective in improving the notch toughness 


~ of steels with carbon contents above about 0.15 pct. 


F) Tensile Properties— Tensile properties were 
measured at room temperature and at —320°F for 


(c) Normalized 1650° F, reheated to 
1350° F, held 24 hr, air cooled. 


Fig. 8—Microstructure and hardness of Steel D. Picral-nital etch. X100. Enlarged approximately 8 pct for reproduction. 
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Table Il, Formation of Aluminum Nitride in Steels C and E NORMALIZED 1650°F, REHEATED Ee 
1350°F, HELO 
PctN 24 HOURS a 
Treatment Acid Soluble N, Pct AIN N, Pct bined 
MALIZED | 
Steel C HELD 10 MINUTES 
2 hr 2100°F, A.C. 0.0043 0.0038 0.0015 0.0012 28 a 4 
2 hr 2100°F, A.C. 0.0041 0.0041 0.0014 0.0013 ~— to g 80 
2 hr 2100°F, A.C. 0.0042 0.0012 0.0013 39 
2 hr 2100°F, 10 min 1350°F —0.0047 0.0043 0.0040 62 | 
2 hr 2100°F, 10 min 1350°F 0.0045 0.0040 0.0038 40 
2hr 2100°F, 10 min 1350°F —0.0041 0.0035 0.0031 91 
2 hr 2100°F, 100 min 1350°F 0.0048 0.0035 0.0038 73 
2 hr 2100°F, 100 min 1350°F 0.0044 0.0041 0.0040 to 
2 hr 2100°F, 100 min 1350°F 0.0041 0.0037. 0.0038 97 TEMPERATURE, °F 
2 hr 2100°F, 24 hr 1350°F 0.0043 0.0045 0.0041 0.0042 66 Fig. 9—V-notch Charpy impact resistance of Steel D 
2 hr 2100°F, 24 hr 1350°F 0.0051 0.0049 0.0046 0.0042 ~—to killed, 
2 hr 2100°F, 24 hr 1350°F 0.0062 0.0058 0.0052 0.0051 100 ste: ; 
Steel 
2hr 2100°F, 10min 1350°F 0.0046 0.0013 0.0014 28 given in Table III. The only prominent change in ten- 
2hr 2100°F, 10 min 1350°F 0.0046 0.0022 0.0023 to  gile properties was an increase in reduction of area 
fe} 
2 br ae 10 min oe 0.0064 0.0025 0.0024 39 at -320°F, in specimens held 24 hr at 1350°F. This 
ee 0.0056 0.0052 91 Ss was especially true for the rimmed steel. There was 
2 br 2100°F, 100 min 1350°F 0.0053 0.0050 0.0052 0.0051 to 1 th 
2 hr 2100°F, 100 min 1350°F 0.0056 0.0056 0.0053 100 In elongation OF the 
2 hr 2100°F, 24 hr 1350°F 0.0061 0.0060 0.0052 0.0057 Yimmed Steel at —320 F. 
2 hr 2100°F, 24 hr 1350°F 0.0057 0.0050 0.0050 to Whatever the nature of the changes occurring in 
2 hr 2100°F, 24 hr 1350°F 0.0056 0.0054 0.0054 100 these steels during prolonged treatment in the fer- 


Steels B and D in the normalized condition and after 
normalizing at 1750°F followed by holding at 1350°F 
for 10 min or 24 hr. The specimens used were 0.252 


in. in diam, with a 1.00 in gage length, and the strain 


rate was 0.25 in. per in. per min. The results are 


DISCUSSION OF RESULTS 
The experiments just described have outlined a 


rite-austenite region, the effect produced is an in- 
crease in the ability to deform rather than to frac- 
ture under triaxial stresses. 


Table Ill. Tensile Properties of Steels B and D after Various Treatments 


Yield Point, Psi Yield Point Tensile Strength, Elongation, Reduction 
Heat Treatment Lower Upper Elongation, Pct Psi Pet in 1 In. of Area, Pct 
Room Temperature 
Steel B (0.10 C, rimmed) 
Normalized 1750°F 32,000 37,200 2.4 50,900 44.5 735 
33,000 34,800 Res 50,700 42.5 ise 

Normalized, Held 28,600 31,800 1.7 49,500 45.0 Ted 

10 Min 1350°F 28,800 34,400 15) 49,600 45.5 74.6 

Normalized, Held 29,800 31,000 1.9 50,400 46.5 76.2 

24 Hr 1350°F 29,000 31,100 2.0 46,500 44.0 TISES 

Steel D (0.10 C, Al-killed) 

Normalized 36,400 48,000 32 52,000 45.5 (IAD. 

36,800 40,400 3.1 52,000 46.0 74.9 

Normalized, Held 35,700 40,300 3:3 51,400 47.5 

10 Min 1350°F 34,600 43,000 3.4 50,900 45.0 749 

Normalized, Held 34,700 40,300 Dei 52,400 46.7 

24 Hr 1350°F 35,900 40,700 3.4 51,800 45.5 ey 

—320°F 

Steel B 

Normalized 1750°F 110,400 123,800 115,700 fies 10 
110,400 122,300 111,600 6.5 7 
109,300 123,800 115,200 9.0+ a 

Normalized 1750°F, 112,900 133,000 118,900 

Held 24 Hr 1350°F 110,500 127,800 118,700 ae S 
111,300 127,000 118,200 22.0 25 

Steel D 

Normalized 1750°F 107,800 142,100 118,100 26 44 
110,200 142,400 118,000 26 47 
109,800 143,600 118,000 27 49 

Normalized 1750°F, 109,000 146,800 

Held 24 Hr 1350°F 108,600 148,600 190°200 25 5 33 
110,700 146,500 119,700 29.5 54 


+Broke outside gage points. 
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(2) Normalized 1650° F. Dph 98. 


(6) Normalized 1650° F, reheated to 
1350° F, held 10 min, air cooled. 
Dph 100. 


(c) Normalized 1650° F, reheated to 
1350° F, held 24 hr, air cooled. Dph 105. 


Fig. 10—Microstructure and hardness of Steel B. Picral-nital etch. X100. Enlarged approximately 8 pct for reproduction. 


hitherto unreported process that improves the notch 
toughness of mild steels. This process has the fol- 
lowing characteristics: 

1) The improvement is obtained by holding the ~ 
steel in the ferrite-austenite region, at a constant 
temperature just above the Ae. 


2) The magnitude of the improvement increases 
with the length of the isothermal treatment, at least 
up to 24-hr. 

3) The downward shift of the transition tempera- 
ture is not accompanied by any change in gross mi- 
crostructure or hardness. 

4) Increasing the temperature of isothermal 
treatment within the ferrite-austenite region de- 
creases the effectiveness of the process. 

5) The process is independent of prior austenitiz- 
ing or normalizing temperature, except that the 
presence of a non-uniform microstructure, and 
especially a wide range of ferrite grain sizes, prior 
to the isothermal treatment, may mask beneficial 
effects. 


6) Specimens can be austenitized, then quenched 
to a temperature just above the Ae,, or normalized, 
reheated to a temperature just above the Ae,, then 
air cooled. 

7) The process is not effective with steels con- 
taining more than about 0.15 pct C. 

8) The process does not depend entirely upon de- 
oxidation practice. 

Several tentative theories have been considered, 
the most likely of which are that the effect is due to: 

a) Relief of stresses resulting from the austenite- 
to-ferrite transformation. 

b) A change in ferrite substructure during holding 
at 1350°F. 

c) Aslight shift, during the isothermal treatment, 
in the relative orientations of ferrite grains derived 
from a single austenite grain. 

d) Changes in composition of the ferrite due to 
diffusion of solute atoms into and out of austenite 
during isothermal treatment in the ferrite-plus- 
austenite region. 

e) Changes in distribution of solute elements 
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within ferrite grains during holding just above the 
Ae. 

f) Interactions between solute elements in ferrite. 

Proposal a) does not explain the fact that the notch 
impact transition temperature continues to drop with 
increasing time at 1350°F. 

There is some doubt as to the effect of ferrite sub- 
structure on notch toughness. Two investigators?” 
found that decreasing the subgrain size in low-carbon 
ferrite raised the transition temperature. A third 
investigator™ states that the effects of subgrain size 
on transition temperature are slight. Any change in 
the subgrain structure during holding at 1350°F 
would seem to be in the direction of increasing the 
size of the subgrains, and a reduction of the transi- 
tion temperature would be expected. 1920 Dieces cut 
from impact specimens were examined for differ- 
ences in substructure resulting from differences in 


NORMALIZED 1650°F, REHEATED 
1350°F, HELD -— . 
n 
| 
' NORMALIZED, 
| 1650 °F 
w 26 = 
453 
/ 
© 60- 
ys 
REHEATED TO |350°F, 
-5 HELD IO MINUTES, 4 
=--~ 15 AIR COOLED 
-20 0 20 40 60 80 


TEMPERATURE, °F 


Fig. 11—V-notch Charpy impact resistance of Steel B 
(rimmed, 0.10 C). 
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heat treatment, using a variety of metallographic 
techniques. No consistent differences were found. No 
substructure was observed in the majority of ferrite 
grains. 

Relative to proposal c), Low™ has shown that a 
single cleavage facet can cross several pearlite 
colonies, and may traverse all the pearlite colonies 
derived from a Single austenite grain. He hypo- 
thesizes that ferrite derived from a single austenite 
grain may have a preferred orientation, with close 
alignment of cleavage planes. If individual ferrite 
grains tended to deviate from such a preferred ori- 
entation during the isothermal treatment above the 
Ae,, the result might be an improvement in notch 
toughness. The increasing misalignment of cleavage 
planes in neighboring ferrite grains would inhibit 
crack propagation. Unfortunately, this proposal 
cannot explain the effects of carbon content, nor the 

-effect of raising the temperature of the isothermal 
treatment. 

Proposals d), e), and f) cannot be separated; in 
all probability, all three occur simultaneously or 
they can be considered to be one process, the ap- 
proach to an equilibrium distribution of solute ele- 
ments during isothermal treatment just above the 
Ae,. This seems likely to be the phenomenon which 
leads to the improvement of notch toughness. 

The notch toughness of a 0.10 pct C steel depends 
primarily upon the properties of the ferrite, for 
pearlite is only a minor constituent of the structure. 
As the carbon content is increased, the amount of 
pearlite increases, and the impact properties of the 
ferrite itself may become less important in deter- 
mining the impact properties of the steel. This may 
explain the presence of an upper limit of carbon 
content (~0.15 pct) for the process. 

The presence of pools of austenite during holding 
above the Ae, has two effects: 

1) They serve as sources and sinks for solute 
elements diffusing into and out of the ferrite. 

2) They serve to inhibit ferrite grain growth. 

At very low carbon contents, z.e., very small 
amounts of austenite, neither of these processes 
would be effective. The improvement of notch 
toughness probably can occur in a rather narrow 
range of carbon content, from about 0.05 to about 
0.15 pct. 

it was found that holding in the austenite-ferrite 
region, but well above the Ae,, did not improve the 
impact properties. This is probably due to the fact 
that the additional proeutectoid ferrite formed dur- 
ing subsequent air cooling does not have a chance to 
reach its equilibrium composition, nor is there an 
equilibrium distribution of solute elements within 
the newly-formed proeutectoid ferrite. 

If the hypothesis of an approach to an equilibrium 
distribution of solute elements is correct, there 
should be no dependence of the improvement of notch 
toughness upon austenitizing temperature. Also, 
normalizing, followed by reheating to above the Ae,, 
should produce about the same effect as austenitiz- 
ing followed by quenching to the holding temperature. 
Deoxidation practice should not have a pronounced 
effect on the process, except the rimmed steels may 
possess an outer layer of large-grained ferrite, with 
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adverse effects on notch toughness. 

The observation that the improvement of notch 
toughness continues as the length of the isothermal 
treatment is increased is consistent with the concept 
that the process is diffusion-controlled. Manganese, 
if uniformly distributed initially, will tend to diffuse 
to the austenite until its activities in both phases are 
equal. Nitrogen and carbon will diffuse to the austen- 
ite. Silicon, aluminum, chromium, phosphorus, and 
probably sulfur will tend to diffuse to the ferrite. 
The behavior of oxygen is uncertain. 

The mean fractional completion of diffusion” from 
ferrite to austenite in a 24-hr period at 1350° F was 
calculated by assuming spherical pools of austenite 
0.002 cm in diam. The diffusivity of interstitial ele- 
ments in austenite was taken as 107° sq cm per sec, 
and the diffusivity of substitutional elements as 107 *° 
sq cm per sec. It was assumed that the austenite 
pools were of uniform composition initially and that 
the composition of the austenite surface came in- 
stantaneously to the composition at which the activity 
of the solute is the same in austenite and in ferrite. 
On this basis, the diffusion of nitrogen is 90 pct com- 
plete in about 20 sec at 1350°F. Diffusion of sub- 
stitutional elements, however, is only about 30 pct 
complete after 24 hr at 1350°F, and this calculation 
probably errs on the high side. From the periods of 
time involved, the change of notch toughness after 
holding at 1350°F appears to be controlled by the 
diffusion of substitutional solute elements. The ef- 
fective change, however, may be a slow decrease in 
the carbon and nitrogen content of the ferrite fol- 
lowing a slow increase in the manganese content of 
the austenite. 

However, austenite is such a small proportion of 
the structure of 0.10 pct carbon steels at 1350°F 
(~ 10 pct) that even large changes in the composition 
of the austenite will produce only very small changes 
in the ferrite composition. Although such composi- 
tional changes may affect the notch toughness, they 
are not likely to be the sole cause of the observed 
shifts in transition temperature. 

The second aspect of the approach to an equi- 
librium distribution of solute elements at 1350°F is 
interactions between solute elements.. The formation 
of aluminum nitride has already been discussed. If 
Silicon and nitrogen are present in solid solution, 
Silicon nitride may form. Fast™ and others” have 
shown that an interaction can occur between man- 
ganese and nitrogen in solution in ferrite, and Heslop 
and Petch* attribute the beneficial effects of man- 
ganese on notch toughness to this interfaction with 
nitrogen. 

The third aspect of the approach to an equilibrium 
state is the redistribution of solute elements within 
ferrite grains. It is now generally accepted that 
solute elements in polycrystalline ferrite may not 
be uniformly dispersed throughout the matrix at 
equilibrium, but can be concentrated in grain or 
subgrain boundaries.*’-* The redistribution of 
solutes to these sites is likely to change the impact 
properties of ferrite, but little or no quantitative 
information is available. 

Three attempts were made to devise a “‘critical”? 
experiment whose results would support or refute 
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the hypothesis that notch toughness of low carbon 
steels is improved by an approach to equilibrium at 
a temperature just above the Ae,. These were: 

a) Measurement of differences of manganese con- 
tent between pearlite and ferrite. 

b) Measurement of changes of microhardness of 
ferrite with increasing periods at a temperature 
just above the Ae,. 

c) Determination of the notch toughness of a high- 
purity iron-carbon alloy after isothermal treatment 
just above the Ae,. 

Electron probe microanalysis of manganese in 
ferrite and in pearlite was attempted on normalized 
specimens and on others normalized then held 24 hr 
at 1350°F, but the results were inconclusive. 

Except in reduction of area at—320°F, there was 
no indication from the results of the tensile tests 
that the plastic flow characteristics of ferrite 
changed with long holding at 1350°F, Table III, but 
this was checked by microhardness measurements. 
Steels B and D were used, and measurements were 
made on ferrite after normalizing at 1650°F and 
after normalizing followed by reheating to 1350°F 
and holding 24 hr. The results, given in Table IV, 
indicate that the ferrite was very slightly softer, 
at least as measured in the center of ferrite grains, 
after the isothermal treatment. There is consider- 
able scatter in the data, but this conclusion is 
significant at the 90 pct confidence level for both 
steels. There is no obvious connection between 
hardness changes of this magnitude and notch tough- 
ness, but the change is in the direction to be expected 
from the lowering of the transition temperature pro- 
duced by the treatment at 1350°F. 

If the improvement of notch toughness produced by 
holding just above the Ae; is due to an approach to an 
equilibrium distribution of solute elements, and of 
substitutional elements in particular, the effect 
should be at a minimum, in the near absence of sub- 
stitutional atoms. To test this idea, a 30-lb heat of 
an iron-0.08 pct C alloy was melted and cast in 
vacuum, then hot-rolled to 1/2 in. plate. Impact 
specimens were austenitized at 1700°F, then air 
cooled or quenched to 1350°F and held 100 min or 


Table IV. Microhardness of Ferrite in Steels B and D 
(Square-base Diamond Pyramid Indenter, 10-g Load) 


Heat Treatment Dph Heat Treatment Dph 

Steel B (0.10 C, rimmed) 
Normalized 1650°F 103 Normalized 1650°F, 104 
Normalized 1650°F 106 Held 24 Hr 1350°F 101 
Normalized 1650°F 109 Normalized 1650°F, 99 
Normalized 1650°F 116 Held 24 Hr 1350°F 97 
Normalized 1650°F 118 Normalized 1650°F, 95 
Normalized 1650°F 119 Held 24 Hr 1350°F 99 
Normalized 1650°F 106 Normalized 1650°F, 98 
Normalized 1650°F 93 Held 24 Hr 1350°F 97 
Normalized 1650°F 99 Normalized 1650°F, 106 
Normalized 1650°F 106 Held 24 Hr 1350°F 103 
Normalized 1650°F 104 Normalized 1650°F, 106 
Held 24 Hr 1350°F 112 
Normalized 1650°F, 07. 
X= 107 X= 101 

Steel D (0.10 C, Al-killed) 
Normalized 1650°F 103 Normalized 1650°F, 101 
Normalized 1650°F 103 Held 24 Hr 1350°F 101 
Normalized 1650°F 100 Normalized 1650°F, 99 
Normalized 1650°F 104 Held 24 Hr 1350°F 95 
Normalized 1650°F 103 Normalized 1650°F, 100 
Normalized 1650°F 107 Held 24 Hr 1350°F 100 
Normalized 1650°F 101 Normalized 1650°F, 95 
Normalized 1650°F 99 Held 24 Hr 1350°F 107 
Normalized 1650°F 100 Normalized 1650°F, 103 
Normalized 1650°F 101 Held 24 Hr 1350°F 94 
Normalized 1650°F —— 103 Normalized 1650°F, 100 
Normalized 1650°F 103 Held 24 Hr 1350°F 103 
Normalized 1650°F 106 Normalized 1650°F, 98 
Normalized 1650°F 106 Held 24 Hr 1350°F 89 
Normalized 1650°F 103 Normalized 1650°F, 95 
Normalized 1650°F 101 Held 24 Hr 1350°F _95 
X = 103 5 X = 98 


24 hr. The microstructures and hardness produced 
by these treatments were very uniform, Fig. 12. The 
treatment at 1350°F produced a slight reduction in 
transition temperatures, as compared with normaliz- 
ing. However, increasing the period at 1350°F from 
100 min to 24 hr had no effect on transition tempera- 


tures, Fig. 13. It is obvious that the process of hold- 


ing just above the Ae,, is, as predicted, much less 


effective in the high-purity iron-carbon alloy than in 
ordinary steels of similar carbon content. 


(a) Air cooled from 1700° F. Dph 83. 


Fig. 12—Microstructure and hardness 
8 pet for reproduction. 
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(b) Quenched from 1700° to 13503 F, 
held 100 min, air cooled. Dph 83. 


(c) Quenched from:1700° to 1350° F, 
held 24 hr, air cooled. Doh 84. 


of high-purity iron, 0.08 C alloy. Picral-nital etch. X100. Enlarged approximately 
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Fig. 13—V-notch Charpy impact resistance of high-purity 
Fe-0.08 C alloy. 


THEORETICAL IMPLICATIONS 


For the energy transition (z.@., the 10 to 20 ft-lb 
level in a Charpy V-notch test) Cottrell *! suggests 
the relation 


oy = Buy [1] 
where 


stress at the lower yield point 

a measure of dislocation pinning 

grain diameter 

triaxiality factor, = 1/3 for a Charpy specimen 
modulus of rigidity 

effective surface energy 


= 9; + [2] 


where oi is the intercept and K, the slope of a plot 
of vs dy. 0; is also to be the stress 
required to move a free dislocation through the lat- 
tice. When the left side of Eq. [1] exceeds the right, 
a brittle fracture can propagate. 

For the fracture transition, 7.e., the change to a 
cleavage fracture, Petch*”* suggests the relation 


BT, = InB— = in [3] 
where 
T, = fracture transition temperature 
8, B = constants 
q = triaxiality factor, = 1/3 for a Charpy speci- 
men 


modulus of rigidity 
effective surface energy 
constant 

grain diameter 


* 


Of = [4] 


where of is the ductile fracture stress, Lo is the in- 
tercept and K* the slope of a plot of d™’ 245 0, 

Eqs. [1] and [2] indicate that with a steel of con- 
stant composition, grain size, and lower yield stress 
a constant energy transition temperature should be 
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-20;- @ 0.10 C, A?-KILLED (STEELS A & B) 


0.10 C, RIMMED ( STEELS C & D) 


FRACTURE TRANSITION TEMPERATURE, °C 


1.0 12: 1.4 1.6 18 2.0 2.2 2.4 2.6 2.8 3.0 3.2 3.4 
d-'/2 1/2) 


Fig. 14-Relation between grain size and fracture transi- 
tion temperature. 


obtained. As has been shown, however, the energy 
transition temperature under such conditions can 
vary over a wide range. To fit such a variation into 
Cottrell’s theory would require simultaneous and 
compensating changes in o; and K,, which appears 
quite unlikely. 

Similarly, Eqs. [3] and [4] indicate that with con- 
stant composition, grain size and ductile fracture 
stress, a constant fracture transition temperature 
should be expected, but in fact this temperature can 
also vary over wide ranges. To fit such ranges into 
Petch’s theory would require simultaneous and com- 
pensating changes in o, and K*, and again, such 
changes seem unlikely. 

As Petch*”* points out, Eq. [3] predicts a linear 
relationship between T,, the fracture transition 
temperature, and Ind~/2, and he presents evidence 
to support this prediction. In Fig. 14, Heslop and 
Petch’s* results are shown, together with data 
points from steels used in this investigation which 
were nearly identical in composition to that used by 
Heslop and Petch. They used 5/16 in. diam, V-notch 
specimens and the transition temperature criterion 
was 75 pct cleavage. The data points from this in- 
vestigation were taken at about 50 pct cleavage, and 
standard V-notch Charpy specimens were used. 
These differences, however, should not affect the 
prediction of a linear relationship between d~/?and 
T:. It is obvious from Fig. 14 that no such simple 
relation exists. 

The results of this investigation indicate that the 
current theories of transition temperatures are 
inadequate. This inadequacy may stem, in part, 
from too great an emphasis on the effects of grain 
size, to the neglect of other, less obvious factors. 


SUMMARY AND CONCLUSIONS 


A hitherto unreported phenomenon affecting the 
notch impact behavior of mild steels has been ob- 
served, and its limits have been determined. 

If previously normalized steels of this type are 
reheated to just above the Ae,, held there at con- 
stant temperature, then air cooled, or if a mild 
steel is austenitized, quenched to a temperature 
just above the Ae, and held for an extended period, 
then air cooled, the notch toughness may be im- 
proved considerably. This improvement can be ob- 
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tained with no apparent change in gross micro- 


structure or hardness, as compared with normalized 


Specimens. No completely satisfactory explanation 
of the observed effects can be given at this time, 
but it seems possible that these effects are due to 
an approach to an equilibrium distribution of solute 
elements, and particularly, of substitutional ele- 
ments, during prolonged isothermal treatment just 
above the Ae,. This hypothesis is supported by the 
following presumptive evidence: 

1) The slight effect of such treatment on high- 
purity iron-carbon alloys, as compared with ordi- 
nary Steels of similar carbon content. 

2) The slight softening of ferrite in low carbon 
steels after prolonged holding in the two-phase 
region. 

The current theories of transition temperature 
seem inadequate to explain the range of transition 
temperatures that can be obtained with a steel of 
constant composition, microstructure, hardness, 
and lower yield point. 

Under conditions of constant microstructure, the 
precipitation of aluminum nitride in low carbon 
aluminum-killed steels does not decrease notch 
toughness, and may be beneficial. 
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Gaseous Reduction of Fine Iron Ores in the 


Fluidized State 


The quality and extent of fluidization of fine iron ore beds 
with gases were investigated. Factors affecting the rate of re- 
duction with H, and the sintering of the partially reduced material 
were studied. Trials to retard sintering by covering the par- 


ticles’ surface with nonsintering materials were successful. 
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Tue gaseous reduction of iron ores is a gas-solid 
reaction. Hence the fluidization technique seems 
ideally suited to it. However, a serious drawback 
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Fig. 1—Relation between air velocity and (a) pressure 

drop through the bed, (+) expansion of the bed, and 

(c) voidage of the bed, for the 154 fraction of the Rif 

ore particles. 


is the sticking of the partially reduced material, on 
attaining a certain degree of reduction, thus render- 
ing the bed stationary. The only method by which 
this has been overcome has been to perform the 
reduction at low temperatures where sticking does 
not occur. Evidently, due to the low rate of reduc- 
tion at such temperatures, the reduction has to be 
performed under high pressures.” No attempt, 
however, was made to study the different factors 
that influence this phenomenon of sticking. Even 
the effect of the different factors on the rate of re- 
duction in the fluidized state has only been studied 
superficially.* The present work is devoted to such 
studies in an effort to throw some light on these 
problems. 


FLUIDIZATION IN PARTICULATE SYSTEMS 


The fluid bed is a state intermediate between a 
static bed and a multiplicity of freely falling par- 
ticles and is thus expected to show affinities with 
each. However, neither approach has, as yet, led 


to any universally accepted correlation because of 
the complexity of the influence of the fluid bed 
voidage. 

The fluidizing fluid velocity needed to achieve a 
certain expansion or voidage should, at least theo- ~ 
retically, be related to the terminal falling velocity 
of the particles. An understanding of this rela- 
tionship is essential for the present study since it 
will enable the required fluidizing gas velocity to 
be determined at any temperature simply by de- 
termining the terminal falling velocity. 

Generally speaking, since the velocity within the 
fluidized bed is always constant and equal to the 
terminal falling velocity of the particles v,, and the 
only effect of the increase in fluid flow is to in- 
crease the voidage e, the fluid velocity above the 
bed up =U; *fce), where fre, is a function of e. 


Jottrand® found that = v,€°° while Lewis, 
Gilliland, and Bauer® showed the exponent to be 
4.65. 

In an effort to realize this relationship and to 
find the correct function, some experiments were 
carried out at room temperature using spherical 
glass beads and angular iron ore particles of dif- 
ferent sizes as the particulate materials, with air 
and hydrogen as the fluidizing mediums. Two or- 
dinary fluidizing units of 2.5 and 1.5 cm diam, pro- 
vided with means for measuring the pressure drop 
and the expansion of the bed, were used. An ex- 
perimental survey of ‘‘Factors Affecting the Quality 
of Fluidization’’ can be summarized as follows: 

1) Within the particle size range studied (0 to 
250 .) the quality of the fluidization improves with 
decreasing particle size down to about 50u. At 
about this size the balling effect starts. For par- 
ticles smaller than 30 no fluidization takes place; 
slugging begins when the gas flow is commenced and 
then the material collapses with the development of 
channels through it. The best quality of fluidization 
is obtained with mixtures of different sizes. 

2) The origin of the particulate material (density 
and shape of particles) seems to have little effect 
on the quality of fluidization. However, there is a 
tendency for a better quality with a decreasing 
shape factor (e.g., increasing angularity or flaki- 
ness) and increasing density. 


1.0 = 
0.8 
0.6 = 
0.5 
> 0.4 
Rif particles Glass beads 
0.3 Aisa Seal Fig. 2—Relation between bed voidage and 
the ratio ‘‘fluidizing gas velocity/terminal 
as X 103 A x 182 A falling velocity of the particles.’’ 
+ 722A 114 
Si A x 87 
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Ve Z Ve 


710-VOLUME 218, AUGUST 1960 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
| 


3) The minimum fluidizing gas velocity is de- 
pendent only on the particulate material ; neither 
the bed height nor its diameter has any effect on it 
or on any other standard fluid velocity. 

4) There is a tendency for channelling, as pre- 
viously mentioned, only with very fine material. 
The tendency for slugging, on the other hand, is 
merely dependent on the ratio of bed height to bed 
diameter L/D. There are no signs of slugging when 
this ratio is kept below two. Also, slugging is more 
pronounced for the bigger sizes and at higher gas 
velocities. The quality of fluidization improves 
with a decreasing L/D ratio. 

5) To achieve a certain extent of fluidization 
(measured, for example, as a percentage expan- 
sion of the bed), the hydrogen velocity needed is 
double that of air. Since the viscosity of air at 
room temperature is double that of hydrogen, it 
appears that the fluid viscosity rather than its den- 


sity affects the fluidization, and that the gas velocity — 


needed to achieve a certain extent of fluidization is 
inversely proportional to its viscosity. This means 
that the fluid flow through fluidized beds is always 
viscous, which might well be due to the very narrow 
passages of the gas through the bed. This is in 
agreement with the results obtained by Toomey and 
Johnstone,’ and Chilton and Colburn.® 

Results and Discussion—Fig. 1 is an example of 
the way the data were correlated. The minimum 
fluidizing gas velocity is the mean of its values as 
determined from the three plots shown in the figure 
and in this example is 3.8 cm per sec. 

Fig. 2 shows a replot of the expanding portion of 
the ‘‘gas velocity’’ vs ‘‘bed voidage’’ data (Fig. 1, 
curve C) for different beds; the terminal falling 
velocity of the particles being calculated on viscous 
basis. If the theory presented earlier is correct, 
all the points for the different fractions should lie 
on one line which intercepts the unity voidage at 
vs/v,=1. .Fig. 2 shows that this is only approxi- 
mately true for the two largest sizes of the glass 
beads. For the two small bead sizes and for the 
four sizes of the Rif ore particles, the points 
hardly have any common line and the approximate 
lines intercept unity voidage at v t/ v, values much 
higher than unity; such values are higher for the 
angular particles than for the spherical ones, and 
increase with a decrease in particle size. 

In a fluidized bed the particles are not entirely 
supported by the fluid since they are still in con- 


tact with each other during their movement. Thus, ~ 


in addition to the two counteracting forces existing 
in the case of the freely suspended particles, extra 
forces caused by the friction between the particles 
themselves are developed. These frictional forces 
increase as the specific surface of the particles 
increases, i.€., as particle size decreases and as 
the angularity increases. The higher the frictional 
forces the higher will be the electrostatic charges 
developed in the particles. These will pull the 
particles together and add to the energy needed to 
separate them from each other. 

Referring to plots of the type shown in Fig. 2, if 
(vp = Vf is a measure of the 
forces needed to expand the bed to unity voidage by 
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overcoming both the frictional and electrostatic 
forces developed in it. 

Approaching the fluidization phenomena via the 
static bed, Leva and his coworkers® ™ realized the 
role of these interfrictional forces. They first de- 
fined the fluidization efficiency Ey as: 


where G; is the mass velocity of the fluid needed to 
cause a certain expansion in the fluidized bed, and 
G, is the mass velocity needed to cause the same 
expansion in the static bed without fluidization. They 
then related this fluidization efficiency to the inter- 
frictional forces by the formula: 

where £ is the interfrictional factor and S is the 
vertical particle velocity along the walls of the 
container. Thus, they produced a quantitative 
measure for the effect of gas velocity on the in- 
tensity of fluidization. 

For the present study, it is the effect of the gas 
velocity on the extent of turbulence in the bed rather 
than on its voidage that matters. This turbulence 
can be measured as the rate of turnover of the par- 
ticles in the bed, z.e., their velocity within the bed. 
However, measuring this velocity was rather dif- 
ficult due to the fineness of the particles, and the 
measurements made were approximate only. 

It was found that good turbulence in the fluidized 
beds is achieved when the rate of turnover is about 
1 cm per sec (this was measured along the side wall 
of the glass container). This rate was adopted as a 
standard measure for the start of efficient fluidiza- 
tion. The gas velocities needed to achieve such 
fluidization were found to be about 10 pct of the 
mean terminal falling velocities for the ore frac- 
tions used in the reduction tests to be described 


VOLUME 218, AUGUST 1960-711 


|_| 
| 
| 
| 
| 
| 
— ia 
| 
0.4 cm. 
| Cr-Al Thermocouple. 
| Gas inlet. 
Gf —G, 


s 

\ 


™min|cm woter 
4.24 


2 
> < 


Percentage Reduction —o— 


a 
° 
| 
lL2a 
4|39 -42 | 
37 - 39 
\7 12/355- 36 
wA ‘Sinterin 3.5 CE 
62 ¥ 
14] 2.0 
- 
fa) 


> 


° 


0 af 


c 


Time, 10 minutes intervals. 


Rif, 1549» 700 C,5 gms, E.F 
Cumberland, 1924, 700 °c, 7.8gms,E.F 
Sierra Leone, 206.41, 700°C, gms, E.F. 
Rif, 10 At, 700 °c 10 gms, 1.6 E.F. 

Rif, 15441, 700 , 10 gms, E.F. 


Rif, 154,1,600 10 gms, E.F. 
Rif, 154 Au, 500 °C, 10 gms, E.F. 
Rif, 154,41, 700 10 gms, V- 
Rif, 154 4, 700 C, 10 gms, 1.2 E-F. 


Rif, 154.4; 700 10 gms, N.F. 


Fig. 4—Reduction and sintering curves. 


‘later. This value changes with the size and shape 
factor of the particles, being higher for smaller 
sizes and lower shape factors. 


REDUCTION EXPERIMENTS 


Apparatus—The apparatus was mainly made up 
of two gas trains, one for hydrogen and the other 
for nitrogen, meeting at the entrance of a trans- 
parent silica reduction tube as that sketched in 
Fig. 3. The trains included essentially the appro- 
priate gas purification units, flowmeters, and flow 
regulators. 

The reduction tube was heated externally by a 
vertical tube furnace. The temperature of a reduc- 
tion test was taken as the mean of the temperature 
of the gas entering the fluidized bed and that of the 
gas leaving the bed which was always lower than 
the former due to the endothermic nature of the 
reaction. 

Anhydrous calcium chloride U-tubes were used 
for collecting the water vapor produced from the 
reaction, and care was taken to prevent any con- 
densation in the reduction tube. 

The weight of ore normally used in a run was 
10 g. At the end of a run, the cold reduced mass 
of ore was dropped out of the reduction tube and 
examined visually as well as microscopically. 

Progress of Reduction—The pressure drop 
through a fluidized bed represents the weight of 
the bed per unit area. Since the weight of the bed 
decreases as reduction proceeds, it appears that 
the progress of reduction can be indicated by the 
decrease in the pressure drop during reduction. 
The starting of sintering manifests itself by a 
sudden decrease in the pressure drop since chan- 
nels are developed through the bed which is then 
no longer carried by the gas. 

However, when reduction tests were carried out, 
the rate of decrease in the pressure drop was not 


in agreement with the rate of reduction as measured 
by the weight of the water produced. This deviation 


was traced to a lag in the response of the manom- 
eter. Still, due to the sudden decrease in the pres- 


sure drop when sintering occurred, the response of 
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the manometer to the ‘‘sintering point’’ (the per- 
centage reduction at which sintering starts) was 
immediate. Therefore, the rate of reduction was 
followed by the weight of the water formed, and 
manometric measurements were used for deter- 
mining the sintering of the bed. Fig. 4 (B-F) il- 
lustrates how the ‘‘sintering point’’ was determined. 
The time required for 50 pct reduction was taken as 
an index for the reduction. 


Temperatures— Preliminary experiments showed 
that the unreduced ore particles stuck together at 
900°C, and since the reduction below 500°C is of 
no practical interest, reduction was studied in the 
range 500° to 800°C. 

Gas Velocities—The standard gas velocity adopted 
in the reduction tests, termed Efficient Fluidizing 
Gas Velocity (E.F.G.V.), was 10 pct of the mean 
terminal falling velocity for the ore fraction used. 
For the study of the effect of gas velocity on both 
reduction and sintering, two other velocities were 
used. One, termed Normal Fluidizing Gas Velocity 
(N.F.G.V.), is half the E.F.G.V., and the other, 
termed Vigorous Fluidizing Gas Velocity (V.F.G.V.) 
is double the E.F.G.V. 


? 


RESULTS AND DISCUSSION 


Factors Affecting the Rate of Reduction—Particle 
and Ore Characteristics: The amount of ore re- 
duced was large compared to that of the reducing 
gas. Therefore, the rate-controlling factor should 
be the rate of gas supply and not particle size and 
ore porosity.” This was confirmed by the results 
obtained. : 

For the effect of particle size, the 154 1 and the 
110 u fractions of the Rif particles were reduced at 
700°C, using the E.F.G.V. corresponding to the 
larger size; the results shown in Fig. 4 (£, D) in- 
dicate no effect. 

For the effect of porosity, fractions having the 
same terminal falling velocity of four hematite 
ores (Sierra Leone concentrates, Rif, Cumberland, 
and Aswan ores), ranging in porosity from very 
dense to very porous respectively,’? were reduced 
at 700°C using the E.F.G.V. Due to the low purity 
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and low specific gravity of the Aswan and Cumber- 
land ores, the amounts used in the reduction tests 
were equivalent to 5 g of the Rif ore; if double the 
amounts were used, i.e., equivalent to 10 g of the 
Rif, slugging would have occurred to the fluidized 
beds due to their big height compared with the 
diameter of the reduction tube. The amount of the 


Sierra Leone used was equivalent to 10 g of the Rif. 


Figs. 4 (A-C, E) and 5 (A) show that ore porosity 


has no influence on reduction. It is obvious that the 


reduction curve for the Sierra Leone particles, 
Fig. 4 (C), unlike all other curves in the present 
study, bends down sharply before the end of re- 
duction. However, extremely dense iron ore par- 
ticles show an anomalous behavior.!?)8 

Gas Flow—The ore/gas ratio becomes the only 
controlling factor when the gaseous product con- 
centration in the reducing gas approaches that at 
the equilibrium state.’? For an equilibrium mix- 
ture of H,—H,O at 700°C, the water vapor concen- 
tration is 0.295 (considering the FeO-Fe stage). 
The water concentration in the exit gas, calculated 
for the standard test, Fig. 4 (£), between 30 and 
50 pet reduction (¢.e., after the end of the first two 
stages of reduction and before the start of sinter- 


ing), was found to be 0.264. Under such conditions, 


the time needed to achieve a certain degree of re- 
duction should be almost directly proportional to 
the ore/gas ratio. Fig. 4 (A, E, H, J) shows that 
this is the case. 

To find out whether the streaming gas velocity 


has any effect on reduction, 5 g were reduced using 


the E.F.G.V. which is equivalent to reducing 10 g 
using the V.F.G.V. The time for 50 pct reduction 
is the same as indicated in Fig. 4 (A, H). 

Temperature —Fig. 4 (F, I) indicates an in- 
crease in the rate of reduction with increasing 
temperature. However, the effect is not to the 
same extent as for particles freely suspended in 
the gas,” in which case gaseous diffusion in the 
ambient gas surrounding the particles is easier 
than in the narrow passages between the particles 
in the fluidized bed. Such a smaller effect of tem- 
perature in case of fluidized beds can be pre- 
dicted from the effect of temperature on gaseous 
diffusion and consequently on the water vapor con- 
centration in the reducing hydrogen, 7.e., on its 
reduction potential.” 

Mechanism of Reduction—It has been shown that 
the reduction of fine material proceeds in a step- 
wise manner.*® This is substantiated by the pres- 


ent study in two ways: 1) the reduction started at a 


high rate decreasing gradually to a constant rate. 
For temperatures below the quadruple point the 
constancy began at about 10 to 15 pet reduction 
while above the quadruple point it started at about 
30 pet reduction. If the reduction proceeds ina 
concentric manner, the rate should decrease con- 
stantly to the end of reduction; and 2) sintering, 

_as will be shown later, did not occur below 33 pct 
reduction, indicating that the iron phase alone is 
responsible for sintering, under the experimental 
conditions, and that reduction does not occur con- 
centrically. 


The straight line character of the reduction curve 
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through most of the length confirms previous 


Factors Affecting Sintering of the Fluidized Bed— 
Temperature—To assess correctly the effect of 
temperature on sintering, the extent of turbulence 
in the fluidized bed must be the same at all tem- 
peratures. As shown earlier this can only be 
achieved if uf /v,is the same. Since v, changes 
with temperature, v f must also change. Using the 
154 fraction of the Rif ore particles and working 
with its E.F.G.V., vy was calculated to be 13.7, 
12.7, 11.7, and 10.8 cm per sec at 500°, 600°, 700°, 
and 800°C, respectively. 


Fig. 4 (G)shows that nosintering occurred at 500°C. 
At 600°C sintering in the fluidized mass started at 
76 pet reduction, Fig. 4 (F); at 700° and 800°C the 
figures were 54 and 36 pct, respectively. Therefore, 
higher reduction temperatures lower the sintering 
points. 


The central portion of the mass was found to be 
more loose than the portions adjacent to the tube 
walls and the silica grid. This suggests that sinter- 
ing starts at the stationary surfaces enveloping the 
fluid mass. 


Fluidizing Gas Velocity—Fig. 4 (E, H) indicates that 
the higher the gas velocity, the higher is the sinter- 
ing point. For the low and high velocities no sinter- 
ing graphs could be drawn. 

For the N.F.G.V. the rate of decrease in the 
pressure drop was high from the start and no sud- 
den decrease occurred. The rate of turnover at 
such a low gas velocity is very small and the move- 
ments are local so that the particles can be con- 
sidered to be approximately stationary for small 
intervals of time. Accordingly the reduction in the 
bed is maximum at its bottom and decreases 
toward the top. This means that sintering starts 
from the beginning of the test and proceeds gradu- 
ally with reduction from the bottom to the top. 

When the V.F.G.V. was used, there were con- 
siderable fluctuations in the manometer level. 
However, it can be seen from the table in Fig. 4 


(close to H) that after about 10 min the fluctuations 
decreased gradually ceasing at 13 min with a sud- 
den decrease in the pressure drop thus indicating 
the start of sintering (75 pct reduction). The de- 
crease in fluctuations as the sintering point is ap- 
proached (j.e., as the degree of softness in the 
semi-reduced particles approaches that at which 
sintering takes place) is due to increasing friction 
between the particles which stabilizes the fluidiza- 
tion of the mass and makes it more steady. This 
was a useful indication of the start of sintering. 

The above results indicate that doubling the 
fluidizing gas velocity from 10 to 20 pct of the ter- 
minal falling velocity of the particles raises the 
sintering point from 54 to 75 pct. This means that 
in practice, the most beneficial fluidizing gas 
velocity for both fluidization and reduction is the 
highest that can be used without causing excessive 
losses by elutriation. 

Particle and Ore Charactervistics— Figs. 4(E) and 
5 (B) show that, for fluidized beds having the same 
extent of turbulence (E.F.G.V.), the sintering point 
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Fig. 5—Effect of surface coverage on the sintering point. 


is lower for smaller particle sizes. When the 
E.F.G.V. of the 154u fraction (which is 1.6 times 
that of the 110u fraction) was used to reduce the 
110 fraction the sintering point was raised to 53 
pct as seen from Fig. 4(D). 

The nature of the ore has a marked effect on the 
sintering point. Figs. 4 (£, C, B) and 5 (A) show 
that the sintering points of Rif ore, Sierra Leone 
concentrates, Cumberland and Aswan ores at 
700°C using the E.F.G.V. in all cases are 54, 34, 
53, and 86 pct, respectively. 

Mechanism of Sintering—In order to explain the 
phenomenon of sintering in partially reduced iron- 
ore fluidized beds the following analogy is drawn. 
Suppose that every metallic iron atom on the sur- 
face of the ore particle represents a certain num- 
ber of units of attraction, depending upon the 
degree of softness, and that the effect of temper- 
ature is to increase the number of these units thus 
increasing the adhesive forces between the metallic 
atoms on the two surfaces. Assume that each of 
these atoms has a maximum of ten units when the 
two reduced particles melt together; seven, five, 
and three units at 800°, 700°, and 600°C, respec- 
tively. Imagine two surfaces each containing 
100 iron atoms in a combined state with oxygen 
(FeO for simplicity) and that partial reduction is 
even throughout the particles in the bed. Since 
sintering starts only when the attractive force be- 
comes equal to the repulsive force which is caused 
by the turbulence in the bed, the attractive force at 
which sintering starts must be the same at different 
temperatures if the E.F.G.V. is always used. If 
sintering starts at 80 pct reduction at 600°C it must 
start at (80 x 3)/5 = 48 pct reduction at 700°C and at 
(80 x 3)/7 = 34 pet reduction at 800°C. 
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This analogy also explains the effect on the sin- 
tering point of the fluidizing gas velocity which is 
responsible for the repulsive force. As the gas 
velocity increases the repulsive force increases 
and consequently the attractive force needed for 
sintering will increase. This means that larger 
number of metallic iron atoms are needed before 
sintering occurs, i.e., sintering occurs at a higher 
percentage of reduction. 

If any other gas is used for reduction, the gas 
velocity required to achieve the same repulsive 
force is inversely proportional to its viscosity at 
the same temperature. 

The effect of particle size is a two-fold one. 
Firstly, as the particle size decreases the specific 
surface increases and so does the proportion of the 
atoms on the particles’ surface compared with the 
total number of atoms in the particles. This means 
that the attractive force needed to cause sintering 
will be reached for the smaller particles at a lower 
percent reduction than for the larger particles. 
Secondly, the smaller the particle size, the smaller 


is the force of inertia with which the particles move. 


Accordingly, if two large particles touch each other 
while moving they are more likely to overcome any 
attraction between them and continue their motion 
than do smaller particles. 

The effect of the nature of the ore on the sinter- 
ing point is due to two characteristics: the surface 
condition of the particles (i.e., whether the surface 
is smooth or rough) and the degree of purity of the 
individual particles of the ore. When two partially 
reduced smooth particles stick together all the 
surface atoms will be in contact with each other, 
while for two rough particles only those metallic 
iron atoms on the peaks will be in contact with 
each other. Thus, for the same percentage reduc- 
tion under the same conditions, the attractive force 
between the two smooth particles will be higher 
than that between the two rough particles. In other 
words, less metallic iron atoms are needed in the 
case of the smooth particles to produce sintering. 
This explains why the Sierra Leone particles sinter 
at a lower percentage of reduction than the Rif par- 
ticles (the Sierra Leone particles are very smooth 
and shiny). The porosity of the ore affects sinter- 
ing through its effect on the surface condition of the 
particles. 

Consider two impure ore particles. The surfaces 
contain molecules of gangue material which does 
not sinter. In such a case, a higher percentage of 
reduction is needed for this impure grade to sinter 
than for the pure one. This explains the higher 
sintering point for the Aswan ore particles com- 
pared to the Rif and the Cumberland particles. 
Although the Cumberland ore is impure, its par- 
ticles in the powdered condition are either pure 
iron oxide or gangue; this explains why it has the 
same Sintering point as the Rif. 


THE SURFACE COVERAGE OF IRON-ORE 
PARTICLES 


Since sintering occurs between the metallic sur- 
faces produced it may be possible to prevent it by 
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covering these surfaces with a nonsintering mate- 
rial. Even if the surface coverage is not complete, 
the added material will act as an impurity. 

The covering materials used were animal char- 
coal and CaO; these, out of the different carbona- 
ceous and fluxing materials, were found to have the 
best desired qualities for the process. They had to 
be ground very finely (less than 1 1) to achieve the 
best covering properties using the least amount. 
The process followed was quite simple. A certain 
percentage of the covering material was added to 
the ore in a test tube shaken by hand until all the 
covering material adhered to the particles’ sur- 
face. Samples were continuously microscopically 
examined until the best covering was achieved. The 
covering was complete over the whole range of 
charcoal percentages used. These were 1, 2.5, 
and 5 pet of the ore weight. With CaO covering was 
comparatively poor. The best was obtained with 
3. pct CaO; the 2.5 pct was not sufficient while 
10 pet gave the same covering as the 5 pct with 
the excess material forming aggregates. 

The 110, fraction Rif was used; the reduction 


and sintering curves obtained are shown in Fig. 5(s). 


The marked inhibiting effect of surface coverage 
upon sintering can be easily observed. For exam- 
ple, by the addition of 1 pct charcoal the sintering 
point could be raised from 35 to 76 pct. However, 
further increase in the amount of charcoal had but 
little effect. It was observed that during sweeping 
the tube with nitrogen a lot of charcoal was carried 
out by the gas and it seems logical to assume that 
due to friction, only a thin layer of the covering 
material could stay adhering firmly to the particles 
while the excess became loose and was elutriated 
out. Since sintering occurred, this charcoal layer, 
most probably, reacted with the iron at the surface 
forming a compound, which might be cementite, 
with a higher softening temperature. With CaO, 
where the coverage was not complete, the increase 
in the sintering point was due to the impurity 
effect. 

Due to the promising results other conditions 
were tried using 1 pct charcoal. At 600°C the Rif 
particles did not sinter at all and the same happened 
with the Aswan particles at 700°C, Fig. 5 (A). At 
800°C the covering had but little effect. 

It is speculated that if the reduction is performed 
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with a gas which causes the formation of a solid 
phase of a less sintering character than iron at the 
particles’ surface, e.g., precipitated carbon or 
cementite if carbon monoxide is used, the sintering 
point will be raised. 


CONCLUSIONS 


1) The rate of reduction of fluidized fine iron-ore 
beds is mainly controlled by the rate of reducing 
gas supply. The particle and ore characteristics 
have no effect on reduction; neither has the stream- 
ing gas velocity. The temperature has a significant 
effect, but less significant than its effect with freely 
suspended particles. 

2) The degree of reduction which can be attained 
before sintering takes place, z.e., the sintering 
point, increases with: a) decreasing temperature, 
b) increasing particle size, and c) increasing fluid- 
izing gas velocity. It differs from one ore to an- 
other, being higher with rough surfaces and less 
pure particles. 

3) The sintering point can be raised by covering 
the particles with materials which do not sinter 
under the conditions prevailing, or which have a 
higher softening point than iron. 
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Growth of Chromium Coatings from 


Liquid Metallic Solutions 


Dense, adherent, and ductile coatings of chromium can be ap- 
plied to Molybdenum by selectively freezing out the chromium 
solute from a supersaturated copper-or tin-rich liquid alloy. The 
successful exploitation of this technique depends on the control of 


variables common to any freezing process. Under the most favor- 
able combination of supersaturation, nucleation, and mass-trans- 
fer, coatings as thick as 0.004 in. can be obtained. 


In exploratory experiments it was found that a coat- 
ing of chromium may be applied to molybdenum by 
immersing the molybdenum body in a supercooled 
copper-chromium or tin-chromium melt and selec- 
tively freezing out the contained chromium onto the 
molybdenum body. Supercooling of the liquid metal 
plating bath can be achieved by cooling, or the main- 
tenance of thermal or concentration gradients in 
the melt. The technique is similar to conventional 
dip-plating procedures where the sample is im- 
mersed in a molten bath of the pure plating medium, 
except that in these studies, the plating medium con- 
sisted of a dilute solution of chromium in liquid tin 
or copper. The success of this method requires that 
the base material to be plated be isomorphous with 
the coating and insoluble in the plating bath. In ad- 
dition, the plating bath, while having an appreciable 
solubility for the coating component, must have 
negligible solid solubility in the solid plate. Such 
relationships exist in the molybdenum-chromium, 
chromium-tin, and chromium-copper systems. 
Liquid tin and copper are satisfactory as the plating 
solvent, because although chromium is appreciably 
soluble in both of these liquid metals, solid inter- 
solubility is almost negligible, and no compound 
formation occurs. The same relationships exist be- 
tween molybdenum and copper or tin except that the 
solubility of molybdenum in liquid tin or copper is 
insignificant. It is this combination of solubility re- 
lationships, as well as the completely isomorphous 


Table |. Solubility of Chromium and Molybdenum in Liquid Tin 


Solubility Solubility of 
Temper- of Chromium in Molybdenum in 
ature, °C Liquid Tin, Wt Pct Liquid Tin, Wt Pct 
900 4.0 0.037 
950 4.3 0.050 
1000 4.5 0.095 
1050 0.29 
1100 5.4 1.60 
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nature of the molybdenum-chromium system, which 
allows the formation of a chromium coating on 
molybdenum by the selective freezing mechanism. 

Since the main deterrent to the widespread use of 
molybdenum for high-temperature structural appli- 
cations is its poor oxidation resistance, the forma- 
tion of a dense and ductile chromium coating on 
molybdenum may well be of commercial significance. 
In addition, the basic principle of coating formation 
by selective freezing should be applicable to other 
metallic or even nonmetallic systems. 

The precipitation of the solute from a liquid metal- 
lic solution, for the formation of a protective coating, 
has not been previously considered in the literature. 
Frequently, however, a similar phenomenon has been 
described in the corrosion of metallic heat exchan- 
gers by liquid metals’ wherein temperature gradients 
in the liquid metal heat-transfer medium result in 
the formation of layers or deposits of metallic resi- 
due” in the cooler portions of the system. Impregnat- 
ing techniques using liquid baths have been tried as 
a plating process. Semchyshen and Barr,® for in- 
stance, have successfully diffused chromium into 
molybdenum by immersing the molybdenum speci- 
men in a liquid tin-chromium or copper-chromium 
alloy. This simple holding technique fails to produce 
a layer of pure chromium and requires prolonged 
immersion to allow for the diffusion-activated en- 
richment of the molybdenum. 

During the course of this investigation, most of 
the phase relations published for the copper-chrom- 
ium* and molybdenum-chromium* systems were 
found reliable. It was necessary, however, to in- 
vestigate the solubilities of chromium and molyb- 
denum in liquid tin as well as the solubility of 
molybdenum in liquid copper. These determina- 
tions were made by a simple weight loss technique 
on materials of the same purity as uSed in the 
plating studies. The results of these solubility 
studies are given in Tables I and II and indicate that 
although the solubility of molybdenum in liquid 


Table II. Solubility of Molybdenum in Liquid Copper 


Temperature, °C 
1300 


Solubility, Wt Pct 
~0.14 
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tin or copper is quite small, the solubility of 
chromium in liquid tin is much greater than pre- 
viously reported.° The tin-chromium phase dia- 
gram, however, is identical in form to that for the 
copper-chromium system, both of which are re- 
produced in Fig. 1. 


EXPERIMENTAL* 


The work was carried out in a vertical hydrogen 
atmosphere tube furnace; the two ends of the mullite 
furnace tube being capped with watercooled brass 
fittings. The upper brass fitting was equipped with 
a rotary Wilson seal which made it possible to 
quench the specimen into a water-cooled part of the 
system, or rotate and vibrate it to introduce a small 
amount of stirring. 

The furnace possessed a hot zone 6 in. long within 
which the temperature variation was + 5°C at 1200°C. 
Temperatures were measured with a Pt-Pt + 13 pct 
Rh thermocouple which had been checked against the 
melting points of pure silver and copper. Tempera- 
ture control was achieved to +4°C. 

Tank hydrogen was purified by passing it through 
copper gauze at 500°C, then through a freezing trap 
cooled by liquid nitrogen, and finally through a trap 
composed of magnesium chips at 500°C. All gas 
connections were made of Pyrex or copper; no rub- 
ber was used. 

Analyses of the molybdenum stock, as well as the 
manufacturer’s estimates of the chromium, copper, 
and tin used are shown in Table III. 

The deposition of chromium coatings on molyb- 
denum from super-saturated tin or copper-chrom- 
ium liquid baths was studied by the formation of 
such coatings on the inside of recrystallized molyb- 
denum crucibles 11/2 in. deep and 1/2 in. in diam. 
The crucibles. were placed in a graphite holder 
suspended by means of a molybdenum rod which 
passed through the Wilson seal. The molybdenum 
crucibles thus served as the container for the metal- 
lic plating bath and as the surface to be coated. Since 
slight variations in the volume of alloy used would be 
corrected for by a corresponding change in the area 
of the molybdenum available for plating, this tech- 
nique provided a specimen surface of constant known 
geometry and reproducible thermal gradients. Thus, 
the ratio of amount of plating bath used to the sur- 
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face area of molybdenum covered remained almost 
constant, being about 12 to 10 g of copper-chromium 
alloy per sq in. of molybdenum surface or 11 to 9 g 
of tin-chromium alloy per sq in. of molybdenum sur- 
face. 

The charged molybdenum crucibles were placed in 
the hydrogen furnace and brought up to temperature. 
Homogenizing times were of the order of 2 hr, allow- 
ing for the reduction of chromic oxide or, at lower 
homogenizing temperatures, its solution in the plat- 
ing bath. Supersaturation and resultant coating for- 
mation were then promoted by continuous cooling at 
rates from 1 to 6°C per min until the solidus of that 
particular system was reached. The apparatus was 
purged with helium, and the specimen was removed. 

The thickness of the chromium layer which 
formed on the inside of the molybdenum crucible 
was determined by metallographic examination. 

The surface of the coating was characterized by 
many protuberances and irregularities, the dimen- 
sions of which were ignored in determining the 
thickness of the coatings. The chromium plate 
thicknesses reported are, therefore, the average 
minimum continuous coating thickness. 

By etching away the molybdenum base, it was 
possible to remove the chromium plate and deter- 
mine its weight, chemical composition, and crys- 
tallographic structure. In addition, calculations of 
the efficiency of the process could be made by de- 
termining the percentage of the chromium charged 
which plated out as a continuous coating. 


PRECIPITATION OF CHROMIUM FROM COPPER- 
CHROMIUM BATHS 


Alloys of copper containing 5, 10, and 15 pct Cr 
were homogenized at 1300°C in molybdenum cru- 
cibles and then cooled to 1000°C at a rate of 0.95° 


Table III. Chemical Analyses of Materials 
Powder Metallurgy Chromium Powder Copper, Tin, 
Molybdenum Stock, 325 Mesh, Chemically Pure, Chemically Pure, 
5/8-In. Diam Laboratory Grade 20 Mesh 20 Mesh 
Mo — 99.9 pct Cr—99,2 pct Sb—0.01 pct As — 0.0001 pct 
Fe—0.005 pct Fe —0.03 pct As —0.001 pct Cr—0.001 pct 
C—0.003 pct Fe — 0.004 pct Fe —0.005 pct 
Pb—0.01 pct Sb — 0.005 pct 
Sn—0.01 pct Zn —0.005 pct 
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Fig. 2—Chromium coating deposited on molybdenum (bot- 
tom) from a Cu-5 pct Cr alloy (top) cooled at 1.4°C per min. 


Etched with alkaline ferricyanide. Note protuberances. X250. 


Reduced approximately 27 pct for reproduction. 


to 5.0°C per min. Cooling from higher homogen- 
izing temperatures was discontinued due to errors 
introduced by excessive vaporization of copper and 
chromium. The 15 pct composition was found to 
behave similar to the 10 pct Cr alloy and was thus 
not studied extensively. 

The microstructures of the chromium coatings 
formed from copper-chromium baths are typified 


5% Cr «(10% Cr 
THICKNESS (R) —O— —e- 
COATING 
LENGTH (L) —4= 
PROTUBERANCE 
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Fig. 4—Rate of growth and stability of a plane interface in 


a chromium coating as deposited from a copper-chromium 
alloy at constant cooling rate of 1.4°C per min. 
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Fig. 3—Thickness of chromium coatings (R) deposited by 
slow cooling liquid copper-chromium alloys from 1300°C. 


by distinct protuberances as shown in Fig. 2. The 
influence of cooling rate (R) on the minimum con- 
tinuous thickness of chromium coating formed (R) 
is illustrated in Fig. 3. The dependence of the final 
coating thickness on cooling rate (ignoring the di- 
mensions of the protuberances and considering that 
part of the plate which formed during planar growth), 
as shown in Fig. 3, reflects three distinct slopes. 
Metallographic examination of deposited coatings 
showed that the length and especially the density of 
protuberances were very limited in coatings formed 
on cooling at rates of less than about 1.5° to 2.0°C 
per min. The level part of both curves corresponds 
to a profuse concentration of protuberances, while 
cooling rates in excess of 4°C per min and the re- 
sultant decrease in the thickness of the coating are 
associated with the heterogeneous nucleation of 
chromium dendrites within the melt. For alloys of 
9 pet Cr, 10 to 20 pct of the total weight of chromium 
present in the plating bath was deposited to form a 
dense chromium coating. Cu 10 pet Cr alloys ex- 
hibited efficiencies of 7 to 12 pct, this being the per- 
centage of the chromium charged which adhered as 
a continuous coating. 

In addition to these continuous cooling experiments 
a series of quench-interrupted runs were made with 
copper-chromium alloys of 5 and 10 pet Cr. Using 
the same homogenization times and temperatures as 
before, cooling was initiated at the constant rate of 
1.4°C per min, which lies to the left of the cooling 
rate-coating thickness plateau in Fig. 3, and termi- 
nated by lowering the specimen into the water-cooled 
lower capping device. Since this quench virtually 
eliminated the further growth of the coating, it was 
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Fig. 5—Chromium coating on molybdenum (bottom) formed 

from a Sn-5 pct Cr bath (top) cooled from 1000°C. Note mi- 
crohardness impressions. Etched with alkaline ferricyanide. 
X750. Reduced approximately 25 pct for reproduction. 


possible to follow the rate of growth of the plate and 


protuberances as a function of the time and amount of 


Supercooling. A plot of the results, given in Fig. 4, 
indicates that the coating grows with a plane inter- 
face during an appreciable part of the cooling cycle. 
Departure from planar growth is associated with the 
appearance of protuberances whose rate of growth, 
but not their number, is insensitive to composition. 
A parabolic rate of growth for the coating is sug- 
gested by these results. 


PRECIPITATION OF CHROMIUM FROM TIN- 
CHROMIUM BATHS 


Liquid tin-chromium alloys containing 2 and 5 pct 
Cr were used to produce coatings at cooling rates of 
1 to 6°C per min after a 2 hr homogenization at 900, 
1000, and 1100°C. The appearance of the chromium 
coatings formed by precipitation from liquid tin- 
chromium alloys cooled from 1000°C is shown in 
Fig. 5. Coatings formed by cooling from 900°C, 
especially at low cooling rates, failed to nucleate in 
a few small areas, while cooling from 1100°C some- 


times resulted in the entrapment of residual tin with- 


in the chromium coating. Most of the experimental 
results, therefore, were obtained by slow cooling 
from 1000°C which yielded a continuous and tin-free 
coating. In addition to the continuous cooling experi- 
ments, the effect of stirring was studied with a tin- 
5 pet Cr alloy homogenized at 1000°C. Slow rotation 
of the crucible at 20 rpm did not affect the kinetics, 
of growth. Mechanical stirring by the rapid vibra- 
tion of the crucible supports at about 50 cps, how- 
ever, produced a marked change in the coating 
kinetics increasing the coating thickness obtained 
at any cooling rate by at least 50 pct. 

The effect of stirring, bath composition, and cool- 
ing rate on the thickness of the coatings formed on 
cooling from 1000°C is illustrated in Fig. 6. It is 
significant to note that the continuous cooling curve 
is similar in form to that obtained for the growth of 
chromium from copper alloys. Curves of identical 
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Fig. 6—Effect of composition, cooling rate, and stirring on 
the thickness of chromium coatings deposited from tin- 
chromium alloys by cooling from 1000°C. 


Symmetry were also obtained for tin- chromium al- 
loys cooled after homogenization at 1100°C and 900°C. 
The effect of cooling rate on the morphology of 
the coatings deposited from tin-chromium alloys 
bear the same similarity to the morphology of the 
coatings frozen out from the copper-chromium sys- 
tem as do the coating kinetics. Slow cooling rates 
produce insignificant protuberance formation, which 
in the case of the tin-chromium system are 0.1 to 
0.5-in. long growths with cubic {100} faces. Exces- 
sive cooling rates, corresponding to about 6°C per 
min for alloys cooled from 1000°C, result in the 
precipitation of chromium dendrites within the melt, 
while intermediate rates that correspond to the 
plateau of the cooling rate-coating thickness curve 
result in coatings with appreciable colonies of pro- 
tuberances loosely adhering to the chromium plate. 


PHYSICAL AND CHEMICAL PROPERTIES OF 
CHROMIUM PLATE 


Chemical analyses and microhardnesses of the 
coatings produced from tin and copper baths are 
compared to published values® for high-purity hy- 
drogen-reduced chromium in Table IV. The traces 


_ Table IV. Typical Analyses of Chromium Plate 


Chemical Analysis, Wt Pct Vickers Micro- 


Type of Cr Plate Mo Cu Sn ne} N hardness* 
Precipitated from Cu bath 3.35 0.25 - 0.42 0.082 190to 375 
Precipitated from Sn bath 3.0 - None 0.46 0.002 180to325 
Electrolytic® ~ 0.56 0.004  500to 1000 
Electrolytic H, annealed - - = 0.014 0.6002 165to170 


30 hr at 1500°C® 
*Reichert 16 g load. 
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Fig. 7—Cracked molybdenum surface completely filled with 
chromium; copper-rich bath, 1150°C, 4°C per min. Etched 
with alkaline ferricyanide. X1000. 


of molybdenum contained in the coatings are believed 
to be due to diffusion during the plating cycle. The 
slight pickup of copper in the coatings grown from 

a copper bath reflects the solubility of this element 
in chromium. In considering the oxygen contents 
given in Table IV, the thinness of the coatings and 
the resultant large area should be noted. Due to the 
small size of specimens obtained in each system, no 
differentiation as to plating temperature or cooling 
rate could be obtained. 

The hardness of the chromium plates produced by 
selective freezing is less than that of electrolytic 
chromium or the molybdenum on which it was de- 

posited. In general, when removed by etching, the 
plate is ductile enough to withstand repeated bending 
without failure. One of the main characteristics of 
this plating process is its excellent throwing power 
which enables the complete infiltration of all cracks 
or irregularities which might appear on the surface 
being treated. Fig. 7 illustrates a crack, only 2 by 
10°* in. wide, completely infiltrated with pure chom- 
ium, suggesting a highly preferred nucleation effect 
which appears to be inherent in this plating system. 

The difference between the expansion coefficients 
of molybdenum and chromium induce a compressive 
stress in the surface of the coating, as was evident 
from the expansion of the coating once the restrain- 
ing molybdenum has been removed. By measuring 
this relaxation, an estimate of the residual stresses 
could be made with the aid of the formulas proposed 
by Crampton.” Such calculations assume a linear 
stress distribution, and yield from measurements of 
stressed and unstressed dimensions, in this case the 
as-plated diameter of the cylindrical chromium plate 
Shell and the relaxed diameter of the same shell 
after it has been slit to permit expansion, the resi- 
dual stress released by the removal of constraint. 
Although the assumption of a linear stress distri- 
bution is not completely valid, and although the 
chromium plate is not of uniform composition, such 
calculations indicated that the order of magnitude of 
the locked-in residual stress present in these coat- 
ings is in excess of 20,000 lb per sq in., tensile at 
the molybdenum-chromium interface and compres- 
sive at the chromium surface. 

Normal metallographic techniques for pure chrom- 
ium did not succeed in revealing the structure of the 
deposited chromium plate. The immersion of the 
actual chromium plate, the molybdenum base being 
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Fig. 8—Top surface of chromium plate (tin bath) showing 
the transmission of the long, recrystallized grain size 
characteristic of swaged molybdenum. Etched in 10 pct 
HCl-alcohol. X2. Reduced approximately 30 pct for re- 
production. 


previously removed by nitric acid, in a 10 pct hy- 
drochloric acid-alcohol solution revealed on the side 
of the plate away from the molybdenum-chromium 
interface, the macrograin size illustrated in Fig. 8. 
The structure is typified by long grains, identical in 
size and alignment with the grains exhibited by the 
swaged and recrystallized molybdenum on which the 
plate was originally formed. X-ray spectrometer 
studies of the chromium plate showed no pronounced 
texture as might be expected in a cast structure. 
Regardless of the mode of formation, the orientation 
of the coating was found to be almost random with the 
{110} orientation characteristic of swaged molybde- 
num being slightly predominant. 


DISCUSSION 


The high throwing power which is characteristic of 
this coating technique, stems from the highly pre- 
ferred sites that are provided by a molybdenum sur- 
face for the formation of chromium nuclei. Such pre- 
ferred nucleation could occur if the coating nucleated 
with an interface that was semi-coherent with regard 
to the molybdenum base. Some justification for the 
existence of a semi-coherent interface may be found 
in the transfer of the characteristic elongated grain 
size of swaged molybdenum to the chromium coating 
and in the absence of any simple texture. The latter 
conclusion may be reached by considering that if the 
coating has a tendency for epitaxial orientation on the 
{110} texture of swaged molybdenum, while at the 
same time trying to follow some direction of pre- 
ferred growth, a random or complex orientation may 
well result. It should be noted that although the resi- 
dual stress pattern probably reflects the difference 
in expansion coefficients, any coherency strains in 
the coating would also possess a tensile component 
at the interface. 

The chromium coatings form on the molybdenum 
surface by a process of selective freezing. Due to 
the low rates of cooling employed and the dilute solu- 
tions used, heat flow effects are inoperative in de- 
termining the characteristics of the coating process. 
The rate of growth of the coating, as well as the 
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final thickness obtained, is, unless limited by nuclea- 
tion, solely dependent on mass transfer phenomena. 
For all of the plating systems studied, three rate- 
limiting mechanisms, each effective at different 
degrees of constitutional supercooling, were found 
operative. 

The parabolical growth rate of the coating stems 
from the formation of a chromium-deficient bound- 
ary layer adjacent to the growing interface. The 
existence of such concentration gradients next to 
the solid-liquid interfaces during freezing has been 
discussed by Tiller, Jackson, Rutter, and Chalmers,’ 
and Wagner” who treated the kinetic aspects of freez- 
ing as a boundary layer problem. The type of solute 
distribution obtained during the formation of the 
coating is given in Fig. 9. 

As cooling proceeds, the variation in the solute 
distribution with time, brings a continuous increase 
in the width of the boundary layer. For systems such 
as Studied here, the composition of the coating 
(C;) remains constant, while the liquidus composition 
(CL) decreases with time according to the particular 
phase diagram in question (see Fig. 1). For cooling 
rates of the order used in this investigation, no vari- 
ation from the equilibrium values of Cy or C, can 

be expected. From the experimental measurement of 
the weight of chromium frozen out after different 
amounts of cooling, it is possible to demonstrate that 
for cooling rates in excess of 4.0°C per min, the bulk 
liquid composition (Cg) can be approximated by the 
average initial composition (C) of the plating bath. 

The rate of arrival of chromium at the solid-liquid 
interface, and thus the rate of growth of the coating, 
will be governed by the diffusivity of the solute, the 
width of the boundary layer, and its solute concen- 
tration gradient. Assuming planar growth, a linear 
concentration gradient in the liquid, and equilibrium 
at the solid-liquid interface, a mass balance across 
the solid-liquid interface, as suggested by Wagner,° 
yields the following equation relating the pertinent 
variables of growth: 


where: p=velocity of advance of coating interface 
(cm per sec) 


D =diffusion coefficient of chromium in plating bath 
(sq cm per sec) 

6 =width of boundary layer (cm) 

Cz, = concentration of bulk liquid in terms of chrom- 
ium solute 

Cs; = concentration of solid phase,z.e., pure chromium 

Ci =solubility of chromium in plating medium 


The above concentration terms may be expressed 
in weight percent if density differences between solid 
and liquid are ignored. 

K (partition ratio) = 
be written as: 


C,/Cyand Eq. [1] can therefore 
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Eq. [2] can be presented as: 


(Di)? (Cp- Cz) 


Re 
(C.- 


where ¢ is the time in seconds during which cooling 
has been continued below the liquidus. 

The parabolic growth of the coating with increased 
time at a constant cooling rate is satisfactorily ac- 
counted for by Eq. [3]. 

Diffusion data for these systems are lacking, but 
assuming a diffusion coefficient of the order of 5 x 
107° sq cm per sec. (typical for liquids), the final 
coating thickness (R), as calculated from Eq. [3}, 
exceeds the experimental values by a factor of at 
least two. Agreement is best for those coating con- 
ditions which yield thickest plates, indicating that 
departures from calculated values are due to the 
growth of protuberances and the nucleation of chrom- 
ium crystallites inside the melt. 

Plots of minimum continuous coating thickness 
(R) against cooling rate (R), as in Figs. 2 and 5, ex- 
hibit in the absence of stirring three distinct slopes 
reflecting three distinct rate-limiting mechanisms. 
Although Eq. 1 remains applicable throughout, con- 
vection and nucleation inside the bath must be con- 
sidered. 

The density of liquid copper or tin is greater than 
that of chromium. The boundary layer, composed as 
it is of copper- or tin-rich liquid, will possess a 
downward velocity component under the action of 
gravity. An effective reduction in the boundary layer 
width will take place, resulting in view of Eq. [1] in 
a greater rate of coating growth. The magnitude 
of such natural convection increases with increasing 
distance from the leading edge, and is dependent on 
the kinematic viscosity of the system. Wagner” has 
presented an analysis showing natural convection to 
be most pronounced at very slow growth rates, 
which corresponds to the regions of slow cooling 
rate in Figs. 4 and 7 and effectively explains the 
sudden increase in slope with decreasing cooling 
rate. In addition, the degree of natural convection 
is strongly dependent on the geometrical position 
of the boundary layer. A molybdenum specimen 
completely immersed in the plating bath will de- 
velop different thicknesses of the coating on the 
sides, top, and bottom largely due to the differences 
in natural convection. 
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The middle region of the coating thickness against 
cooling rate plots is the diffusion controlled period 
wherein the applicability of the derived equations is 
only limited by small amounts of heterogeneous 
nucleation within the melt. Higher cooling rates, in 
excess of 4°C per min for the copper-chromium 
system, or in the vicinity of 6°C per min in the 
tin-chromium system are associated with exces- 
sive nucleation of chromium outside the boundary 
layer, resulting in a sudden drop in the thickness 
of coating produced. 

The effect of stirring on the plating kinetics is 
also one of boundary layer removal. The effect is 
once more limited by nucleation outside the boundary 
layer, and as illustrated in Fig. 6, such forced 
convection is most effective at slow cooling rates, 
where, due to the longer periods of time available, 
a larger bulk flow of rejected solvent-rich liquid 
can be obtained. 


_ CONCLUSIONS 


Molybdenum can be plated with chromium by se- 
lectively freezing out the chromium coating from a 
dilute tin-chromium or copper- chromium liquid 
alloy. By slow cooling for periods of 2 to 4 hr, 
coatings of 0.001 in. can be obtained with no diffi- 
culty; more careful choice of plating variables re- 
sults in coating thicknesses of 0.002 in. while stirring 
will produce, in the case of coatings grown from tin- 
chromium alloys, a continuous layer 0.004 in. thick. 
With a bath charge of 12 to 10 g of Cu-10 pct Cr 
alloy per sq in. of molybdenum, roughly 10 pct of 
the total chromium charged can be regrown in the 
form of a coating. For tin-chromium alloy plating 
baths cooled from 1100°C, a charge of 11 to 9 g of 
alloy per sq in. of molybdenum surface will result 
in the plating out of 50 to 90 pct of the total chrom- 
ium charged depending on the composition of the 
bath, higher plating efficiencies being attainable with 
more dilute plating compositions. The kinetic as- 
pects of the coating process can be interpreted, and 
to some extent predicted, by considering a growth 
model for which the rate-controlling step is dif- 
fusion in the liquid plating alloy. The formation of 
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a low surface energy semicoherent interface between || 
the molybdenum base and the chromium plate ap- : 
pears to explain the macroorientation of the plate and | 
the high compressive residual stresses present in | 
the coating. The same concept accounts for the highly 
preferred nucleation which permits the regrowth of 
the chromium solute, on a molybdenum surface, in 
preference to other possible nucleating points which 
may be available in the melt. 

The principle of coating a material by selective | 
freezing is probably applicable to other systems | 
which possess the isomorphous characteristics of 
the molybdenum-chromium system and for which 
the coating element can be readily dissolved in a 
liquid alloy. The successful application of this 
process also seems to require a coating bath which 
is immiscible with the material being plated and 
does not form intermetallic compounds with the 
coating or specimen constituents. The purity of 
the plate that can be attained is dictated primarily 
by the solubility of the plating bath in the solid 
plate. 

The thicknesses of chromium which can be laid 
down on a molybdenum body by this process would 
not suffice for long-term protection from oxidation. 
The continuous nature and purity of the chromium 
that is deposited does, however, form an ideal 
surface for further application of more oxidation- 
resistant materials by processes such as metal 
spraying techniques. | 
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Constitution of Fe C Mo Alloys Containing 
0.05-1.3 pct C and 0.03-6.0 pct Mo 


Based on metallographic and X-ray data probable equilibrium 
conditions from 1340° to 2400°F are presented for the composi- 


tion range investigated. These are correlated with investigations 
of Takei and Kuo. Provision is made for existence of Mo2C and 
(Fe, Mo)23C, carbides heretofore omitted in diagrams in this com- 
position range. These carbides and (Fe, Mo),C, in equilibrium 
with ferrite and austenite, restrict the austenite and austenite + 


R. F. Campbell 


S. H. Reynolds 
L. W. Ballard 


ferrite fields to lower carbon contents and higher temperatures 


than in the Fe-C system. 


Sx groups of steel of different molybdenum con- 
tent, but with approximately the same carbon varia- 
tion in each group, Table I, were studied. The 
alloys were melted in an acid-lined 30-lb high- 
frequency induction furnace, and the ingots forged 
to 1-in. rounds, which were then ground to 0.75-in. 
diam. To minimize chemical segregations a short 
length of each bar was given a high-temperature 
heat treatment as listed in Table I. Specimens 0.062 
to 0.125-in. thick were thereafter cut from the ho- 
mogenized bars for heat treatment to determine 
phase changes in the alloy. 

Heat treatments were performed in either a lead 
bath or muffle-type electric furnace, depending upon 
the temperature required. Maximum temperature 
variation was + 2° F in the lead bath and + 5°F up to 
1900°F and +8°F above 1900°F in the electric fur- 
nace. Adequate protection of the specimen from the 
oxidizing atmosphere in the electric furnace was 
obtained by sealing the specimen in either a pyrex 
or a silica capsule which was evacuated or not as 
circumstances required. For austenitizing followed 
by quenching to an isothermal temperature, the 
specimen was placed in a closed-end refractory 
tube the mouth of which, extending beyond the fur- 
nace, was connected to a vacuum pump. The speci- 
men could be withdrawn from this tube and quenched 
as desired. 


IDENTIFICATION OF PHASES 


The principal method of identification of phases 
was metallographic examination conducted on sur- 
faces well removed from exposure to lead or at- 
mosphere effects during heat treatment. Hardness 
measurements (Dph/10kg) were also made on these 
surfaces. The etching reagents used and their ef- 
fects are listed in Table II. 
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The phases identified are as follows: 


a—alpha iron (ferrite solid solution) 

y —gamma iron (austenite solid solution, usually 
martensite after quenching) 

L—liquid or melt 

C—cementite [Fe,C or (Fe, Mo),C] 

k —kappa carbide [(Fe, Mo),,C,| 

w—omega carbide [(Fe, Mo),C| 

6 —theta carbide (Mo,C) 


Martensite and ferrite were readily recognized 
by their customary appearance after etching with 
saturated picral or 1 pct nital. The presence of 
liquid at high temperature was indicated by curved 
interfaces characteristic of boundaries between 
solid and melt, by intergranular pools of dendritic 
areas in a carbide matrix, and by a black network 
coincident with austenite grain boundaries. Ex- 
amples of these structures are shown in Figs. 1(a) 
and (0). 

The types of carbide which were attacked by the 
electrolytic chromic acid etch and the alkaline 
KMn0O, etch, Table II, were identified by X-ray 
analyses of extracted carbides of five alloys. Car- 
bide residue was obtained from a metallographic 
specimen by etching the specimen for 24 hr in 
hydrochloric-picric acid in alcohol (grain-size 
reagent), after which the carbides, standing in re- 
lief, were scraped from the surface of the speci- 
men and mounted on a glass slide. Diffraction 
patterns were obtained with a Philips spectrometer 
using iron-filtered cobalt radiation. 

Figs. 2, 3, 4, and 5 illustrate typical etching be- 
haviors with chromic acid and alkaline KMnO,. 
Chromic acid attacked Mo,C as shown in Figs. 2(a) 
and (b)—but not (Fe, Mo),C, Fig. 3(0). Alkaline 
KMnO, attacked (Fe, Mo),C, Fig. 3(c), and also at- 
tacked Mo.C. In accordance with these behaviors, 
a typical differentiation of coexisting Mo,C and 
(Fe, Mo),C is shown in Figs. 4(a) and (b). The car- 
bide (Fe, Mo),,C, could not be obtained free of 
other coexisting carbides for etching experiments. 
The behavior, however, of coexisting carbides iden- 
tified by X-ray diffraction as Mo,C and (Fe, Mo),,C, 
indicate that (Fe, Mo)23C, is not etched by chromic 
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Table |. Chemical Composition and Homogenizing Heat Treatment of Fe-C-Mo Alloys 


Homogenizing Treatment 


Method of Protection 


Composition 
Alloy No. Pcie Pct Mo Pct Mn Pct Si 
Plain Carbon Steels 
Al 0.05 0.03 0.14 0.07 
Bl 0.24 0.03 0.17 0.15 
Eh 0.40 0.02 0.19 0.14 
El 0.87 0.02 0.17 0.19 
Fl 1.20 0.02 0.28 0.20 
0.40 Pct Mo Steels 
A3 0.05 0.41 0.14 0.08 
B3 0.29 0.42 0.16 0.14 
G3 0.40 0.40 0.18 0.13 
D3 0.58 0.40 0.15 0.14 
E3 0.95 0.40 0.21 0.10 
F3 1.14 0.45 0.23 0.33 
0.80 Pct Mo Steels 
A4 0.05 0.82 0.11 0.07 
B4 0.29 0.81 0.15 Oste; 
C4 0.38 0.78 0.16 0.14 
D4 0.68 0.88 0.19 0.16 
E4 0.89 0.79 0.28 0.18 
F4 Perk 0.76 0.23 0.31 
1.5 Pct Mo Steels 
A5 0.05 1.56 0.11 0.10 
BS 0.17 1.49 0.15 0.12 
C5 0.38 1.70 0.16 0.15 
ES 0.85 1.59 0.17 0.15 
F5 1.10 1.62 0.19 0.18 
3.0 Pct Mo Steels 
A6 0.05 3.17 0.15 0.13 
B6 0.18 3.09 0.14 0.11 
C6 0.37 3.18 0.17 0.11 
E6 0.86 3.16 0.20 0.15 
F6 1.10 3.11 0.19 0.18 
6.0 Mo Steels 
A7 0.05 5.93 0.12 0.07 
B7 0.19 5.80 0.14 0.10 
C7 0.39 5.74 0.18 0.14 
D7 0.69 5.86 0.22 0.14 
E7 0.88 6.34 0.15 0.13 
F7 1.33 6.06 0.20 0.07 


Not treated 

24 hr 2100°F > F.C. 
24 hr 2060°F > F.C. 
72 hr 2000°F > B.Q. 
24 hr 2100°F > F.C. 


Not treated 

24 hr 2100°F > F.C. 
24 hr 2100°F > F.C. 
72 hr 2000°F > B.Q. 
72 hr 2000°F > B.Q. 
48 hr 2100°F > F.C. 


72 hr 2100°F > B.Q. 
72 hr 2100°F > B.Q. 
72 hr 2100°F > B.Q. 
72 hr 2100°F > B.Q. 
72 hr 2100°F > B.Q. 
68 hr 2065°F > F.C. 


73 hr 2050°F 3 F.C. 
73 hr 2050°F > F.C. 
73 hr 2050°F > F.C. 
73 hr 2050°F > F.C. 
73 hr 2050°F > F.C. 


48 hr 2065°F > F.C. 
48 hr 2065°F > F.C. 
48 hr 2065°F > F.C. 
48 hr 2065°F > F.C. 
48 hr 2000°F > F.C. 


72 hr 2040°F > F.C. 
72 hr 2040°F 3 F.C. 
72 hr 2040°F > F.C. 
72 hr 2040°F > F.C. 
72 hr 2040°F > F.C. 
72 hr 2040°F > F.C. 


Vacuum Pump 
Vacuum Pump 
Silica Air Capsule 
Vacuum Pump 


Vacuum Pump 
Vacuum Pump 
Silica Air Capsule 
Silica Air Capsule 
Vacuum Pump 


Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Vacuum Pump 


Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 


Vacuum Pump 
Vacuum Pump 
Vacuum Pump 
Vacuum Pump 
Vacuum Pump 


Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 
Silica Vacuum Capsule 


acid nor by alkaline KMnO,. As shown in Figs. 5(a), 
(b), and (c), much of the carbide, presumably 

(Fe, Mo),,C,, is immune to attack by chromic acid, 
and etching effects with alkaline KMnO, were the 
same. Also, it was found that cementite is not at- 
tacked by these reagents. In addition, cementite is 
immune to Murakami’s reagent which attacked all 
the molybdenum carbides. Thus, cementite could 


Table Il. Etching Reagents Used in Microexamination 


Reagent Purpose 


Saturated Picral 
. 1 pct Nital 

(HNO, in Ethyl Alcohol) 
3. Murakami’s 

(Alkaline K,Fe(CN),) 
. Alkaline Sodium Picrate 
(Boiling or Electrolytic) 


Reveals all microconstituents. 


Distinguish low-carbon martensite 
from ferrite. 

Distinguish Fe,C from Mo-carbides. 
Attacks all Mo carbides but not Fe,C. 
Attacks Fe,C and Mo-carbides but 
not ferrite. Distinguishes small fer- 
rite areas from carbides. 

Attacks Mo,C but not (Fe, Mo),C, 
(Fe, Mo),,C, and Fe,C. 

Attacks Mo,C and (Fe, Mo),C but not 
Fe,C and (Fe, Mo),,C,. 


> 


5. Electrolytic 1 pct Chromic 
Acid in Water 

6. Alkaline KMnO, (4 pct NaOH 
in H,O saturated with KMnO,) 


724-VOLUME 218, AUGUST 1960 


be differentiated from molybdenum carbides, par- 
ticularly (Fe, Mo),,C,. The etching behavior of 
chromic acid and alkaline KMnO, with (Fe, Mo),C 
and (Fe, Mo)23C, carbides is like that reported by 
Blickwede, Cohen, and Roberts’ for M,C and M23C, 
carbide types in Cr-Mo-W high-speed steels. They 
observed that M,C is immune to chromic acid but is 
attacked by alkaline KMnO,, and that M2,C, is im- 
mune to both reagents. 

In several instances Fisher’s’ electron diffrac- 
tion method employing an extraction replica was 
used to identify carbides too fine for the etching 
technique. Figs. 6(a) and (bd) illustrate such a dis- 
persion of @ carbide (Mo,C), accompanied by some 
larger, intergranular w carbide (Fe, Mo),C, as it 
appears on the light microscope and as it appears 
after preparation as an extraction replica. Note 
that the larger (Fe, Mo),C carbides resisted ex- 
traction; however, they could be identified by 
etching. 


METHOD OF DETERMINING PHASE CHANGES 


The phases present in a specimen at elevated 
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temperature were determined by examination of 
the microconstituents after brine quenching the 
specimen from the heating temperature. 

The usual method of determining the stability of 
a phase at temperature was to heat the specimen to 
the desired temperature and hold it for a time in- 
terval sufficient to allow the phase to either disap- 
pear or become constant in amount. At tempera- 
tures below 1400°F, however, phase changes often 
were slow to occur, and the ‘‘heating up’”’ proce- 
dure was supplemented with a ‘‘quenching down’’ 
procedure, wherein the alloy was quenched down to 
the holding temperature from an austenitizing tem- 
perature at which ferrite was absent, and undis- 
solved carbides were at a minimum. Thus a phase 
which was absent at the initial austenitizing tem- 
perature but formed after quenching to the holding 
temperature was considered to be stable at the 
latter temperature, provided it also was present 
after heating up to the same temperature. 

The temperature range in which a phase was 
stable was determined by a series of isothermal 
treatments so selected that at each extreme of the 
range there would be a temperature where the phase 
was present and a next higher or lower temperature 


(a) 


Fig. 2—Etching ef- 
fects on Mo,C. 

(a) Picral etch. 

(6) 1 pet chromic 
acid electrolytic 
etch superimposed 
on picral etch. 
X1000. Reduced 
approximately 23 
pet for reproduc- 
tion. 
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Fig. 1—Examples of evidence of liquid 
formation. Picral etch. (a) X2000. 
(5) X1000. Reduced approximately 

21 pet for reproduction. 


(6) 1.3 pet C, 6.0 pct Mo 


where the phase was absent. Thus a temperature 
interval was established within which the phase be- 
came unstable at each extreme of the temperature 
range, and the mean of this temperature interval 
was considered to be the temperature limit for the 
stable existence of the phase. 

By these methods the minimum temperatures at 
which austenite is stable were determined to +5°F 
and the maximum temperatures at which ferrite is 
stable were determined to +12°F. On the other 
hand, the temperatures for the appearance or dis- 
appearance of the alloy carbides are often selected 
from a wide range, as great as + 50°F, because of 
the resistance of alloy carbides to change with time. 


(a) 


Fig. 3—Etching ef- 
fects on (Fe, Mo)gC. 
(a) Picral etch. 

(b) 1 pet chromic 
acid electrolytic 
etch. (c) Alkaline 
KMnO, etch. 
X1000. Reduced 
approximately 23 
pet for reproduc- 
tion. 
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Fig. 4—Etching ef- 
fects on coexisting 
and (Fe, Mo),C. 
(a)1 pet chromic 
acid electrolytic 


KMnO, etch super- 
imposed on chromic 
acid etch. X1000. 
Reduced approxi- 
mately 23 pct for 
reproduction. 


Nevertheless, the order of the appearance or dis- 
appearance of the carbides could be established. 


(zc) Light micrograph of carbides, picral etch. X2000. 
Reduced approximately 25 pct for reproduction. 


(6) Shadowed extraction replica of carbides. X20,000. 
Reduced approximately 25 pct for reproduction. 


Fig. 6—Typical fine dispersion of Mo,C as it appears on 
the light microscope (a) and as an extraction replica (6). 
Larger intergranular carbides in Fig. 6(c) are (Fe, Mo)¢C. 
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effects on co- a 
and (Fe, Mo)93Ce- A 
(b) 1 pet chromic 


etch. (c) Picral 
etch superimposed f 
on chromic acid 
etch. X2000. Re- 
duced approximately 
23 pet for repro- (c) * 
duction. 
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Based on data obtained by the foregoing proce 
dures, the probable equilibrium conditions are pre- 
sented as sections through the system at constant 
molybdenum contents, constant carbon contents and 
constant temperature. The phases observed at dif- 
ferent temperatures and compositions are denoted 
by symbols in Figs. 7 through 12 which are sections 
through the Fe-C-Mo system at 0, 0.40, 0.80, 1.5, 
3.0, and 6.0 pct Mo, respectively. The constant 
molybdenum sections, Figs. 8 through 12, are ad- 
justed to be compatible with constant carbon sec- 
tions, Figs. 13, 14, and 15, and with isothermal 
planes at 109° F intervals or less where necessary. 
In addition to adjusting the three dimensions to the 
best agreement with the observations, they also 
were adjusted to be compatible with observations of 
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Fig. 7—Fe, Fe3C binary system. 
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Fig. 8—Section at 0.40 pct Mo of Fe-C-Mo ternary system. 
(See Table III for symbols.) 


Takei® in the liquid region and those of Kuo* at 
1290°F. These adjustments were accomplished so 
as to be consistent with phase-rule requirements 
and the principles of construction of ternary dia- 
grams. It is recognized that the phase rule applies 
only to equilibrium conditions, yet in the absence of 
equilibrium in many experiments, particularly with 
respect to carbides, it is believed that the data are 
indicative of probable equilibrium conditions to the 
extent that the stability of different phases relative 
to temperature and composition is indicated. Also, 
in the strict sense the presence of manganese and 
silicon in these alloys removes this system from 
the ternary category; however, the amounts of these 
elements are low and they do not appear to have 
caused any serious discrepancies between the iron- 
carbon binary diagram determined in the present 
investigation and the iron-carbon diagram for pure 
alloys® as shown in Fig. 7. From this comparison 
it is assumed that the manganese and silicon con- 
tents may at the most cause small errors in the 
location of temperatures at which phase changes 
occur, but that the order of the phase changes is 
unaffected. 

The presence or absence of either ferrite or 
austenite is usually well defined by the data and 
such phase boundaries are represented by solid 
lines, as are others which are well supported by 
the data when all three dimensions of the system 
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Fig. 9—Section at 0.80 pct Mo of Fe-C-Mo ternary system. 
(See Table III for symbols.) 


are considered. The dashed lines represent phase 
boundaries and invariant temperatures that are not 


TABLE II 
SYMBOLS USED IN FIGURES 4 THROUGH 9 AND 13 

da Oa+y V yet 
@ar(ucy @a+y+(uc) A Y+uc) 
a+¥+O+w A y+w+8 trace OF 
A ¥+c+8 XO trace oF Y 
@a+cr(ac) **(ac)-UNIDENTIFIED ALLOY CARBIDE 

@ a+7+(uc) *(UC)-UNIDENTIFIED CARBIDE 


© a+7+c+(UC) 


@ +7+{UC)+(AC) 
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Fig. 10—Section at 1.5 pct Mo of Fe-C-Mo ternary system. 


(See Table III for symbols.) 


so clearly defined experimentally because of re- 
sistance to change of alloy carbides, difficulty of 
carbide identification, or because composition 
distribution of the alloys was not extensive enough 
to provide data in some phase regions. The loca- 
tions of such boundaries are based on observed 
trends of limited data and deductions from the 
phase rule as discussed below. Dotted lines are 
used in those regions for which no data are avail- 
able and phase boundaries are only speculative. 

Phase boundaries and invariant temperatures that 
are experimentally less well defined, dashed lines 
of Fig. 8 through 15, are located according to cer- 
tain consistent trends among the observed data. 
Discussion of the significance of these trends and 
conclusions therefrom is divided into three parts. 
The first is concerned with equilibrium indications 
at 1700°F, the others with equilibrium indications 
below and above 1700°F, 

Equilibrium at 1700°F—The 1700° F temperature 
level provided the nearest approach to equilibrium 
and at the same time permitted identification of 
carbides in the greatest number of alloys after ex- 
posure for a reasonable time interval, 300 hr, at 
temperature. Fig. 16 is the isothermal section 
constructed from observations at 1700°F. The 
distribution of the phase regions is typical of the 
temperature range from 1390° to 1960°F. In addi- 
tion to identification of carbide by etching, the 
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Fig. 11—Section at 3.0 pct Mo of Fe-C-Mo ternary system. 
(See Table III for symbols.) 


nature of the carbide residue obtained from each 
of three alloys by chemical extraction was deter- 
mined by X-ray and chemical analysis. For each 
of the three residues X-ray analysis showed the 
presence of only w carbide, (Fe, Mo),C, with a 
probable formula Fe,Mo,C as indicated by the ap- 
proximate 1:1 atomic ratio of iron to molybdenum 
determined by chemical analysis shown below. 


Atomic Ratio 
Fe/55.85 : Mo/9 


Alloy First Second First Second 
Composition Extraction Extraction Extraction Extraction 
Pct C Pct Mo Pct Fe PctMo Pct Fe Pct Mo 
03374 53.18 255.0 Zaks 5057, 0.99 1.09 
0.39_-5.74 34.1 56.9 33-405 257.6 0.95 1.00 
0.88 6.34 By. 0.95 1.04 


Equilibrium Indications below 1700° F—Usually, 
as shown in Figs. 10, 11, and 12, the a, y, 6, and 
w phases coexisted over a temperature range of 
1360° to 1525°F. Obviously this is not an equilib- 
rium condition over a range of temperature. There 
are, however, examples of each of the 3-phase 
mixtures a + w+ 6 anda + below but not 
above 1475°F, Also, there are several examples 
of the 3-phase mixture a + y + w above 1475°F and 
the 3-phase mixture y + w+ @ above 1425°F. This 
distribution relative to temperature of these four 
3-phase mixtures suggests that there is a tempera- 
ture of invariant equilibrium between qa, y, w, and @ 
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Fig. 12—Section at 6.0 pct Mo of Fe-C-Mo ternary system. 
(See Table III for symbols.) 


which can be defined by the lowest temperature of 
2-phase equilibrium between y and w. The lowest 
temperature at which only y and w were observed 
was 1400°F (alloy E6). Hence, 1390°F, the approx- 
imate mean between 1400°F and the next lower 
holding temperature 1375°F, was selected as the 
invariant temperature fora +y +6+w. 

At temperatures below the temperature of a + y 
+ 6 + w invariant equilibrium the diagram must 
provide for the disappearance of austenite and, ac- 
cording to Kuo’s observations* at 1290°F, it must 
provide for the absence of x and @ carbides and the 
presence of MoC carbide, as shown in Fig. 17,* 


*The effect of small changes of carbon content is appreciable, hence 
a rectangular plot is more useful than the conventional equilateral tri- 
angle, as discussed by Bain® and Marsh.’ The Fe-C and Fe-Mo rectangu- 
lar composition coordinates, however, are the two legs of a right triangle 
of which the hypotenuse is the C-Mo composition coordinate. Accordingly, 
in Fig. 17 and 18 the C-Mo binary coordinate is shown as a segment of 
the hypotenuse in order to plot the binary composition of theta carbide. 


which summarizes Kuo’s observations. There are 
two possible sequences of phase changes which will 
satisfy these conditions. These sequences require 
4-phase invariant equilibria occurring in the follow- 
ing order with decreasing temperature: 


Sequence ‘‘A’’ Sequence ‘‘B’’ 
a+y+0+w at+y+0+w 
yt+tC+O+K 
aty+K+C 
a+C+O+kK a+C+é+MoC 


a+C+é6@+MoC 
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Fig. 13—Section at 0.40 pct C of Fe-C-Mo ternary system. 


In the temperature range of 1340° to 1360°F and 
with respect to specimens in which carbide identi- 
fication was satisfactory, the 3-phase and 4-phase 
equilibria limited to the ‘‘A’’ sequence were ob- 
served in nine instances among seven alloys. The 
data are, therefore, more consistent with-the ‘‘A’’ 
sequence. One requirement of sequence ‘‘A’’ is 
that x carbide cannot coexist with a and y above the 
temperature of the a + y + kK + @ invariant equilib- 
rium. As shown in Figs. 11, 12, and 13, this con- 
dition is satisfied at some temperature between 
1350° and 1370°F. Hence, 1360°F was selected as 
the temperature for a + y + kK + 6 invariant equi- | 
librium. Another condition of sequence ‘‘A’’ is that 
the temperature of the a + y + x + C invariant 
equilibrium is above the eutectoid temperature of 
plain carbon steel and is the lowest temperature at 
which x and y coexist. In order to satisfy these 
conditions and the data, this temperature was 
selected as 1340°F. Even thougha+x+6+C 
was observed at 1340°F, at equilibrium it must 
occur below the temperature at which austenite is 
stable, hence for purposes of construction it is 
tentatively placed at 1325°F. The choice of 1310°F 
for a + 6+ C + MoC is purely arbitrary. 
Equilibrium Indications above 1700° F—At tem- 
peratures higher than 1700”F the identification of 
carbides was limited to the 6.0 pct Mo alloys and 
the 3.0 pct Mo-1.1 pct C alloy, because in the lower 
molybdenum alloys the carbides were too small for 
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Fig. 14—Section at 0.87 pct C of Fe-C-Mo ternary system. 


identification by etching. At the same time their 
volume and dispersion were unsuitable for either 
X-ray or electron diffraction analysis. Further- 
more, in the 6.0 pct Mo alloys and the 3.0 pct Mo- 
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Fig. 16—Isothermal plane at 1700° F (925° C) for Fe-C-Mo 
ternary system. (See Table III for symbols.) 
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Fig. 15—Section at 1.10 pct C of Fe-C-Mo ternary system. 


1.1 pct C alloy heated above the solidus tempera- 
ture, only the large carbides associated with the 
fusion regions were identified, for, although the 
fine carbides dispersed in the matrix appeared to 
be ample for electron diffraction analysis, attempts 
to remove them by the extraction replica method 
were unsuccessful. At temperatures above 1700°F, 
therefore, the diagrams are constructed according 
to the probable invariant equilibria required to 
satisfy the observed distributions of the a, ;, 
liquid, and identified carbide phases and the ob- 
servations of Takei® with respect to the first forma- 
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Fig. 17—Isothermal plane at 1290° F (700° C) in Fe-C-Mo 
ternary system. After Kuo.‘ Based on specimens held at 
temperature for 5000 hr. 
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Fig. 18—Isothermal plane at 2200° F (1200° C) for Fe-C-Mo 
ternary system. 


tion of liquid and the phase distributions above 
2350°F. 

Takei’s diagram indicates that only w carbide is 
stable in the present composition range at temper- 
atures above 1400°F. At 1995°F, however, he re- 
ported a ternary eutectic, L = y + & + C, for which 
the composition was not given and which he omits in 
his construction because his data were too limited 
to estimate equilibria involving xi (£); also, at 
1960°F and 14.0 pct Mo-4.4 pct C he reported the 
ternary eutectic L = y +w+C. The latter eutectic 
is not possible with the coexistence of 6 carbide and 
austenite up to 2200° F observed in the present in- 
vestigation, since this equilibrium prevents the es- 
tablishment of equilibrium between liquid and w car- 
bide. In accordance with the present data, however, 
the formation of liquid in the temperature range of 
1960° to 1995°F would give rise toanL+y+Kk+C 
invariant equilibrium. Moreover, this would be 
consistent with Takei’s L + y + & + C invariant 
equilibrium provided that ~ phase is the same 
phase as x carbide. There is a strong possibility 
that Takei’s ~ phase is the same as xk phase, since 
Takei was able to establish by X-ray diffraction 
that — phase differed from any other phases then 
known to be in the system. Assuming that ~ and x 
phases are one and the same and that there is an 
invariant L + y + x + C equilibrium at 1960°F, the 
lowest temperature at which Takei observed the 
liquid phase, it can be shown that in accordance 
with the present data the most likely sequence of 
phase changes with increasing temperature above 
1960°F results in a 2200°F isotherm, Fig. 18, which 
readily accounts for the various equilibria of £ 
phase at 2200°F reported by Takei. The highest 
temperature at which 6 was observed in the present 
investigation is also 2200°F (Fig. 12, 6.0 pct Mo- 
0.69 pct C). This temperature was selected for the 
invariant equilibrium, y + w + @ + K, above which 
the @-austenite equilibrium disappears, but xk and w 
carbides remain stable. At higher temperatures, 
however, Takei indicates that the invariant equilib- 
rium L +a +y + woccurs at 2330°F. In order to 
arrive at this equilibrium in the present investiga- 
tion the k + y equilibrium must disappear, and the 
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Fig. 19—As-quenched hardness of 6.0 pct Mo steels. 


L + w equilibrium must be established at the same 
or at some different temperature below 2330°F. All 
of these conditions can be satisfied by an invariant 
equilibrium of L+y +k + wat some temperature 
below 2330°F. The presence of L + y + x at 2200°F 
(Fig. 12, 6.0 pct Mo-1.3 pet C) and L + y + wat 
2350°F (Fig. 11, 3.0 pet Mo-1.1 pet C) and L + y 

+ K+ w at 2300° to 2350°F (Fig. 11, 3.0 pet Mo- 

1.1 pet C and Fig. 12, 6.0 pct Mo-0.88 pct C, 1.3 pet 
C) suggests that the invariant L + y + kK + w equi- 
librium lies somewhere in the 2200° to 2350°F tem- 
perature range. This temperature was placed at 
2275°F, since by construction it permitted the best 
fit between the solidus and the observed data at 
lower temperatures. The hardening behavior of 

the 6.0 Mo steels on quenching from temperatures 
of 1700° to 2300°F also influenced the selection of 
2275° F for the invariant temperature, as described 
in the following. A feature of the invariant L + y 

+ K+ w equilibrium is that at the required tempera- 
ture the liquid phase becomes stable with 6.0 pct 
Mo alloys containing 0.40 to 0.90 pct C, as shown in 
Fig. 12, whereas immediately below the invariant 
temperature the liquid phase is unstable in this com- 
position range. Hardness of alloys in this compo- 
sition range as quenched from temperatures in the 
range of 1700° to 2300°F decreased abruptly within 
a few degrees of 2275°F, as shown in Fig. 19, then 
recovered with increase of quenching temperature 
to 2300°F. The marked decrease is believed to 
reflect the first formation of liquid as a grain 
boundary film which causes grain boundary separa- 
tion on cooling, Fig. 1(a), thereby lowering resist- 
ance to penetration of the indenter in hardness test- 
ing. At the higher temperature, the volume of liquid 
is enough that grain boundary separation on cooling 
is minimized and the measured hardness recovers. 
A similar behavior was observed with the 6.0 pct 
Mo-1.3 pet C alloy at a lower temperature. This 
consistent hardening behavior among compositions 
of different carbon content would seem to require 
some marked change in microstructure common to 


VOLUME 218, AUGUST 1960-731 


1000 
€7-088 A 
— 
A 
51-089” : 
» 
: 
oj, © 
029 lo \ 
500 


all compositions. At the present time this common 
factor seems to be the first formation of liquid. 
Thus, by assuming that Takei’s phase was kK 
phase, a sequence of phase changes is possible with 
increasing temperature which is compatible with 
Takei’s observations and the present observations, 
and this sequence leads us to locate the invariant 
L+a+y + w equilibrium at about 2350°F, Figs. 
11 and 12, which is in good agreement with Takei’s 
temperature of 2330°F for this invariant equilibrium. 


SUMMARY 


1) The constitution of Fe-C-Mo steels containing 
0.05 to 1.33 pet C and 0 to 6.0 pct Mo and small 
amounts of manganese and silicon has been de- 
termined in the temperature range of 1330° to 
2400°F. 

2) Sections of the ternary system have been 
constructed according to the observations which 
are believed to be consistent with probable equi- 

_ librium conditions. 

3) The persistence and amounts of the carbides 
(Fe, Mo),,C, and Mo,C indicate they are stable in 
certain ranges of temperature and composition. 
Accordingly, provision is made for these carbides 
in the constructions. 

4) The loop-forming effect of molybdenum in the 
Fe-Mo binary system is reflected in the Fe-C-Mo 
alloys, as shown by the marked increase in the tem- 
perature below which austenite is unstable in 1.5, 
3.0, and 6.0 pct Mo alloys with carbon contents of 
less than 0.15, 0.20, and 0.40 pct, respectively. 

5) Higher carbon contents counteract the loop- 
forming effect of molybdenum, and austenite is 
stable down to 1340°F in the range of molybdenum 
content investigated. 

6) As the molybdenum content increases, the 
austenite plus ferrite field is limited to lower 
carbon contents and higher temperature, and at the 
same time it is replaced by four 3-phase fields of 
austenite plus ferrite plus carbide as follows: 


austenite + ferrite + cementite 
austenite + ferrite + x 
austenite + ferrite + @ 
austenite + ferrite + w 


1330° to 1340°F 
1340° to 1360°F 
1360° to 1390°F 
1390° to a tem- 
perature which 
is dependent on 
composition. 


7) The austenite region is limited to successively 
lower carbon content and higher temperatures as 
molybdenum content increases, at the same time it 
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is replaced by a series of austenite plus carbide 
regions comprised of two- and three-phase equilib- 
ria between austenite and the w, @, and x carbides. 

8) The temperatures 1390°, 1360°, and 1340°F 
are temperatures of four-phase invariant equilibria 
for ferrite, austenite, 9, and w; ferrite, austenite, 
6, and x; and ferrite, austenite, x, and cementite, 
respectively. These temperatures are the lowest 
temperatures of equilibrium between austenite and 
w, austenite and 6, and austenite and r, and they 
result in eutectoid-like points on constant molyb- 
denum sections of the system. These points are 
analogous to the eutectoid in the Fe-C binary to the 
extent that the Fe-C eutectoid temperature marks 
the lowest temperature of stable equilibrium be- 
tween austenite and cementite. The eutectoid-like 
points are displaced to higher carbon contents as 
molybdenum increases, that of austenite plus k 
(1340° F) showing the greatest displacement. With 
molybdenum contents greater than 0.40 pct the 
austenite plus cementite ‘‘eutectoid’’ is eliminated. 

9) The temperature of the solidus is markedly 
lowered by the addition of molybdenum in the range 
of compositions investigated. On heating, the first 
liquid is manifested as incipient fusion at the 
austenite boundaries and results in grain boundary 
separation at room temperature. This is accom- 
panied by a marked decrease in measured hardness 
of the aggregate structure. 
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Relationship Between the Mu Phase and the 


Sigma Phase in the Mo-Mn 


-Co System 


By studying the 1175°C isothermal section of the Mo-Mn-Co 


system, tt was established that the LK phase, and probably also 
the B-Mn phase, are also ‘“‘electron compounds’’ in the sense 


the 0 phase is. 


THE 0 phases have a complex tetragonal structure 
with L, /a, = 0.52 and 30 atoms per unit cell.’ A large 
number of such phases are now known to occur in 
various binary systems of the transition elements 
and they exhibit the following typical features:?)° 
The composition of binary o phases is variable, 
ranging from approximately A,B to ABs. With 
only a few exceptions, in the o phases the A-ele- 
ment comes from the V- or Cr- group of the 
periodic table, while the B-elements are from the 
Mn-, Fe-, Co-, or Ni- group. In the first long 
period the corresponding o phases of the V- and Cr- 
series have approximately the same compositions. 
However, as the B-element changes from Mn to Fe 
to Co to Ni, the mean composition shifts monoton- 
ously toward higher A- contents.” * For example, 
if the mean compositions of the various 0 phases 
with vanadium are compared with each other, the 
composition shift mentioned above becomes plainly 
visible: V, 20, Vo.as¥Co.55, Vo. [0.45 and 
Vo.esNio.35. Similar composition shifts, although 
not the same composition values, were observed 
in 0 phases formed by second and by third long- 
period transition elements.” * This behavior, very 
characteristic of 0 phases, is in rather sharp con- 
trast to the usually quite well-behaved stoichi- 
ometry of the Laves phases. In the latter, the AB2 
stoichiometry predominates, with A the large atom 
and B the small atom.” 

The pu phase occurs in the four binary systems of 
Mo or W with Fe or Co. On the basis of their crys- 
tal structure determination, Arnfelt and Westgren® 
ascribed to the pw phase in the Co-W system the ideal 
composition W,Co,. Since all four binary y phases 
have nearly the same composition, it would seem quite 
plausible that some definite stoichiometry such as 
A,B, might be characteristic of this phase, as ABz 
is of the Laves phases. On the other hand, it has been 
noted,’ that the phases occur at average electron 
concentrations near to those at which the various 
o phases are found. Also, | it has been pointed out by 
Shoemaker and associates® that structurally the 
o phases and the yu phases are somewhat related to 
each other; both of these structures may be described 
in terms of suitable stackings of quasi-hexagonal 
layers of atoms. By studying a suitably chosen ter- 
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nary phase diagram, one might expect to be able to 
find out which one of the two conditions, the analogy 
with the o phase or the constant ratio between the 
number of large atoms and the number of small atoms 
in effect governs the behavior of the tu phase. 


Several isothermal sections of ternary systems 
containing o phases have been investigated. In all 
cases where two binary ¢ phases occur, these were 
found to be connected na a more or less straight 
ternary 0 phase field.” Such elongated o phase 
fields were also found in ternary systems in which 
only one of the limiting binaries is known to con- 
tain 0 phase. In this manner a latent o forming 
tendency could be detected and the virtual composi- 
tion of a ‘‘binary o phase’’, which does not actually 
occur as such, was approximately determined by 
extrapolation.’ The behavior of the o phases, in- 
cluding their composition shift, is analogous to that 
of the classical electron compounds, as described 
by Hume-Rothery.” 

In order to decide whether the pu phase is essen- 
tially a ‘‘size compound”’ like the Laves phases, 
where a fixed stoichiometric ratio is quite general- 
ly maintained between the ‘‘large atoms”’ and the 
‘small atoms’’, or whether the yu phase is typically 
an ‘‘electron compound”’ in the same sense as dis, 
it was decided to investigate an isothermal section 
of the Mo-Mn-Co system. The Mo-Co system” and 
the Mo-Mn system* 3 each are known to have a bin- 
ary 0 phase. It could be therefore expected that a 
ternary 0 phase field will connect these two binary 
o-phase fields. The py phase is known to occur in 
the Mo-Co system. If the yw phase should turn out 
to form an elongated phase field extending deep in- 
to the ternary system, the following considerations 
might apply. The atomic radius of manganese 
‘Bid 31A for C.N.12) is between the values for Mo 
(1.40A for C.N.12) and for Co (1.26A for C.N.12). 

If it is assumed that py is a ‘‘size compound’’, and 
that Mn is substituting for the smaller Co atoms 
in the u-structure in the ternary system, the y- 
phase field might be expected to extend parallel to 
the Mn-Co binary line. If Mn is substituting for 
the large Mo atoms in the y-structure, the u-phase 
field may be expected to extend parallel to the Mn- 
Mo binary line. On the other hand, if the u-phase 
turns out to be an ‘‘electron compound’’ like 0, the 
ternary -phase field should extend parallel to the 
ternary o-phase field connecting (Mo, Mn)o with 
(Mo, Co)« 
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Table |. X-Ray Diffraction Pattern of the R Phase 


Alloy: 31.50 At. Pct Mo; 36.50 At. Pet Mn; 32.00 At. Pct Co; 
radiation; a = 10.99A; c,=19.47A 


Line No. hkl dinar A A 
i 131 ee 3.1 2.634 2.616 
2 223 ve 6.22 2.532 2.530 
3 401 ae 1.6 2.377 2.362 
4 018 . 18.4 2.367 2.358 
5 134 - 11.0 2.321 2.320 
6 306 = 6.8 2.269 2.268 
7 217 te 78.4 2.200 2.200 
8 315 ve 84.0 2.185 2.185 
9 232 = 70.5 2.132 2.1305 

10 410 5 62.2 2.078 2.077 
045 46.4 2.032 2.030 
128 51.4 2.016 
119 { 33.6 { 2.0127 
3 324 5 36.9 1.994 1.992 
14 413 a 28.8 1.979 1.978 
15 137 eS 8.8 1.916 1.915 
16 1.0.10 15.1 1.906 1.907 
17 502 S 9.7 1.870 1.868 
241 2.3 1.791 
28 { 309 { 16.2 bee 
19 416 8.6 1.749 1.749 
20 ? vvw = 1.699 - 
21 612 oS 8.0 1.436 1.4355 
22 606 Sun 4.4 1.423 1.425 
23 0.4.11 Se 3.2 1.418 1.4200 
24 339 sve 4.2 1.404 1.398 
25 526 $ 9.5 1.373 1.379 
26 0.1.14 i 5.9 1.369 1.376 
27 701 == 5.2 1.354 1.356 
704 8.7 1.309 
29 0.0.15 1.297 1.298 
30 1.2.14 a 17.5 1.294 1.297 
31 5.1.10 ae 1.4 1.284 1.2845 
32 535 = 20.3 1.281 1.284 
609 15.4 1.279 
4.1.12 { 16.5 { 1.2785 
34 4.2.11 aver 3.8 1.261 1.2615 
35 710 = 22.7 1.259 1.261 
36 265 = 12.6 1.251 1.250 
618 1.8 1.2465 
{ 529 { 29.1 { 1.246 
38 713 & 23.9 1.235 1.2375 
30 3.2.13 “4 10.5 1.233 1.235 


EXPERIMENTAL METHODS 


Alloys with less than 50 at. pct Mo were prepared 
by induction melting in recrystallized alumina cru- 
cibles. Mn-losses were compensated by charging 
extra Mn, in amounts depending on the composition. 


The metals used were electrolytic manganese, elect- 
rolytic cobalt, and molybdenum rod. Because of the 
high melting point of Mo and the high vapor pressure 
of Mn, extraordinary difficulties were encountered in 
preparing alloys with Mo-contents higher than 50 at. 
pet. Heavy Mn-losses, as well as considerable seg- 
regation were encountered. Some alloys in the binary 
Mo-Mn system were prepared by powder metallurgy 
methods. The alloys were homogenized by annealing 


for 72 hrs at 1175°C in evacuated fused silica cap- 
sules. Chemical analyses were made of all alloys 


relevant to the position of phase boundaries. 


Many of the alloys, particularly in the high Mn- 
content regions, were extremely brittle, so that the 
handling and the mechanical polishing of specimens 


had to be done with great care in order to avoid shat- 


tering. The following etching reagents were found 
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to be useful. Etchant No. 1: 10 to 50 pct by volume 
of nitric acid in water. The 40 pct solution was 
found to etch the yw phase and to reveal grain bound- 
aries in it. The 35 pct solution was used to attack 
the R-phase and to reveal grain boundaries and an- 
nealing twins in it. A 10 pct nitric acid solution at- 
tacks the B-Mn phase. Etchant No. 2: Two grams 

of oxalic acid in 100 cc distilled water, used elect- 
rolytically 3 to 5 V; stainless steel cathode; elect- 
rode spacing: 1 in.; time: 3 to 10 sec. This etchant 
was very successful in differentiating between the 

R and p phases where these two coexist. After etch- 
ing the R phase appeared yellowish in contrast with 
the white p phase. A staining solution containing 10 g 
of NaOH and 10 g of KMnOs, was found to be useful 
for alloys containing both o and R phase. The al- 
loys were first etched in the 35 pct nitric acid solu- 
tion and then stained. 

Identification of the phases was done primarily by 
X-ray diffraction. Powder specimens were pre- 
pared using mortar and pestle, and the powder was 
passed through a 270-mesh sieve. X-ray diffraction 
patterns were obtained in an asymmetrical focusing 
camera of 20-cm radius, using unfiltered chromium 
radiation at 36 kv. The data obtained from a typical 
X-ray pattern of an R phase specimen are given in 
Table I. The phase boundaries were determined by 
the disappearing phase method, using a combination 
of metallographic and X-ray techniques. 


EXPERIMENTAL RESULTS 


Fig. 1 shows the composition of the Mo-Mn-Co 
alloys and the location of the phase boundaries at 
1175°C, as determined by identifying the phases 
present in the various alloys and by estimating their 
relative volume fractions. The boundaries of the 
ternary uU-phase field and of the R-phase field have 
been determined with an estimated accuracy of ap- 
proximately +1 pct. The accuracy in determining the 
8B-Mn phase boundaries was almost as good. Since 
the exact location of the boundaries of the B-Co 
phase field was of no particular interest, these 
boundaries have not been determined accurately. 
The o~-phase boundaries could not be determined 
accurately because of the difficulties of preparing 
alloys in the composition range involved. However, 
three binary Mn-Mo alloys prepared by powder 
metallurgy methods and one prepared by induction 
melting, together with a number of ternary two- 
phase alloys containing 9 and R, gave a fairly good 
outline of the o-phase field, although the accuracy 
of these boundaries may not be better than +5 pct. 

A moderate amount of work has been done to de- 
termine the 1240°C isothermal section of the Mo- 
Mn-Co system as well, Fig. 2. The general ar- 
rangement of the phases here is similar to that 
at 1175°C. However, the o phase extends further 
toward the Mo-Co binary system, the R-phase 
field is more restricted, and the 8-Mn phase field 
no longer appears. In its place, an extensive liq- 
uid solution is found to coexist with the R-phase. 

A very limited amount of work was done to study 
the 1240°C isothermal section in the Mo-Mn-Fe 
ternary system. The conditions here were found 
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Fig. 1—1175° C isothermal section of Mo- 
Mn-Co phase diagram. The composition 
of alloys used is indicated. Accuracy of 
dashed boundaries estimated to +1 pct. 
Compositions are given in atomic per- 
cents. 


to be roughly similar to those in the Mo-Mn-Co 
system, except that the extension of the u-phase 
field is much more limited, while that of the R- 


phase is greater. These results are shown in 
Fig. 3. 


DISCUSSION 
The results obtained in the ternary Mo-Mn-Co 


Fig. 2—Main features of the 1240° C iso- 
thermal section of Mo-Mn-Co phase dia- 
gram. 


20 30 


40 50 
Atomic % Co 


system at 1175°C are quite consistent with the bin- 
ary diagram for the Mn-Co binary system published 
recently by Hume-Rothery.** The presence of a o 


phase in the Mn-Mo binary system, reported by 
Kasper,” has been confirmed but the results indi- 
cate that this phase extends from approximately 
27 at. pct to 38 at. pct Mo at 1175°C, so that it is 
located nearer to the Mn-corner than previously 
thought. 
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Fig. 3—Main features of the 1240° C iso- 
thermal section of Mo-Mn- Fe phase dia- 
gram. 


Atomic % Mo 


Because of the experimental difficulties men- 
tioned earlier, the boundaries of the ternary osolid 
solutions could not be determined with a high degree 
of accuracy. However, the results are consistent 
with the view that at 1175°C the Mo-Mn binary o 
phase forms ternary solid solutions with Co, which 
extend in a narrow field directly toward the binary 
(Mo,Co) o phase, although the latter is stable only 
at temperatures above 1250°C. The fact that the 
ternary 0 solid solutions extend somewhat beyond 
the halfway mark toward (Mo,Co) 0 was confirmed 
by two chemically analyzed alloys. At 1240°C the 
0 phase extends further toward the Mo-Co binary 
system, as expected. This was confirmed by an 
analyzed alloy. 

The 1175°C isothermal section of the Mo-Mn-Co 
system shows particularly clearly that the elong- 
ated ternary u-phase field extends in a direction 
quite parallel to that of the elongated ternary o- 
phase field. As suggested in the foregoing, this 
fact indicates that there is a close relationship 
between the o phase and the phase (i.e.the phase 
is also an ‘‘electron compound’’ in the sense the o 
phase is). Interestingly, it turned out that the ter- 
nary R-phase also extends essentially in the same 
direction, forming a more or less well defined ex- 
tension of the u-phase field. Furthermore, at 1175°C 
the 6-Mn phase was found to extend into the ter- 
nary system, also forming an elongated phase field, 
the direction of which is roughly similar to that of 
o and u. These phase diagram studies therefore 
tend to support the view*”*)*° that theo, P, R, 
a-Mn, and 8-Mn phases, all of which tend to occur 
in a relatively narrow electron concentration (or elec- 
tron vacancy) range between Cr and Mn, are closely 
related to each other. It is quite likely that these 
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phases are essentially ‘‘electron compounds’’. 

From the incomplete data for the Mo-Mn-Co sys- 
tem at 1240°C, it is apparent that the P phase occurs 
here between the co phase and the yu phase in a re- 
latively narrow concentration range. This is the 
only alloy system in which both the P phase and the 
R phase are known to occur. 

In both the Mo-Mn-Co and the Mo-Mn-Fe systems 
the u phase and the R phase extend essentially along 
the same straight line, a situation similar to that _ 
previously found in the Mo-Cr-Co ternary system.”* 
Also, both the u phase and the R phase lie clearly 
between the 0 phase and the 6-Mn phase, Fig. 1, in 
a sequence of increasing electron concentration or 
decreasing electron vacancy numbers, as previously 
found in several instances for the o and pu phases.”)*® 
In the Mo-Mn-Co system the P phase lies between 
the o phase on the one hand, and the R and wu phases 
on the other, Fig. 2, a sequence not previously clari- 
fied. The repeated occurrence in various alloy sys- 
tems of some of the structurally related® phases: 

a, P, R, u and a-Mn, in this sequence, presumably 
corresponding to increasing electron concentration 
or decreasing d-electron vacancy numbers,”’” gives 
further qualitative support to the interpretation of 
these phases as electron compounds, 


SUMMARY 


1) In the 1175°C isothermal section of the Mo-Mn- 
Co system the 0 phase, the u phase, the R phase, and 
the 8-Mn phase form elongated phase fields, which 
extend nearly parallel to each other. This is partic- 
ularly pronounced in the case of the o and phases. 
It may be concluded that o and yu (and probably also R 
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and B-Mn) are closely related to each other. (z.e. they 


are most likely ‘‘electron compounds’’). 
2) Extended o- and R-phase fields also occur in 


the Mo-Mn-Co system at 1240°C and in the Mo-Mn- 
Fe system at 1240°C. 


3) Aternary P-phase field occurs in a narrow 


concentration range in the Mo-Mn-Co system at 
1240°C, 
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Dislocations in Deformed Single Crystals of 
Alpha Brass. Part |: General Observations 


Using a combined decoration and etching technique the dis- 
location structure of annealed and deformed a brass has been 
studied. Annealed crystals revealed a low density forest and well- 
developed subboundaries; lightly deformed crystals contained dis- 
crete groups of dislocations. The dislocation density and the num- 
ber of dislocations in a group were obtained from the micrographs. 


Using slip-line data, the mean path of a dislocation and the con- 


J.D. Meakin 


figuration of groups along an active slip plane have been deduced. 


Observations on secondary and cross-slip are reported. 


Ir has been the aim of many investigations to ob- 
tain detailed knowledge of the dislocation patterns 
which are present in metals before and after their 
deformation. The ‘‘decoration’’ of dislocations with 
impurity atoms has been considered as one of the 
promising experimental approaches, and much work 
has been done to develop this technique for revealing 
dislocation sites in metals. 

Following the early work by Castaing,* Castaing 
and Guinier,” and Lacombe and Berghezan’ on alumi- 
num-rich aluminum-copper alloys, dislocations in 
this material have been studied extensively by 
others.*® In these alloys the dislocation sites act 
as nuclei for the precipitation of the second phase. 
The main results of the investigations on aluminum 
with copper are: i) the confirmation of the earlier 
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contention that subboundaries consist of dislocation 
walls, ii) that many more dislocations are found in 
slip bands than in regions where less glide had taken 
place, iii) the observation of individual dislocations, 
lying nearly parallel to the surface investigated, and 
iv) that parts of dislocation loops, apparently emitted 
from a dislocation source, could be made visible. 
Recently, Jacquet, Weill, and Calvert ° have suc- 
ceeded in revealing nearly concentric dislocation 
loops in quenched Al-4 pct Cu and thus indicated 
directly the existence of dislocation sources ina 
fcc metal specimen of normal dimensions. 

Another decoration method developed by Das 
and applied to silicon crystals makes use of diffusing 
copper to the dislocations from a surface deposition. 
The dislocation pattern can then be observed by an 
infrared technique. His results include evidence for 
symmetrical and spiral Frank-Read sources, and for 
arrays of dislocation loops which follow simple crys- 
tallographic directions. 

Recently Low and Guard’” have studied the dislo- 
cation structure of silicon-iron using carbon for the 


ll 
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Fig. 1—Orientation of crystal axes. 


decoration together with an etching technique. The 
etch used revealed glide dislocations, both of edge 
and screw type, at their point of intersection with 
the crystal surface. Furtherfore by etching a sur- 
face parallel to the slip plane, long segments of dis- 
location loops were observed. 

A disadvantage of the decoration of dislocations 
with precipitates in fcc metal crystals is obvious 
when examining their appearance in Slip bands. It is 
seen immediately that the size of the actual precipi- 
tates is too large for correlating the implied posi- 
tion of dislocations with any individual slip line. 

Since the width of slip lamellae in aluminum may 
be smaller than 200A,**** this material appeared to 
be unsuitable for studying the dislocation patterns 
which result from plastic flow. A more promising 
material is @ brass which has, at small elongations, 
a much coarser slip line structure than the pure fcc 
metals.*® 

This view is supported by the extensive investiga- 
tion on a@-brass by J acquet”® who explored the be- 
havior of dislocations during polygonization with the 
help of an etching technique. Distinct etch pits lying 
on well separated lines have been correlated with 
dislocations, and in some instances piled up dislo- 
cations have been seen. 

The present paper reports general observations 
on @ brass which have been made by using a new 
decoration technique.” An analysis of the disloca- 
tion pileups observed will be given in a separate 
paper (referred to as Part II). 


EXPERIMENTAL 


Single crystals of a brass doped with cadmium 
were used throughout the investigation; the nominal 
composition of the alloy was 68 pct Cu, 32 pct Zn 
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_by first sectioning the crystal with a jewellers saw 


and between 0.6 and 0.8 pct Cd. Weighed amounts 

of spectrographic copper and super-purity cadmium 
and zinc were placed in cylindrical graphite molds 
which were then sealed in silica tubes under a 
vacuum of better than 10°* mm Hg. After thoroughly 
homogenizing the alloy, single crystals were grown 
by the Bridgman method with a growth rate of 1 in. 
per hr. The single crystals were then deeply etched 
and, after sealing in vycor tubes, were annealed at 
700°C for 24 hr in order to take the cadmium into 
solid solution. From this anneal the crystals were 
rapidly cooled by breaking the tubes into iced water. 
As will be discussed later, this quench is not con- 
sidered to be so severe as to affect the plastic be- 
havior of the crystals but was evidently sufficiently 
rapid to retain the cadmium in solution. 

The crystals were soldered into self-aligning grips 
using Wood’s metal and then extended in tension to 
strains in the range 1 to 10 pct at a strain rate of 
= 107* per sec. Spurious end effects were avoided by 
using crystals with a length to diameter ratio of at 
least 5:1 and furthermore etching studies were only 
carried out in the central portion of the specimen. 
Decoration of the dislocations produced by plastic 
flow was achieved by annealing the crystals at 200°C 
for 4 hr. Tests to be described later were carried 
out to determine the effect that this anneal had on the 
properties of the brass. 

Finally the aged crystals were etched deeply in 
nitric acid and then electro-polished in a 30 pct- 
orthophosphoric acid bath at 2.4 v. After polishing 
for about 5 min, etching was accomplished by drop- 
ping the voltage across the cell to 1.0 v for 20 sec, 
the crystal being then immediately placed in a rapid 
flow of water. This wash was followed with distilled 
water and alcohol, and the specimen dried in a 
stream of dust-free air. In order to examine the pits 
produced by the above etching procedure silicon- 
monoxide replicas were made of pre-selected areas 
on the crystal surface; the replicas were shadowed 
at 45 deg with tungsten oxide. All micrographs were 
taken using a Philips 100B electron microscope 
operating at 80 kv. In all cases the surfaces repli- 
cated were at least 20u below the original specimen 
surface. Some etching studies were carried out on 
specific crystallographic planes which were prepared 


and then carefully grinding the surface to the correct 
orientation; before electropolishing, the surface was 
deeply etched with nitric acid to remove any extra 
deformation introduced by the grinding. | 

Ali crystal orientations were determined by po- 
sitioning the crystal in a two circle goniometer 
mounted on an X-ray diffractometer; CuKa radia- 
tion was used. Fig. 1 gives the orientations of the 
crystals quoted in this article; orientation of crystal 
surfaces are given in Miller Indices corresponding 
to the axes shown in Fig. 1. 


MECHANICAL TESTS 


Before considering the reliability of the etching 
technique, it is first necessary to decide to what 
extent the addition of cadmium and the various heat 
treatments are affecting the properties of the a 
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brass. A single crystal of 68/32 brass, after anneal- 
ing and slow cooling, was strained in tension using 
the same grips that were subsequently used for the 
doped crystals. The crystal yielded at a resolved 
shear stress of 1.35 kg per sq mm which is within 
the range normally reported for a brass of com- 
parable composition. Piercy, Cahn, and Cottrell’® 
tested crystals of various orientations and their 
published data indicate yield stresses between 1.2 
and 1.4 kg per sq mm. The crystal of brass was only 
strained to the yield point and after reannealing at 
700°C the specimen was quenched into iced water. 
The quenching technique was identical to that sub- 
sequently used for retaining cadmium in solution 
after annealing the doped crystals. The crystal of 
undoped brass was now found to yield at 1.60 kg per 
Sq mm,?. @., the quench raised the yield stress by 
0.25 kg per sq mm or by about 20 pct. The quench 
is therefore sufficiently rapid to affect the yield 
stress slightly, but there is no ‘‘quench hardening”’ 
effect in the normally accepted sense of the term. 
Maddin and Cottrell,® for instance, have reported 
that rapidly quenching aluminum raises the yield 
stress by as much as a factor of 4. Furthermore, 
as will be reported fully in the next section, the 
quenched crystals revealed a dislocation structure 
which was thought typical of an annealed metal. 

The effect that doping with Cd had on the yield 
stress was so slight as to be completely masked 
by the quenching treatment. The doped crystals 
yielded at stresses between 1.60 and 1.80 kg per 
sq mm, values which are not significantly different 
from those we would expect for quenched a brass. 

Before etching, the doped crystals were annealed 
for 4 hr at 200°C and a tensile test was made to 
determine the effect that this ‘‘aging’’ had on the 
mechanical properties. A similar test by Piercy, 


Cahn, and Cottrell on ‘‘pure’’ @ brass had shown that 


such an anneal produced no marked change in the 
form of the stress-strain curve but merely caused 
a small yield point to appear. This effect was also 
found; a crystal previously strained to a flow stress 
of 1.56 kg per sq mm yielded at 1.69 kg per sq mm 
after annealing at 200°C. 

There is one further factor which could invalidate 
the etching results. As the load on the crystal is 
reduced, it is possible that the dislocations produced 
by deformation undergo a significant rearrangement. 
This movement would be revealed as a reverse plas- 
tic flow on unloading the crystal. A single crystal 
of brass extended to a linear strain of about 10 pct 
did in fact show some reverse flow when the load 
had been reduced to about 1/3 of the flow stress. 
Between this stress and ‘‘no load’’, however, the 
maximum reverse strain measured was only 6 x 10°* 
which is two orders of magnitude smaller than the 
total forward plastic strain. It is therefore con- 
cluded that there is no significant change in dislo- 
cation arrangement as the crystal is unloaded.* 


*The results of the hysteresis tests referred to above will be given 
in Part II. 


To summarize the conclusions drawn from the 
various mechanical tests performed; the doping and 
various heat treatments, although influencing the 
yield stress of the crystals, are not significantly 
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Fig. 2—Primary slip cluster on crystal IX. Surface paral- 
lel to (130). Dislocations nearly pure screw. Shear = 0.011. 
X3000. 


changing the behavior of the @ brass. Furthermore, 
the tests indicate that the over-all dislocation struc- 
ture existing under load is stable on unloading. 
Therefore, it is considered that the dislocation 
structure revealed by etching is typical of deformed 
@ brass and represents very closely the structure 
that exists under load. 


DISLOCATIONS AS REVEALED BY ETCH PITS 


On all crystal surfaces examined the etching 
technique successfully revealed dislocations re- 
gardless of their degree of edge or screw character. 
The majority of pits were crystallographic with 
faces parallel to (110) planes. Isolated pits were 
about 1/4 across; but along a densely populated 
glide plane, the pits were foreshortened and in 
these cases it was possible to resolve pits only 
about 500A apart. Fig. 2 shows this effect clearly. 
Similarly in regions of high dislocation density 
the pits were reduced in over-all size and a maxi- 
mum resolvable dislocation density of about 107° 
per sq cm was possible (see, for instance, Fig. 3). 

The first check on the reliability of the etching 
technique was provided by examining the surface 
of a crystal which was quenched and aged only be- 
fore etching. Mechanical tests had shown that such 
a crystal behaved almost identically to an annealed 
crystal, and therefore, by implication the disloca- 
tion structure should be that of an annealed a@ brass 
crystal. Fig. 4 shows a typical etched area in which 
a small number of isolated pits and some well- 
developed boundaries of pits are clearly visible. The 
random pits number about 10°/cm? and the boundaries 
have an average diameter of the order 20u. Now ina 
review of available X-ray data Hirsch’° concludes 
that annealed single crystals have a dislocation 
forest density of 10° to 10° per sq cm, there being 
however some uncertainty in the case of a brass 
because of the presence of stacking faults. Thin 
films of @ brass examined in transmission at these 
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Fig. 3—Primary slip on crystal I. Surface parallel to (111). 
Dislocations nearly pure edge. Shear = 0.085. X5000. 


Laboratories have also revealed the presence of a 
low-density dislocation forest and well developed 
subboundaries. Therefore, the random pits are 
identified with the dislocation forest and the bound- 
aries of pits with small-angle dislocation walls. 
Further justification for the latter conclusion is 
provided by comparing the angular misorientations 
present in the crystal as measured by X-rays with 
the misorientation across a typical boundary re- 
vealed by etching. Assuming: that all the dislocations 
in the boundaries are pure edge, a typical tilt angle 
derived from the expression’ @ =b/h is of the order 

3 min of arc. This value is of the same order as the 
misorientation deduced from back-reflection Laue 
photographs. 

The slip-line structure of a brass strained into the 
easy-glide region has been described in a recent 
paper.” It was found that slip lines occur in clusters 
separated by areas virtually free of deformation. 
Each slip line was shown to correspond to the move- 
ment of many dislocations along a single atomic 
plane, a mode of deformation which has been termed 
‘‘inhomogeneous slip’’. Fig. 2 is typical of the etched 
structure revealed on a crystal strained into the 
easy-glide range. The similarity between this mi- 
crograph and published micrographs of slip lines on 
@ brass is immediately obvious. Instead of slip lines 
we now see rows of dislocations. Even where the pits 
on parallel slip lines overlap the presence of dis- 
crete rows is still clear. The micrograph spans a 
Slip cluster and between this cluster and its neigh- 
bors the only dislocations visible were those typical 
of annealed brass. It is not necessary to labor the 
obvious qualitative agreement between the etch-pit 
study and previous slip-line work if one assumes that 
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Fig. 4—Subboundaries and forest dislocations in annealed 
brass. X3000. 


each pit marks a dislocation. We have however been 
able to show in a quantitative fashion that a one to 
one relation exists between etch pits and disloca- 
tions. The spatial distribution of dislocations ina 
pile-up has been measured in a number of cases 
where the groups were well isolated from other dis- 
locations. Within the experimental accuracy these 
values were found to be identical with theoretical 
predictions. This result is only reasonable if a one 
to one relation exists between dislocation and etch 
pits. Furthermore, it must also be concluded that 
the stress field of a dislocation varies inversely 
with distance as has been proposed theoretically.* 


*A full report of the analysis carried out on pileups is being prepared 
and will be published shortly in Part II. 


The considerations described above combine to 
make it certain that each pit corresponds to the 
point of emergence of a dislocation and the remain- 
der of the paper will be based on this conclusion. 


DISLOCATIONS AND SUBBOUNDARIES 


The dislocation structure of annealed a brass re- 
vealed by etching was found to consist of a network 
of subboundaries and a low density random forest, 
Fig. 4. After lightly straining a crystal, it was still 
possible to etch out the subboundaries and the follow- 
ing effects have been noted. In a few instances a sub- 
boundary offered a definite impedance to the motion 
of gliding dislocations but this did not seem to be the 
general case. Fig. 5 shows an example of a sub- 
boundary blocking a dislocation pileup and Fig. 6 
shows a boundary which evidently can be penetrated 
by glissile dislocations. Gilman and Johnston” have 
reported essentially similar results to the a brass 
for subboundaries in LiF. The electron micrographs 
indicate that when a subboundary does act as a bar- 
rier then its strength is about the same as the ran- 
dom barriers to be described in a later section. 


SECONDARY AND CROSS- SLIP 


Although the majority of dislocations observed 
were found to belong to the primary slip system, 
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Fig. 5—Dislocations held up at a subboundary. X6300. 


there were many areas where small groups of 
secondary dislocations were detected. The term 
*‘secondary system’’ will be used for all slip sys- 
tems other than primary and cross-slip. From the 
orientation of the observed slip traces it is pos- 
sible to assign a definite slip plane to the disloca- 
tions. There is no absolute way to decide the Bur- 
gers vector and the following rules have been 
adopted. For dislocations lying on the primary or 
secondary Slip planes, it has been assumed that the 
dislocations will have the Burgers vector corres- 
ponding to the highest resolved shear stress. In the 
light of slip-line work all dislocations lying in the 
cross-Slip plane have been assumed to have the same 
Burgers vector as the primary system, 7.é., to be 
dislocations of the cross-slip system. Cross slip 
was also found to be widely active in agreement 
with previous slip-line work.” It has been proposed 
by various authors that secondary sources should 
operate during easy-glide; on the basis of this as- 


Fig. 7—Primary and secondary slip on crystal IX. Surface 
parallel to (321). (a) Primary slip (111) [011]. (6) Second- 
ary slip (111) [011]. Shear = 0.011. X3000. 
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Fig. 6—Interaction between dislocations and a subboundary. 
X6200. 


sumption it is possible to give a reasonable explan- 
ation of the orientation dependence of the yield stress 
and the slope of the easy-glide region for pure fcc 
metal crystals. No systematic attempt to detect such 
slip activity appears to have been attempted to date, 
it being generally considered that the slip lines pro- 
duced would not be resolvable by available tech- 
niques. By etching individual dislocations, however, 
it is possible to reveal extremely small amounts of 
slip which would not be detectable as a slip line. 

The micrographs shown in Figs. 7 and 8 are typi- 
cal of areas on which secondary slip has been de- 
tected and from these and other specimens the fol- 
lowing conclusions have been drawn. The secondary 
systems active are those under the highest resolved 
shear stress, and thus, the active systems depend on 
the crystal orientation. This can be illustrated with 


Fig. 8—Primary, cross, and conjugate slip on crystal V. 
Surface parallel to (331). (a) Primary slip (111)_ [011]. 
(b) Conjugate slip (111) [101]. (c) Cross-slip (111) (011). 
Shear = 0.038 X3800. 
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Fig. 9—A dislocation of the primary system, DB, intersect- 
ing and reacting with a forest dislocation, CD. The forest 
dislocation is pinned at P; and P,. Notation according to 
Thompson®, 


reference to Fig. 7. The axis of crystal IX lies close 
to the [001]—[101] boundary making the secondary 
system (111) [011] the most highly stressed and as 

- shown on the figure this is the secondary system 
observed. Similar considerations apply to crystal V 
in which slip on the conjugate system has been de- 
tected, Fig. 8. In addition to confirming the existence 
of secondary slip, the micrographs also provide di- 
rect evidence of the blocking of slip which arises 
when two systems intersect. Two mechanisms have 
been proposed which would give this effect, namely, 
the formation of Lomer-Cottrell barriers and the 
productions of jogs necessitated by dislocation in- 
tersection. As it is not possible to assign a definite 
Burgers vector to the secondary dislocations, the 
particular barrier mechanism is also uncertain. 
Taking the most probable Burgers vector, however, 
Fig. 8 shows dislocations of two systems capable of 
reacting to produce a Lomer-Cottrell sessile. The 
micrograph quite clearly shows that the primary 
dislocations are piled-up against the intersection of 
the two slip systems. In Fig. 7 are seen two sys- 
tems which are held up at their line of intersection 
presumably because the dislocations would become 
jogged if they were to cut through each other. 

The observations to date have revealed traces of 
secondary slip for systems on which the resolved 
shear stress was over 70 pct of the critical re- 
solved shear stress. In marked contrast we have 
observed cross-slip even in crystals where the re- 
solved shear stress on this system was as low as 
30 pet of the critical resolved shear stress; Fig. 8 
shows clearly a group of dislocations lying on the 
cross-slip plane. 

There is no obvious factor which would explain 
the large discrepancy in the stress necessary to 
activate a secondary source as opposed to a cross- 
slip source. A consideration which may be signifi- 
cant is that cross-slip dislocations can penetrate 
the primary system with greater ease than any 
secondary dislocation as has been pointed out by 
Seeger.** Thus, once some generating process has 
started in the cross-slip plane many loops should 
be produced and would, therefore, be easily de- 
tected. There is also the possibility that the loops 
of cross-slip dislocations will annihilate with prim- 
ary dislocations, again making possible the pro- 
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duction of many cross-slip loops. It does not seem 
possible to explain the occurrence of cross-slip 
during easy glide on the basis of any mechanism 
involving the movement of screw dislocations out 
of the primary plane, for at least two reasons. 
Firstly, as will be explained in the following the 
majority of pileups will contain mixed dislocations 
and the pure screw components will probably be 
very short and not subject to a concentrated stress. 
Secondly, the applied stress necessary to cause 
cross-slip is normally equated to the stress at the 
end of stage II while during easy glide in @ brass 
the applied stress is only about 1/5 of this value. 


DISLOCATION DENSITIES 


Etching an undeformed crystal has revealed a 
random dislocation forest and well developed sub- 
boundaries, Fig. 4. The etch-pit counts indicate a 
forest density between 10° and 5 X 10° per sq cm. 

It is more difficult to estimate the average dimen- 
sions of the subgrains because of the small field of 
view in the electron microscope but the observations 
indicate a mean size of the order 20 yu. The angular 
misorientation calculated for the subboundaries lies 
in the range 1 to 4 min of arc. 

There are two phenomena which are immmediately 
obvious upon examining the dislocation structure 
within a slip cluster, Fig. 3. The dislocations are 
arranged in groups and many of the groups within 
one area are made up of dislocations of the same 
sign. This is deduced by noting that many of the 
groups ‘‘point’’ in one direction. Etch-pit counts 
were made on a number of areas with the following 
results. For a brass strained into the easy-glide 
region the dislocation density p, lies in the range 
1 to 4 x 10°/cm”. There are isolated regions where 
the density may rise as high as 10° per sq cm. Re- 
cently Lomer and Rosenberg” have reported disloca- 
tion densities in deformed a@ brass deduced from 
low-temperature heat conductivity measurements. 
For a comparable single crystal at a strain of 6 pct 
the authors report a dislocation density of about 
2 x 10° per sq cm. In view of the uncertainties in 
the absolute magnitude of dislocation densities de- 
duced from conductivity measurements the agree- 
ment with the etch-pit counts is considered satis- 
factory. 


QUANTITATIVE DATA ON THE BEHAVIOR OF 
DISLOCATIONS 


In addition to the dislocation densities before 
and after deformation, two more quantities can be 
directly measured on the electron micrographs; 
they are n, the number of dislocations per group, 
and o, the density of the dislocation groups. By 
making use of additional slip line measurements 
from a recent paper” it was possible to obtain 
direct quantitative information on the behavior of 
dislocations during plastic flow in the easy glide 
range. 

From the average density of dislocations in the 
deformed crystal, py, the average length of the 
dislocation’s path, 2, follows immediately by in- 
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serting the appropriate data into the known formula 
Y = Pd i b, 


b being the Burgers vector and y the shear defor- 
mation, in our case about 0.085. With p, = 4x 10®em~? 
obtained experimentally as quoted above, & is found 
to be 80u. This value appears to be very reasonable. 
In the first approximation, the average length of a 
Slip line is L = 40, if it is believed to be due to con- 
centric dislocation loops emitted from a source; thus 
L = 4X80 y= 320u. This compares well with L = 300 yu 
observed on similar crystals. 

The number of dislocations, m, for each group can 
be taken directly from the micrographs and can be 
seen to be between 15 and 20 in Figs. 2 and 3. How- 
ever, @ the average distance between groups on the 
same active slip plane cannot be obtained by direct 
measurement because a sideways displacement of 
the etch pits by a few hundred Angstroms could not 
be detected, and one thus cannot distinguish between 
groups on the same and on neighboring slip lines. On 
the other hand, o, the number of dislocation groups 
per unit area of surface examined can easily be de- 
termined from the micrographs and is 2.8 X10’cm *.* 


*All etch pit densities used in the calculations presented here refer 
to crystal I; slip line data appropriate to the orientation of crystal I 
are taken from Ref. 26. 


The number of groups per slip line, Ng, is obtained 
by dividing the group density, o, that is, the number 
of groups per sq cm, by Z, the number of slip lines 
per sq cm, which may be found as Z = 1/L-d, if d 
represents the average distance between the slip 
lines. d had not been measured previously,” mainly 
because of the initially very irregular distribution 
of slip lines; but it may be calculated as d = s/y, 
where s is the average glide per slip line and y, as 
before, is the mean Shear strain. 

Thus we have 


Taking 5 from the paper mentioned above” as 2.5 
x 10°°cm, y = 0.085 and o=2.8X10" per sq cm, the 
average distance @ between dislocation groups on 
one active slip plane is found to be approximately 
12p. 

it is possible to check this result by applying a 
formula that makes use of another measurable quan- 
tity. The average number of dislocations per group, 
n, can be directly determined from the micrographs 
with relatively good accuracy. Consequently, an 
alternative method for determining @ becomes avail- 
able: For a more or less uniform dislocation dis- 
tribution on the slip planes, as in the present case, 
the average amount of glide per slip line, 5, equals 
half the glide in the center of a slip line if cut 
through the source. Since usually the slip plane will 
be cut in an asymmetrical position, the amount of 
glide per line will actually be somewhat less. There- 
fore, “, the number of dislocation loops per active 
slip plane will be = 25/b = u. After dividing u by” 
and multiplying by 2 (because each loop gives rise to 
two etch pits, lying in groups on either side of th 
source), we obtain 
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Inserting the same data for L,b, and § as used above 
and taking the number of etch pits per group as 
n = 17, which is about the best determination of this 
quantity, we find the distance between groups, @=L/Ngr 
= 13, in good agreement with the previous value of 

It may be added that the number of dislocation 
groups per slip line, N,,, as obtained from the above 
formulae is 25 and 23, respectively. 


NATURE OF OBSTACLES 


The observed dislocation configurations in the 
primary plane have been compared with the various 
theoretical models. It has been found that the ideas 
which agree most closely with the above observations 
are those of Kuhlmann-Wilsdorf who suggested the 
following.*” Along any active glide plane there are 
barriers against which the dislocations pile-up until 
their back stress is sufficient to temporarily prevent 
the emission of further dislocations from the source. 
Subsequent changes in the internal stresses, and not 
necessarily an over-all increase in stress level, 
would enable dislocations to pass through the bar- 
riers, thus permitting further activity by the source 
and consequent growth of the slip line. 

The etch-pit work here reported has confirmed 
the existence of barriers and direct experimental 
evidence of the continual growth of slip lines in 
a brass has been found recently.*’*® Thus two as- 
pects of the model have now been verified, namely, 
the existence of barriers along the glide plane and 
the continuing growth of slip lines. The question 
arises what the barriers to slip can be, existing in 
the crystal in sufficient numbers and strong enough 
to hold up sequences of about twenty dislocations. 
The density of groups, and therefore, by implication 
the obstacle density is of the order 5 X10° per sq cm; 
this is the density of groups in an active slip plane 
that corresponds to the mean spacing between groups 
of about 12y found experimentally. This fact alone 
excludes the simple cutting of forest dislocations as 
effective obstacles to slip because under the meas- 
ured yield stress the Frank-Read length is less than 
1p. It is inconceivable that the forest dislocations 
can support the magnified stress due to a pileup of 
about twenty dislocations. This last consideration 
gives an indication of the type of barrier required, 
namely, one that exists along a line rather than at a 
point, and we propose the following model for this. 

Assuming a random distribution of forest disloca- 
tions, then one in twelve will have the appropriate 
Burgers vector to interact with a primary disloca- 
tion in the manner proposed by Lomer?”® and Cot- 
trell.°° This arises because of the twelve possible 
slip systems, two are capable of reaction to pro- 
duce a Lomer-Cottrell sessile but only with a pri- 
mary dislocation of the appropriate sign as shown by 
Friedel.*? Now it is very unlikely that a primary 
dislocation will cut a forest dislocation lying parallel 
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to itself but even if the dislocations intersect at some 
angle, lengths of sessiles should be created.* Con- 


*After this paper had been submitted, Mr. V. Damiano drew attention 
to a paper by M. J. Whelan,! in which various interactions between inter- 


tM. J. Whelan: Proc. Roy. Soc., 1958, vol. A249, p. 114. 
secting dislocations are discussed theoretically and also some experi- 
mental observations described. The analysis given in the present paper, 


with respect to the density of barriers and barrier strength, is not sen- 
sibly affected by the more detailed considerations forwarded by Whelan. 


sider the situation illustrated in Fig. 9. A primary 
dislocation, DB, meets a forest dislocation, CD, 
pinned at P, and P,. The reacting partials exert 
strong elastic attractions which near the point of 
intersection, and subsequently near the nodes, will 
exceed the stress necessary to cause glide. Thus 
each dislocation will glide in its own plane toward 
their common line. In this way the length of barrier 
will gradually extend in the manner indicated. An 
exact calculation of the equilibrium barrier length 
is not possible as it involves the elastic interaction 
_ of nonparallel dislocations. However an order of 
magnitude estimate can be made by determining the 
configuration corresponding to a minimum total 

line energy. The forest dislocation, being pinned, 
must extend in order to react with the gliding dis- 
location. It is reasonable to assume that no increase 
in the total length of the gliding dislocation occurs 
as the barrier is formed. Under these assumptions 
it is seen that the length of sessile produced will be 
such that the uncombined segments of forest dislo- 
cation will be perpendicular to the sessile. Taking 
a forest dislocation lying at 45 deg to the intersec- 
tion of the two slip planes as typical, we may there- 
fore expect a length of barrier of about the same 
order of magnitude as the spacing between pinning 
points. The above model implies a barrier density 
of about 1/10 the forest density, namely, around 

5 X 10° per sq cm in satisfactory agreement with the 
observations. Furthermore, the proposed obstacles 
will have sufficient strength to effectively hold up 
at least twenty dislocations. Stroh has shown that 
for a Lomer-Cottrell barrier in copper the minimum 
value of at room temperature is 0.025. In 
this expression 7 is the maximum number of dis- 
locations the barrier can withstand under an applied 
shear stress, 7, and yu is the shear modulus. Thus 
inserting the appropriate modulus and the observed 
yield stress of @ brass, we see that 7 is of the or- 
der 30. In @ brass we may expect a stronger bar- 
rier than in copper as the stacking fault energy is 
lower but this will be offset to some extent by the 
gaps which will exist between the various sections 
of sessile dislocation. 

For the proposed barriers to be compatible with 
the observed inhomogeneous slip line structure it is 
necessary that when a barrier breaks down the glide 
dislocations move on their original or an adjacent 
slip plane. Should the dislocations circumvent the 
barriers by cross-slip it would clearly be impossible 
to build up a series of twenty groups along a slip line 
as was observed. However, we do not consider that 
cross-slip of screws will take place, at least during 
easy glide, for the following reason. The sessiles 
which form by reaction with primary dislocations 
lie at 60 deg to the primary Burgers vector and will, 
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therefore, be holding up dislocations of a mixed 
character. Such dislocations cannot, of course, 
cross-slip. The pure screw components of the pri- 
mary dislocations will be on the curved sections be- 
tween barriers and therefore are unlikely to be suf- 
ficiently stressed to recombine and cross-slip. To 
summarize the model of slip presented, we propose 
that dislocations from an active source in the pri- 
mary plane will glide until they intersect a forest 
dislocation of the appropriate Burgers vector where- 
upon a length of sessile dislocation will form. When 
sufficient dislocations are piled-up, the barrier will 
leak dislocations which will glide further along the 
plane (or the adjacent plane) to the next suitable 
forest dislocation. This model clearly is compatible 
with the observed dislocation structure and would 
further be in accord with the observed growth of 

slip lines. 


CONC LUSIONS 


1) The dislocation structure of annealed single 
crystals of @ brass was found to consist of a low- 
density forest and a network of subboundaries. Typi- 
cal values for the forest density are in the range 
1 to 510° per sq cm and the subboundary diameters 
are about 20u. 

2) Examination of crystals deformed into the easy 
glide region showed that where slip had occurred 
the dislocation density was between 1 and 4 x 10° per 
sq cm. 

3) The presence of slip on secondary and cross- 
slip planes was experimentally established for crys- 
tals strained only slightly beyond the yield point. 
The groups of secondary dislocations were small, 
generally containing less than ten dislocations. 

4) The most prominent feature of the primary 
dislocations was their arrangement into discrete 
groups. This was true both for dislocations on iso- 
lated slip-lines and those within slip clusters. 

Many of the groups in one region of the crystal con- 
tain dislocations of the same sign. 

5) Magnitudes for a number of parameters fun- 
damentally significant to the theory of plastic flow 
have been obtained. Directly from the micrographs 
the number of dislocations in each group and the 
density of groups intersecting the crystal surface 
have been counted and found to be 20 and 3.10" per 
Sq cm, respectively. Furthermore, by using known 
Slip-line data in conjunction with the etch-pit work, 
the number of groups along an average slip line, Ner 
the spacing between these groups, @, and the mean 
path of a dislocation, 2, have been evaluated. The 
values found are, Ng, = 25, £ * 80u and @ =12uy. 

6) A barrier mechanism, compatible with the 
observed size and density of groups, has been pro- 
posed. 
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Dislocation in Deformed Single Crystals of Alpha 


Brass. Part ll: Pileups 


An etching technique has been used to investigate the disloca- 
tion structure of deformed a-brass single crystals. Isolated single 
ended pileups have been observed, and it is shown that, in certain 
cases, the configurations of such pileups agree with theoretical 
predictions. Many discrete pileups within heavily deformed re- 
gions have also been detected and the influence of surrounding dis- 
locations on these groups are reported and discussed, Divergences 


between the experimental and theoretical spacings in the isolated 


J. D. Meakin 


pileups and the origin of the stress maintaining the pileups are 


discussed. 


Tue spatial configuration of a linear array of 
identical dislocations has been evaluated theoret- 
ically by Eshelby, Frank, and Nabarro.* Of par- 
ticular interest is the equilibrium spacing of a 
series of dislocations under a uniform shear stress 
when the leading dislocation is held fixed in the 
lattice; such an array is termed a single ended 
pileup. Eshelby, Frank, and Nabarro’ found that 
an explicit analytical solution to the problem of x 
dislocations in a pileup is not possible, but they 
were able to derive approximate formulae appli- 
cable under various limiting conditions. An al- 
ternative method of determining the equilibrium 
configuration was proposed by Leibfried’ and 
Leibfried and Haasen® in which the discrete dis- 
locations are replaced by a continuous dislocation 
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density. This technique was used by Head and 
Louat* to solve in first approximation, a number 
of problems of particular interest, e.g., single and 
double ended pileups. Head® has also solved nu- 
merically a number of specific configurations in- 
volving up to six dislocations. Recently Kuhlmann- 
Wilsdorf’ has obtained numerical solutions for 
single-ended pileups containing between three and 
seventy dislocations, thus making possible a com- 
parison between appropriate experimental results 
and accurate theoretical values. 

The considerable use of the pileup concept in 
theories of plastic flow has stimulated a number 
of attempts to observe such arrays experimentally. 
There is of course considerable intrinsic value in 
revealing an isolated pileup because a direct check 
on the elastic theory of dislocations then becomes 
possible. The only technique generally applicable 
for studying pileups in bulk metal specimens is 
selective etching of the point of emergence of in- 
dividual dislocations. 

Confining our attention to etching studies which 
have revealed pileups, the earliest reported work 
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was that by Jaquet” on polycrystalline a-brass. His 
published light micrographs show a number of pile- 
ups, some of which are well isolated from other 
dislocation groups. Bilby and Entwisle® extended 
the boundary conditions covered by the earlier ap- 
proximations* and showed that the distribution of 
dislocations in the pileups in brass agreed well with 
theory. However, although it proved reasonable to 
identify each etch pit with a dislocation, in order to 
obtain acceptable agreement between theoretical and 
experimental spacings a further assumption was 
necessary. These authors were forced to postulate 
that a significant number of dislocations at the head 
of the pileup had not been revealed by the etch. Even 
with this proviso there remained a slight but definite 
deviation between the experimental and theoretical 
positions of the dislocations. 

In the course of an etching study on zinc single- 
crystals Gilman® also observed a number of single 
ended pileups. Using the parabolic approximation 
_ of Eshelby et al.’ for a pileup containing many dis- 
locations, Gilman was able to show good agreement 
with theory for a pileup containing about seventy 
dislocations. Again, however, in order to give good 
fit between theory and experiment, it proved neces- 
sary to assume that a significant number of disloca- 
tions at the head of the pileup were not visible. 

The main difficulty associated with an etch-pit 
study of dislocations in metals is that, under nor- 
mal flow stresses, the pits tend to be large in com- 
parison to the spacing of dislocations. Thus, par- 
ticularly at the head of a pileup, many dislocations 
may be obscured. In a previous paper,*° hereafter 
referred to as I, the authors described an etching 
technique for a-brass which is capable of resolving 
dislocations separated by as little as 500A. Using 
this technique on lightly strained single crystals of 
a-brass it has proved possible to reveal apparently 
all the dislocations in a pileup. In a number of 
cases excellent agreement between theoretical and 
experimental spacings has been obtained. In addi- 
tion, the modifications to the ideal configuration 
introduced by the presence of adjacent groups and 
the origins of the stresses holding the dislocations. 
in place have been investigated. 


EXPERIMENTAL METHODS 


A complete description of the experimental tech- 
nique has already been given in I and only a brief 
outline will be presented here. Cylindrical crys- 
tals of a-brass having a diameter of 7/4 in. and 
containing approximately 0.6 pct of Cadmium were 
homogenized at 700°C and subjected to a mild quench 
in iced water. The crystals now containing the Cad- 
mium in solid solution were strained in tension to 
various extents in the easy-glide region. Following 
an aging treatment at 200°C the crystals were elec- 
tropolished and etched in a phosphoric acid bath; 
the etch pits produced by this treatment were ex- 
amined using SiO single-step replicas shadow cast 
with tungsten oxide. 

One mechanical test not previously described was 
carried out to determine the extent of reverse plas- 
tic flow on unloading a crystal. A single crystal of 
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brass was mounted in the tensile machine as de- 
scribed in I and a differential transformer exten- 
someter attached directly to the specimen. This 
device is capable of detecting extension increments 
of 5 x 107° in. and by means of an external balancing 
transformer, total extensions in excess of 0.2-in. 
can be accommodated. A series of tests were car- 
ried out in which the crystal was strained various 
extents into the easy-glide range, and the reverse 
plastic flow on unloading measured. Significant 
amounts of reverse plastic flow were detected. 


EXPERIMENTAL RESULTS AND COMPARISON 
WITH THEORY 


Each dislocation in a pileup, with the exception 
of the first, is in equilibrium under the combined 
action of the effective external stress 7 and the 
elastic stress fields of the other dislocations. Con- 
sider n identical dislocations lying in the xy plane, 
parallel to the y axis. Let the dislocations be num- 
bered 1, 2,...%,.... The first dislocation, z = 1, 
is held fixed in the lattice at x = 0. If 7 is the re- 
solved shear stress parallel to the Burgers vector b 
and in the slip plane, then F the net force per unit 
length on any one of the dislocations for instance, 
the j*®, is given by 


i#j 
In this expression A = + [v/(1— v)] sin’} 
where ¢ is the angle subtended by the Burgers vec- 
tor and the dislocation axis and v is Poisson’s ratio 
which was taken to be 0.35. Thus A = ub/2za and 
ub/|[27 (1 — v)| for pure screw and pure edge dis- 
locations respectively. u is the appropriate shear 
modulus, i.e., for shear in the [110] (111) system; 
the value of Ff for a brass was found to be 3.6 x 10° 
kg/mm? using similar expressions to those derived 
by Hearmon”™ and the published elastic coefficients. 
The above expression for A is derived using the 
isotropic elastic theory and is only an approxima- 
tion for real crystals. Eshelby, Read, and Shock- 
ley** and Foreman™ have developed accurate ex- 
pressions for A which take account of elastic 
anisotropy, however, their results can only be 
applied to certain specific dislocations. For an 
fec crystal an accurate value of A can be obtained 
in the case of a pire screw dislocation and a mixed 


12 


Fig. 1—Pileup (2) on crystal X. Dislocations of mixed 
character. X14,000. Reduced approximately 35 pet for 
reproduction. 
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Fig. 2—Pileup (3) on crystal IX. Dislocations nearly pure 
screw. X6000. Reduced approximately 35 pct for repro- 
duction. 


dislocation where ¢ = 60 deg. Using the appropriate 
parameters for a brass the accurate value of A 
agrees exactly with the isotropic theory for a pure 
screw dislocation and is 20 pct greater for the 
mixed dislocation. In view of the uncertainty in @ 
and the complexities associated with the anisotropic 
theory, the simple isotropic expression for A has 
been used throughout this paper. 

It is readily seen that the equilibrium of a pileup 
can be expressed as (x — 1) simultaneous equations 
of the form 


1 
A x; —%; [1] 


t=1 


i#j 


Eshelby et al.* have shown that this problem cannot 
be solved for the general case but these authors 
derived various approximations, applicable under 
certain boundary conditions. In particular, the so- 
lution for a large, many dislocation, pileup can be 
expressed in the following way: 


Ar @= [2] 


*i 

This approximation will not be utilized here as 
the accurate values of x,, for all the pileups de- 
scribed have been obtained by electronically cal- 


culated solutions to the series [1/(x; —x;)] = 1 
for values of m between 3 and 70.° In Figs. 4 and 5, 
the divergence between the numerical and approxi- 
mate solutions has been illustrated for two pileups. 

Isolated Pileups—Fig. 5 in Part I and Figs. 1 
and 2 of this paper show isolated single-ended 
pileups. For the sake of clarity only the section 
of the micrographs containing the pileup is repro- 
duced. Pileups 2 and 3 are at the center of a dis- 
location free area with a radius at least equal to the 
pileup length. Pileup number 1 is adjacent to a sub- 
boundary which would not be expected to exert a 
long range stress field. It is therefore, reasonable 
to consider only those stress fields associated with 
the dislocations comprising the pileup. 

Before a high accuracy solution to the equations 
for a pileup became available, a numerical analysis 
was applied directly to the experimentally observed 
dislocation spacings. As was shown above, Eq. [1], 
_ the resultant shear stress on any one dislocation in 
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Fig. 3—The resultant shear stresses on the dislocations 
in pileup (1) derived by numerical integration. 


a group due to all the others is given by 


=A 

Thus, if the group is in equilibrium under a uniform 
shear stress, 7, the summation should give a con- 
stant value, of magnitude 7, except for the case 
j =1. The result of a numerical integration carried 
out on pileup 1 is illustrated in Fig. 3, and given in 
Table I are mean values of 7 derived for this and 
other groups. Near the head of the pileup the rela- 
tive error in (x; —x,) is large and therefore the 
values of 7 in this region show considerable scatter. 
Clearly the mean stress obtained by numerical in- 
tegration should be identical to that derived by fit- 
ting the éxperimental points to the theoretical curve; 
within experimental error this was found to be true. 

The fit between the experimentally observed dis- 

location positions and theory is illustrated in Figs. 4 
and 5. For ease of representation the theoretical 
spacings are shown as a smooth curve; this curve 
is only physically meaningful at the points = 1, 2, 
and so forth. The values of 7 corresponding to the 
best fit between theoretical and experimental spac- 
ings are given in Table I together with other perti- 
nent data. Also in this table are given values of T 
for some other pileups which, as illustrated in 
Fig. 6, show deviations from the theoretical spac- 
ings. Of this latter group pileups 5, 6, and 7 were 
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Fig. 4—Comparison between the experimental and theo- 
retical dislocation configurations for pileups (1) and (2). 


VOLUME 218, AUGUST 1960-747 


9 

8 
E.F.N. APPROXIMATION ————3~= (3) 
z 

A 
ge 
7 
° 

< 
x 3 #0 
ra 

2 

(0) | 2 im} 4 5 6 7 8 

Xj (pt) 


Fig. 5—Comparison between the experimental and theo- 
rectical dislocation configuration for pileup (3). 


apparently well away from other dislocations and, 
as would be expected, the deviations from theory 
are somewhat less pronounced than for pileups 4 
and 8 which are not so well removed from inter- 
fering dislocations. Pileup number 4 is shown in 
Fig. 7 where it is evident that the single disloca- 
tion close to the pileup atz = 14 is influencing the 
configuration; also of course, the neighboring slip 
cluster would be expected to have some effect on 
the spacings in the pileup. Curve 4a is given in 
order to indicate the sensitivity of the theoretical 
spacings to the assumed value of 7. Curve 4, which 
is for a stress of 0.24 kg per sq mm, should be 
compared with 4a which corresponds to a 25 pct 
lower stress, namely 0.18 kg per sq mm. 

Where a divergence between experiment and 
theory occurred, it was found to be always in the 
same sense and to parallel the effects observed for 
groups within slip clusters. These observations are 
fully described in the next paragraph. 

Pileups within Slip Clusters—Figure 8 illustrates 
a well defined pileup within a slip cluster. The var- 
iation in stress along such a group due to disloca- 


Table |. Experimental Data for lsolated Pileups 


No. of Shear Stresses, 
Index No. Dislocations Kg/mm? 
of Pileup Crystal in Pileup 
1 I 12 86 0.82 0.80 - 
2 x 6 54 0.51 0.52 2.01 
5 IX 8 15 0.21 0.20 1.76 
4 IX 23 15 0.21 0.24 1.76 
5 IX i 15 0.20 0.25 1.76 
6 Vv 20 30 0.27 0.32 1.64 
7 VII 10 30 - 0.29 1.83 
8 IX 15 78 0.59 0.66 1.76 


¢ is the angle subtended by the dislocation axis and the undissoci- 
ated Burgers Vector, a/2<110>; ¢ was calculated with the assumption 
that the dislocations meet the surface in a perpendicular direction. 7, is 


the shear stress acting on the pileup evaluated by numerical integration. 


T, is the stress corresponding to the best fit between the experimental 
and theoretical dislocation spacings. 7, is the externally applied stress 
under which the pileup was formed. 
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Fig. 6—Experimental and theoretical spacings for various 
pileups. 


tions in adjacent slip planes must be considerable, 
and thus the experimentally observed spacings will 
vary from those for an isolated pileup. However, 
by choosing various values of 7 the experimental 
and theoretical values of x; can be made to coin- 


cide either towards the head or the tail of the group. 


For example, as illustrated in Fig. 9, a high value 
of 7 can be used such that the positions of disloca- 
tions in the tail of the group coincide with theory. 
No physical significance can be attached to the par- 
ticular stress chosen, but the comparison does al- 
low one conclusion to be drawn. The deviation 
between theory and experiment for nonisolated 
pileups is such that the spacings along the group 
are too uniform. Expressed alternatively, near the 
head of the pileup the dislocations are too far apart 
in comparison with those in the tail. A number of 
dislocation configurations in the surrounding lattice 
which could cause this are discussed in the fol- 
lowing. Numerical values for the spacings in six 
groups of nearly pure edge dislocations are listed 
in Table II. 

Hysteresis—A hysteresis loop caused by unload- 
ing and reloading a crystal previously extended by 
8.2 pct in the easy-glide region is illustrated in 
Fig. 10. The sections marked AB and CD are 
purely elastic and have a slope in agreement with 
the published elastic coefficients of a brass. Sec- 
tion BC represents a reverse plastic flow. The 


Fig. 7—Pileup (4) on crystal IX. X3000. Reduced approx- 
imately 35 pct for reproduction. 
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Fig. 8—A well-defined dislocation group within a slip 
cluster. Crystal IX. Dislocations nearly pure screw. 
X4000. Reduced approximately 35 pct for reproduction. 


amount of reverse plastic flow is equivalent to a 

shear on the operative glide system of 9 x 10-* for 
the loop considered. The tests made were not suf- 
ficient to determine quantitatively the relation be- 


tween total forward strain and reverse shear. 
Qualitatively it was found that within the easy glide 
region, the amount of reverse flow increases with 
the total forward strain. The results of the limited 
number of tests made on @ brass parallel the ef- 
fects reported by Roberts and Brown” for zinc 
Single crystals. 


DISCUSSION 
Isolated Pileups—An analysis of the dislocation 


configurations in isolated pileups has shown that the 


effective stress holding the groups in the lattice 
varies between 0.20 and 0.80 kg per sq mm. Ex- 


Table Il. Dislocation Spacings for Pileups in Slip Clusters 


Index No. 
eae Dislocation Position, x; in Microns 

ar 0 0 0 0 0 0 
0.11 0.10 0.09 0.15 0.10 0.11 
3 0.26 0.12 0.18 0.26 0.18 0.18 
“ 0.41 0.25 0.24 0.43 0.28 0.25 
> 0.56 0.40 0.35 0.55 0.41 0.36 
6 0.76 0.56 0.44 0.66 0.51 0.48 
a 0.98 0.70 0.55 0.78 0.63 0.62 
8 1.18 0.89 0.68 0.88 0.76 0.74 
9 1.39 1.03 0.81 0.99 0.88 0.85 
10 1.63 1.29 0.95 1.09 0.94 0.98 
11 1.84 1.49 1.09 1B! 1.06 112, 
12 2.09 1.69 1.23 1733 1.19 1.23 
13 1.94 1.36 1.48 1.33 1.35 
14 2.24 1.51 1.59 1.50 1.50 
15 2.50 1.65 1.78 1.80 1.63 
16 2.81 1.79 1.99 2.03 1.78 
17 3.13 1.93 Dao 2.19 1.94 
18 3.47 2.06 2.56 2.35 2.09 
19 3.94 ZAON, 2.75 2.56 2.28 
20 4.48 2.36 2.98 2.70 2.43 
21 2.53 3.19 2.88 2.66 
22: 2.70 3.40 3.08 2.94 
23 2.86 3.61 3.28 3.25 
24 etal 3.81 3.45 3.50 
25 3.34 4.01 3.66 Sane 
26 3.66 4.13 3.83 4.00 
27 3.95 4,24 4.04 4.44 
28 4.54 4.26 4.69 
29 4.44 5.00 
30 4.83 5.65 
6.19 
32 6.57 
33 7.07 
34 
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Xj 

Fig. 9—The deviation between the ideal pileup configura- 


tion and a group of dislocations within a slip cluster. The 
dislocation group is seen at the center of Fig. 8. 


amination of the data in Table I further indicates 
that this stress varies systematically with ¢, 7.e., 
with the character of the dislocation, but is other- 
wise insensitive to the experimental variables; 
e.g., the particular crystal or surface examined, 
the total strain, the number of dislocations in the 
group, and so forth. It must, therefore, be con- 
sidered unlikely that the stress maintaining the 
pileup is associated in any way with a random in- 
ternal stress. Rather the evidence indicates that 
the stress is intimately associated with the dislo- 
cations comprising the pileup; the dependence of 
stress on dislocation character follows naturally 
from this assumption. It will now be shown that 
the stress maintaining the pileups can be most 
reasonably interpreted as arising from a fric- 
tional force acting on the individual dislocations. 
Various possible mechanisms of dislocation 
locking in a substitutional alloy have been pro- 
posed, notably Cottrell locking,*® electrical inter- 
action,’” chemical locking,*® and locking due to 
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Fig. 10—A hysteresis loop caused by unloading and re- 
loading a crystal in the easy-glide region. 
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Fig. 11—Dependence of locking stress on the nature of 
the dislocation. ¢ is the angle subtended by the disloca- 
tion axis and the Burgers vector. 


short-range order.’® In a recent paper Suzuki” 
has reviewed the previous work and extended the 
theories in some cases. Two modes of locking can 
arise from the dilatation associated with a dislo- 
cation; Cottrell locking which is due to elastic 
interaction between solute atoms and the disloca- 
tion, and electrical interaction due to changes in 
electron density around the dislocation. Both these 
locking mechanisms are strongly dependent on the 
dislocation character as the amount of dilatation is 
markedly greater for edge dislocations than for 
screws. In fcc alloys the glissile dislocations are 
dissociated and locking may arise due to chemical 
interaction between solute atoms and the stacking 
fault between the partials. Finally, resistance to 
the motion of a dislocation may be caused by a de- 
gree of short range order in the lattice; movement 
of a dislocation would leave a trail of reduced order. 

Suzuki” has concluded that the hardening due to 
either chemical interaction or short-range order 
differs in two significant ways from locking asso- 
ciated with the dilatation around a dislocation. — 
Firstly, the degree of locking does not depend on 
the nature of the dislocation, and secondly, the 
locking strength varies only slightly with temper- 
ature. Thus, the experimentally observed variation 
of locking strength with dislocation character sug- 
gests that the main effect is either electrical in- 
teraction or Cottrell locking. Of these two, the 
first may be considered unlikely as it has been 
shown that in Cu-Zn alloys the elastic interaction 
is greater than the electrical by a factor of about 
seven.*” A more detailed examination will now be 
made of the locking force, and it will be shown that 
the experimental data can be rationally interpreted 
in terms of Cottrell locking. 

The analysis carried out by Suzuki” forecasts 
that the degree of Cottrell locking on a dislocation 
varies as the square of the edge component of the 
Burgers vector. Thus, the effective locking stress 
on a dissociated dislocation, Tr, Which is equal to 
the sum of the locking on the partials, will be given 
by an expression of the form 


Tp «(2— cos 2¢), 
where ¢ is the angle subtended by the dislocation 
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axis and the total Burgers vector a/2 <110>. The 
agreement between the experimental values of 7 
and the above expression is illustrated in Fig. 11. 

Suzuki’s”° analysis also allows an estimate of the 
magnitude of 7, to be made for Cottrell locking in. 
a copper alloy. The published results for a brass 
show that at 0° K the magnitude of the locking stress, 
To, is 3.5 kg per sq mm. In order to estimate the 
effective locking stress at some finite temperature, 
it is necessary to select an activation energy above 
which significant motion ceases. At the aging tem- 
perature of 200°C this limiting activation energy 
may be estimated at 0.85 ev. From Fig. 2 of 
Suzuki’s”° paper it can then be seen that the ef- 
fective locking stress is of the order 0.4 kg per 
sq mm; i.e., T/T, = 0.11. This stress agrees 
satisfactorily with the locking stresses found ex- 
perimentally; namely, 0.2 — 0.8 kg per sq mm. 

Thus, it is apparent that the experimental ob- 
servations on isolated pileups can be interpreted 
in terms of Cottrell locking. It will also be shown 
that the results of experiments on reverse plastic 
flow can be interpreted as evidence for a frictional 
force acting on the dislocations. 

Pileups within Slip Clusters—The pileups observed 
by etching have, in certain cases, correlated well 
with the elastic theory of dislocations. Some of the 
apparently isolated groups and all groups within slip 
clusters show systematic deviations from the ideal 
configuration. One possible reason for this devia- 
tion will be investigated in the light of available ex- 
perimental evidence. It was shown previously 
(Part I) that, within any one area of a slipped region, 
the majority of dislocations are of the same sign. 
Consider an idealized section of a slip cluster 
shown in Fig. 12; the applied shear stress, or ef- 
fective pinning stress, is represented by T,. Var- 
ious pileups are shown in relation to a particular 
pileup AB and illustrated schematically are the 
stress fields of the groups (1) and (2) in the region 
AB. It is readily seen that both group (1) and (2) 
reduce the effective stress at A with respect to the 
stress at B and as a consequence the spacing of 
dislocations is changed in the way observed ex- 
perimentally; z.e., the dislocations near the head 
of a pileup are more widely spaced than predicted 
by the theory. Pileup (3) will also have similar, 
equalizing, effect on the spacings within the group 


(3) 


£ 
(1) (A) (B) (2) 
T 

12 

Tho 


Fig. 12—Idealized dislocation structure of a slip cluster, 
and the associated stress distribution acting on a pileup. 
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AB as the dislocation configuration now resembles 
two parallel walls of like dislocations. It can, 
therefore, be seen that the dislocation structure 
observed in a slip cluster provides a reasonable 
explanation of the detailed form of the pileups com- 
prising the cluster. Similarly, it is reasonable to 
assume that deviations from ideal behavior ob- 
served for apparently isolated groups are due to 
neighboring dislocations that escaped detection. 

A number of other factors could be proposed to 
explain the observed deviations from ideal behavior 
for dislocations in a slip cluster, but the above is 
preferable as it is based on experimental observa- 
tions. In the appendix to this paper an alternative 
mechanism that is also applicable to truly isolated 
pileups, is considered. 

Reverse Plastic Flow—The evidence of a reverse 
plastic flow indicates that the dislocations are able 
to move backwards to some significant extent when 
the crystal is unloaded. The experimental results 
illustrated in Fig. 10 allow both the amount of re- 
verse strain and the stress at which reverse flow 
commences to be measured. For the hysteresis 
loop at 8.2 pct forward strain, these values are 
9 x 107* and 0.67 ke per sq mm, respectively. A 
simple analysis will be performed to show that 
these two values are in accord with observations 
made on individual dislocations using the etch pit 
technique. 

The results reported in a previous paper (Part I) 
clearly show that within a slip cluster the disloca- 
tions are arranged in discrete groups. Further- 
more, a study of isolated pileups in unloaded crys- 
tals has shown that each dislocation within a group 
is in equilibrium under the combined action of the 
elastic stress fields of adjacent dislocations and a 
significant frictional force. Thus at the flow stress 


the equilibrium of any dislocation will be determined 


by three stresses; namely, the applied stress, 74, 

the frictional stress, 7;, and the elastic stress due 
to neighboring dislocations 7T¢. In equilibrium the 
following equality must apply: 


G F 


On reducing the applied stress the frictional force 


will now oppose backward movement of the disloca- 
tions and will prevent their motion until 


where 7’ is the applied stress at which reverse 
plastic flow occurs. On the basis of the above anal- 
ysis it is seen that tT, is given by 7/2(T, A 
second way of estimating 7, from the hysteresis 
loop makes use of the stress at which forward plas- 
tic flow occurs. Under zero load the dislocations 
will have moved backwards until the elastic and 
frictional forces are equal. On reloading the crys- 
tal, plastic flow should commence at a stress 7,’ 
such that 


= 2Tp 


The hysteresis loop illustrated in Fig. 10 gives 
the values 2.42, 0.67, and 1.75 kg per sq mm for 
T4, 74, and 74’, respectively. Thus the two es- 
timates of 7;, namely, 0.88 and 0.87 kg per sq mm, 
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agree satisfactorily. Furthermore, considering the 
simplifying assumption made in the above analysis, 
the value of 7; obtained from the hysteresis meas- 
urements is in reasonable agreement with that de- 
rived from the pileup studies, namely 0.2 to 0.8 kg 
per sq mm. 

Finally, it is necessary to establish that that 
amount of reverse shear is reasonable in the light 
of the known dislocation structure. During easy 
glide a slip cluster contains about 2 x 10’ disloca- 
tion groups per sq cm, each group containing about 
20 dislocations.*® At the flow stress each group will 
be about 2 long and will relax to be about 9» long 
when the load is removed. Assuming that all the 
groups relax to this extent, the amount of reverse 
shear, y, , is given by 


y, = o-nb-l 


where o is the group density, m the average number 
of dislocations in each group and 7 the average dis- 
tance moved by the center of gravity of a group. In- 
serting the experimental values, y, is found to be 
about 5 x 107° or a factor of five larger than the 
measured reverse flow. This result is reasonable, 
however, as the calculation is based on the assump- 
tion that all the groups relax fully. Within a slip 
cluster many of the dislocations will be impeded by 
the stress fields of adjacent groups and will not, 
therefore, be able to relax completely. 


CONC LUSION 


1) Isolated pileups have been observed and in 
certain cases the dislocation spacings in the groups 
are shown to agree with theoretical predictions. 

2) Discrete dislocation groups have been de- 
tected in slip clusters and the modifications to the 
ideal pileup configuration caused by adjacent dis- 
locations have been investigated. 

3) The origin of the stress holding a pileup in 
position has been examined, and it is shown that 
the most reasonable explanation is in terms of a 
frictional force acting on the individual disloca- 
tions. 

4) An analysis of the observed pileups has in- 
dicated that the effective frictional force is about 
three times larger for an edge dislocation than for 
a screw dislocation. The frictional stresses vary 
from about 0.2 kg per sq mm for pure screw dis- 
locations to 0.8 kg per sq mm for pure edge dis- 
locations. 

5) It has been shown that the experimental re- 
sults can be interpreted in terms of Cottrell lock- 
ing of extended dislocations. 
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APPENDIX 


It has been shown that the observations on pileups 
in a brass can be reasonably interpreted in terms 
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Fig. Al—Restoring stress on a dislocation as a function of 
the displacement of dislocations from the equilibrium po- 
sition. 


of Cottrell locking of the individual dislocations. In 
a number of cases slight but systematic deviations 
from the ideal pileup configuration have been noted 
which could possibly be attributed to adjacent dis- 
locations. It will here be shown, in a qualitative 
manner, that the deviations may also arise as a 
consequence of the particular nature of the locking 
force and the way in which the pileups form. In as 
far as the mechanism proposed in the following is 
applicable to an isolated pileup, it is preferable to 
that involving extra dislocations around the pileup, 
for which in many cases there is no experimental 
evidence. 

At any finite temperature the movement of a 
dislocation surrounded by a Cottrell atmosphere 
is a stress and thermally activated process. Suzuki” 


has shown that the effective activation energy falls 
very rapidly with increasing stress, and thus the 
speed of motion of a dislocation varies rapidly with 
the applied stress, at least at low stress levels. 
(At high stresses the dislocation may escape com- . 
pletely from its atmosphere and other factors then 
become rate controlling.) There is no stress at 
which motion ceases but only a stress at which, 
within the experimental limits, dislocation motion 
becomes negligible. The pileups observed are 
known to have relaxed from the spacings existing 
under load, and we will now determine whether the 
dislocations should run back into an ideal pileup 
configuration, taking into account the limits on 
dislocation velocity outlined above. 

Consider any individual dislocation in an ideal 
pileup. If the dislocation is displaced slightly, a 
restoring stress 60 acts on the dislocation in the 
opposite sense to the displacement. A general ex- 
pression for the value of 60 as a function of the 
displacement, 5x and index number of dislocation, 
i, cannot be given but a numerical solution for a 
pileup of six dislocations has been obtained. Fig. Al 
shows the result of this calculation for displace- 
ments towards x = 0. The pileup is in equilibrium 
under a stress of unity. It may be seen that a fixed 
value of the restoring stress corresponds to frac- 
tional displacements in position that increase with 7. 
Thus, dislocations at the tail of the pileup move 
more slowly than those near the head for a fixed 
fractional error in position. It follows that, at any 
instant during the relaxation of a pileup, the dis- 
locations of low index number will be relatively 
nearer to the ideal positions than those of high 
number. This conclusion is in agreement with the 
experimental observations and thus a plausible ex- 
planation of the observed deviations from ideal be- 
havior can be given in terms of the particular 
characteristics of Cottrell locking. 
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The Isothermal Transformation of Eutectoid Beryllium 


Bronze at High Temperatures 


The transformation of eutectoid beryllium bronze has been 
quantitatively investigated at 550° and 592°C, the temperature 
region where the products of 8 decomposition are a fine lamel- 
lar eutectoid and a coarse lamellar aggregate which replaces — 
the fine eutectoid with prolonged annealing. Metallographic 


evidence indicates that the coarse lamellar aggregate forms 
preferentially in the most densely lamellated regions of the 
fine eutectoid and favors the hypothesis that the development 
of the coarse lamellar aggregate in the fine eutectoid is due 
to the occurence of a cellular segregation reaction. 


Wien eutectoid beryllium bronze (Cu-94 pct, Be-6 
pet) is isothermally transformed at high tempera- 
tures in the wand y region after quenching from the 
field, the principal initial decomposition process is o 
one of growth of approximately spherical nodules 
composed of a number of lamellar colonies of the 
aand yphases. After the initial reaction has pro- 
ceeded substantially or completely, depending on 
the transformation temperature, a second reaction 
occurs wherein the fine lamellar eutectoid is re- 
placed by a coarser lamellar aggregate composed 
of the Same aand y phases.’ This reaction is not 
simply a spheroidization of the initial fine eutectoid 
but the nucleation and growth of a coarser, struct- 
urally different, and more stable distribution of the 
qand yphases. Fig. 1 illustrates the replacement 
of the initial fine lamellar structure by a coarse 
lamellar aggregate. The @ phase is the dark mott- 
led constituent; the light constituent the y phase. 

The phase diagram for. the copper-rich end of 
the Cu-Be system? is shown in Fig. 2. The a phase 
has the face-centered cubic structure characteris- 
tic of copper-rich solid solutions. The £ phase is 
a disordered body-centered cubic structure, while 
the y phase is body-centered cubic, ordered (CsCl, 
B2 type). 

A. Viswanathan’ investigating Debye patterns 
of Cu-6 pct Be discovered that a transitory phase 
appeared on very rapid quenching from the f re- 
gion which was absent when the quenching velocity 
was moderate. The phase could be assigned a body- 
centered cubic structure with a lattice parameter of 
2.87A. Tempering at 100°C for 2 hr after quenching 
resulted in complete disappearance of the phase. 

The work of Fillnow and Mack’ is the only pre- 
viously published study of the isothermal trans- 
formation of eutectoid beryllium bronze. Their 
study elucidated the nature of decomposition at 
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various subcritical temperatures in an exploratory 
fashion. The purpose of the research reported in 
this paper was principally to obtain quantitative in- 
formation on the isothermal decomposition of the B 
phase and to clarify the relationships existing be- 
tween the fine lamellar eutectoid and the coarse 
lamellar aggregate. 


EXPERIMENTAL PROCEDURE 


The material used in this investigation was an al- 
most eutectoid Cu-Be alloy bar furnished by D.J. 
Mack.* The alloy had been melted under a protec- 
tive carbon cover and centrigugally cast into a 
graphite mold preheated to 490°C. Segregation was 
minimized by violent agitation during melting and 
pouring. The analysis of the casting was 93.85 pct 
Cu, 5.60 pct Be with traces of Si, Mg, Mn, Co, and 
Al. 

To determine the minimum soaking time neces- 
sary to insure specimen homogeneity, a number of 
specimens were held in the 6 region at 788°C for 
times fron 1 min to 12 hr and isothermally trans- 
formed at 550°C. Specimens betatized less than 12 
min exhibited partial transformation at times shorter 


Fig. 1—Electron photomicrograph illustrating the replace- 
ment of the fine eutectoid (center) by the coarse lamellar 
aggregate (bottom left and bottom right). 2 hr at 550°C after 
betatizing at 788°C. X13,000. Reduced approximately 46 pct 
for reproduction. 
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- Fig. 2—Phase diagram for the copper rich end of the Cu-Be 
system. 


than 3 sec at 550°C, whereas only traces of trans- 
formation occurred with specimens betatized longer 
times. 

For each specimen small plates of the alloy ap- 
proximately 1/4 by 1/4 by 3/32 in. were cut from 
the bar and wired to steel handling rods for ease 
in subsequent heat treatment. For isothermal so- 
journs of less than a minute the specimens were 
heat treated in an apparatus employing electrical 
timing devices to insure reproducibility of results 
at short times. The apparatus has previously been 
employed in kinetic studies of austenite decomposi- 
tion.°,° For isothermal sojourns of more than a 
minute the heat treatment was carried out manually 
using a betatizing furnace exposed to the atmosphere, 
a lead pot, and a water quench. The betatizing fur- 
nace was held at 788 + 10°C and the lead pot within 
2°C of the transformation temperature. A negligi- 
ble amount of surface oxide (less than 0.001 in thick) 
formed as a result of exposure to the atmosphere 
during the betatizing treatment. However, a consid- 
erable amount of oxide developed when specimens 
were held unprotected at the transformation temp- 
erature in the lead pot for periods over 90 hr. All 
specimens treated for such long times were first 
capsuled in Vycor under an initial vacuum of about 
5 X 10-°mm Hg and this eliminated the problem. 

Specimens were mounted and polished in the con- 
ventional manner and etched with a 1 pct chromic 
acid solution used electrolytically with an aluminum 
cathode. Electron photomicrographs were taken 
using collodion replicas supported for stripping pur- 
poses with polyvinyl alcohol and shadow cast with 
chromium. Lineal analysis to determine the rela- 
tive amounts of various constituents was accom- 
plished with a metallurgical microscope fitted with 
a dual acting micrometer stage and an oil immersion 
objective. 

Preliminary experiments revealed that 550°C was 
the lowest temperature at which the 6 phase decom- 
posed into fine eutectoid at a rate which was not too 
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Fig. 3—Reaction curve for eutectoid beryllium bronze at 
550°C pet B decomposition vs sojourn time. 


rapid to be quantitatively studied by the proposed 
techniques. Investigation at this temperature level 
suffered the inconvenience that the fine eutectoid was 
totally unresolvable with the light microscope, and 

the irregularity and indefiniteness of the boundaries 

of the coarse lamellar aggregate subsequently formed | 
was such that satisfactory lineal analysis could not | 
be performed. A higher transformation temperature 

at which both the fine and coarse lamellae were re- 
solvable was required, but not so high that the lam- 
ellar mode of transformation of the 6 would be al- 
tered, as occurs above about 600°C. The temper- 
ature of 592°C conveniently satisfied these restric- 
tions. 

Isothermal Transformation at 550°C—The re- 
action curve, Fig. 3, for decomposition of the B phase 
was determined by lineal analysis using a Series of 
specimens betatized at 788 + 5°C and reacted for 
various periods at 550 +2°C. The product of B de- 
composition was dark etching, Fig. 4 which facilit- 
ated the lineal analysis. 

It is apparent from the reaction curve that the de- 
composition is very rapid at this temperature. True 


4 


Fig. 4—Illustrating the initial transformation at the grain 
boundaries and the intragranular formation of fine eutectoid 
nodules. 7 sec at 550°C. X100. Reduced approximately 36 
pet for reproduction. 
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Fig. 5—Relationship between the amount of untransformed B 


phase and transformation time at 550°C. 


decomposition rates cannot be determined readily 
from this data since the amount of untransformed £ 
continuously decreases as transformation proceeds. 
Since the true rate of 8 decomposition must be re- 
lated to a unit volume of untransformed 8, it is ne- 
cessary to plot the function log, [1 — f(t)] vs trans- 
formation time, where f(t) is the fractional amount 
of 8 decomposed in a given time. The nature ofthis 
function is discussed later. The slope of such a plot 
represents the true rate of decomposition of resi- 
dual 8 per unit volume of untransformed 8 and may 
be expressed as d/di{log, [1 - f(t) ]}= -1/1 - 
adf(t)/dt where df(i)/dt is the rate of transformation 
and 1 — /(d) is the fractional amount of 8 remaining 
after time ¢. Fig. 5 reveals that the initial slope 
of the true decomposition rate determination is 
0.053/sec. The transformation rate accelerates 
sharply after about 20 pct transformation. Any 
small error in the time-transformation determin- 
ation will introduce a large deviation in the value of 
log, (1 — f() ) when f(/) approaches unity so that 
the plot is drawn without weighting such points. 

The decomposition of 6 phase occurred in the 
following manner. Initially a dark etching preci- 
pitate appeared which outlined the grain bound- 
aries, Fig. 6(a). The precipitate was unresolvable 
even at X1500. Electron microscope studies in- 
dicate that the precipitate has a fundamentally 
lamellar character, Fig. 6(b). Next, microscop- 
ically unresolvable nodules of a dark etching product 
formed adjacent to the transformed grain boundaries 
and simultaneously intragranular nucleation and 
growth of similar unresolvable dark etching nodules 
occurred, Fig. 4. The electron microscope revealed 
that the nodules were comprised of a fine lamellar 
eutectoid. The lamellae were composed alternately 
of the a phase (dark appearance) and the y phase 
(lighter appearance), Fig. 7. 

The transformed region at the grain boundary did 
not in general extend itself any substantial amount 
into the grains. The bulk of the initial reaction oc- 
curred by intragranular nucleation of fine eutectoid 
nodules followed by growth which is limited by im- 
pingement with neighboring intragrain nodules and 
the transformed zone at the grain boundaries. The 
amount of transformation originating at grain bound- 
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Fig. 6(a2)—Illustrating grain boundary precipitate in 8 grain 
boundaries at the onset of transformation. 3 sec at 550°C. 
X500. 6(b)—Illustrating the lamellar structure of the grain 
boundary precipitate 3 sec at 550°C. X24,000. Reduced ap- 
proximately 33 pct for reproduction. 


aries is limited by the large grain size of the speci- 
mens which averaged 0.8 mm. 

As shown in Fig. 7, variations in the apparent a- 
y spacing during the initial decomposition are rather 


Fig. 7—A nodule of fine eutectoid composed of a (dark ap- 
pearance) and y (light appearance) lamellae. The nodule is 
surrounded by retained 8. X20,000. Reduced approximately 


34 pet for reproduction. 
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Fig. 8—Illustrating a variety of structures present in the replacement of the fine eutectoid by the coarse lamellar aggre- 
gate when held at 550°C for times indicated. K18,600. Reduced approyimately 11 pct for reproduction. 


small compared to those that can occur later (see 
Fig. 1). It has been established that for pearlite, 
which is the best studied lamellar eutectoid, varia- 
tions in apparent spacing of pearlite formed isother- 
mally are due not only to differences in the plane of 
polish of the colonies comprising the nodule, but also 
to a statistical distribution of true spacing sizes. 

With continued holding at 550°C past the complete 
metallographic disappearance of the § and its re- 
placement by the fine eutectoid, a new lamellar ag- 
gregate begins to appear of much coarser average 
spacing than the initial eutectoid, and it continues to 
replace the fine eutectoid as the sojourn is length- 
ened until only the coarse lamellar aggregate is pre- 
sent. It was not possible to obtain a reproducible 
reaction curve for formation of the coarse lamellar 
aggregate reaction by lineal analysis because of the 
difficulty of distinguishing the boundaries of the coarse 
aggregate at the magnifications available with the 
light microscope. The problem was most pronounced 
when 20 to 90 pct of the coarse product was present. 
Small amounts of coarse aggregate in the fine eu- 
tectoid were readily identifiable as were small un- 
resolvable regions of fine eutectoid when surrounded 
by the coarse lamellar aggregate. 

The coarse aggregate is composed of alternate a 
and ylamellae which differ from those of the fine eu- 
tectoid in three respects: 

1) The average interlamellar spacing is much 
greater 

2) The lamellae of the coarse aggregate are less 
regularly spaced and less ideal in form than the fine 

3) The a lamellae of the coarse aggregate are more 
nearly of the equilibrium Be content’, whereas the a 
lamellae of the fine eutectoid are supersaturated with 
respect to beryllium. 

A variety of structures present in the replacement 
of the fine eutectoid by the coarse lamellar aggregate 
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is shown in Fig. 8. It is apparent from the photomic- | 
rographs that the process is not simply a spheroidi- 
zation of the initially wand y phases. Fig. 1 indicates 
that the spacing of the coarse lamellar aggregate is 
subject to statistical variation. 

Information was sought which would elucidate the 
nature of the secondary reaction. The direct ap- 
proach of examining an etched colony of the fine eu- 
tectoid and observing it after further heat treatment 
designed to effectuate replacement of the fine eutec- 
toid by the coarse lamellar aggregate was attempted 
and abandoned when it repeatedly produced artifacts. 

In order to ascertain whether a metastable phase 
existing at the transformation temperature may have 
been involved in the transformation of the fine eu- 
tectoid to the coarse lamellar aggregate, two-stage 
heat treatments were performed. Specimens were 
betatized at 788°C, isothermally transformed and 
quenched to room temperature. On reheating these 
specimens no significant differences were found mi- 
croscopically in the total amount or morphology of 
the coarse product subsequently examined as com- 
pared with specimens which were transformed with- 
out interruption for the same total time at tempera- 
ture. Table I summarizes the transformation data. 
The precision of the lineal analysis is not better than 

The most experimentally accessible physical quant- | 
ity as well as the most obvious difference between | 
the initial and the secondary lamellar aggregate was | 
the interlamellar spacing. Because of differences in | 
the plane of polish of colonies and statistical vari- 
ability in spacing of the fine and coarse aggregate a 
true mean spacing can be ascertained only by very 
tedious measurements requiring an area large enough | 
so that the individual colonies are sufficiently num- 
erous to constitute a random sample. When the elec- 
tron microscope is required to resolve the individual | 
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Table |. Results of Interrupted Transformation 
and Reheating Experiments 


Percent Transformation 


Transformation Product 
Temperature °C Transformation Times Coarse Fine 
550 5 min 5.4 94.6 
10 min 22.6 77.4 
3 min, subsequently quenched 7.2 92.8 
to R.T. and reheated for 2 min 
at 550°C 
7 min, subsequently quenched 24.1 75.9 
to R.T. and reheated for 3 min 
at 550°C 
592 15 min 13.0 84.0 
30 min 36.0 64.0 
12 min, subsequently quenched 13.5 85.5 
to R.T. and reheated for 3 min 
27 min, subsequently quenched 34.9 65.1 


to R.T. and reheated for 3 min 


All above specimens betatized at 788°C 


colonies, this is a formidable experimental problem. 

One spacing parameter which can be directly mea- 
sured is the true minimum spacing. In the ideal case 
where a unique true spacing of a lamellar aggregate 
exists and differences in the plane of polish are solely 
responsible for the apparent variations in the spacing 
of colonies, the minimum spacing observed in the ex- 
amination of a large number of randomly chosen co- 
lonies would coincide with the true spacing of the ag- 
gregate. When there is a distribution of spacing as 
in the present case, the minimum apparent spacing 
in such a study may resonably be designated as aris- 
ing from a colony of minimum true spacing which 
has been sectioned perpendicularly to the lamellae. 

A careful examination of a plot of minimum inter- 
lamellar spacing as a function of transformation 
time will provide useful insights into the course of 
the reactions when combined with other data. A de- 
termination of the minimum interlamellar spacing 
as a function of transformation time, Fig. 9, was 
constructed from the electron micrographs of Fig.8 
and many others of similar kind. The small letters 
represent beginning and ending points in the initial 
and secondary reaction as determined by lineal an- 
alysis with the light microscope. 

At ‘‘a’’ the reaction 6 to fine eutectoid is complete; 
at ‘‘b’’ the reaction fine eutectoid to coarse lamellar 
aggregate has begun (1 pct transformation) and ‘‘c’’ 
represents the completion of this reaction (99 pct trans- 
formation). In the interval ‘‘ab’’ the minimum inter- 
lamellar spacing does not change. This suggests that 
once the £ has transformed fully to fine eutectoid the 
distribution of spacings is stable until the reaction to 
form the coarse lamellar aggregate begins. The in- 
itiation of the-secondary reaction is not revealed by 
the interlamellar spacing plot. Until the coarse lam- 
ellar reaction has proceeded for a time sufficiently 
long so not a trace of the most densely lamellated 
aggregate of the fine eutectoid persists, no change 
will be evinced in a plot of the minimum observed in- 
terlamellar spacing, Fig. 9. The disappearance of 
this last trace of most finely lamellated eutectoid 
does not occur until about 15-min transformation 
time. Lineal analysis measurements with the light 
microscope indicate that about 40 pct of coarse lam- 
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Fig. 9—Minimum interlamellar spacing as a function of 
transformation time at 550°C. 


ellar eutectoid is present at this time. The range of 
spacings over which the lamellae of the fine eutec- 
toid exist, varies from a minimum of about 3 x 107° 
to a maximum of about 17 X 10-° mm. This last 
value corresponds to the completion of the second- 
ary reaction. If the nucleation and growth of the 
coarse lamellar aggregate occurred in random 
fashion throughout the fine eutectoid, a trace of the 
densely lamellated fine eutectoid would persist un- 
til completion of the reaction. Since, in fact this 
finest aggregate disappears when only 40 pct of the 
coarse lamellar product is present, and successively 
the finest existing lamellae of the fine eutectoid are 
replaced as the coarse reaction proceeds, the in- 
ference therefore is that the coarse reaction oc- 
curs preferentially in the most finely spaced regions 
of the fine eutectoid. 

In determining the end point of the reaction of fine 
eutectoid to coarse lamellar aggregate, some difficulty 
is experienced because the spacing of the remaining 
fine constituent is close to or overlaps that of the 
coarse lamellar aggregate. Frequently however, it 
is possible to distinguish between the fine eutectoid 
and the coarse aggregate on the basis of differences 
in the mode of aggregation. The lamellae of the fine 
eutectoid are much more regular and much more 
nearly approach the ideal lamellar form than the con- 


Fig. 10—TIllustrating the tendency toward spheroidization 
after completion of the coarse reaction. Held at 550°C for 
22.5 hr. X1500. Reduced approximately 28 pct for repro- 
duction. 
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Fig. 11—Illustrating the persistence of the iamellar struc- 


ture after 118 hr at 550°C. X1000. Reduced approximately 
28 pct for reproduction. 


stituents of the coarse lamellar aggregate, Fig. 1. 
Ultimately all of the fine eutectoid including the por- 
tion with relatively large spacing appears to be re- 
placed by the coarse lamellar aggregate. 


Past ‘‘c’’ on the plot of minimum interlamellar 
spacing, Fig. 9 the increase in the spacing is due to 
coarsening processes in the lamellae of the more 
finely spaced coarse structure which will be dis- 
cussed below. Lamellae which are already thick- 
ened by this time exhibit a tendency towards spher- 
oidization, Fig. 10 though the lamellar structure 
persists even with long annealing times, Fig. 11. 

To obtain the rate of growth of the fine eutec- 
toid nodules the diameter of the largest unimpeded 
nodule was measured in each of a series of speci- 
mens transformed for successively longer times. 
The slope of a plot of these diameters as a func- 
tion of transformation time, Fig. 12 yields a growth 
rate G which was 0.019 mm per sec. The plot is 
drawn linear with time in analogy with growth rate 
determinations of the austenite-pearlite reaction. 
The procedure is subject to some question because 
decomposition occurs almost completely at the grain 
boundaries before there is any nodular formation, 
and nodules originate at the grain boundaries sim- 
ultaneously with intragranular nodular growth. 
These grain boundary nodules are ignored in the 
measurements of nodule diameter because it is 
considered that their growth is impeded by neigh- 
boring nodules along the grain boundary. However, 
the vast majority of the nodules develop intragran- 
ularly and the large grain size averaging 0.8 mm re- 
duces interference due to grain boundary impinge- 
ment as well as the number of nodules which ori- 
ginate in or adjacent to a grain boundary. The bulk 
of the initial 8 decomposition seems describable as 
homogeneous intragranular nucleation followed by 
growth which is limited by impingement with grain 
boundaries and neighboring intragrain nodules. 

Rate of growth determinations as described above 
usually fail to go through the origin of the plot and 
have a positive time intercept. This circumstance 
has not been satisfactorily explained. In the pre- 
sent instance the time intercept for a nodule of ra- 
dius zero (2.4 sec) in Fig. 12 may be considered 
as a time at which intragranular nucleation first 
occurs. The reaction curve, Fig. 3 indicates that 


758-VOLUME 218, AUGUST 1960 


160 


140 
120 
E 
e 
> 100 
a 
4 80 
5 / 
ro) 


© 


/ 


(0) 2 4 6 8 10 12 
TIME — sec. 


Fig. 12—Relationship between nodule radii and transforma- 
tion time in Cu-5.6 pct Be isothermally transformed at 
550°C. 


only about 0.5 pct transformation has taken place 
at 3 sec and Fig. 6 demonstrates that this is almost 
exclusively due to grain boundary transformation. 

For the case of homogeneous nucleation with a 
linear growth rate G and a constant nucleation rate 
N the simple reaction equation = 1 3) 
applies.” This equation is believed to be satis- 
factory as an approximation to the transformation 
data obtained at 550°C. As a check on its accuracy 
a plot of log In 1/[1 - f()] vs log time, Fig. 13, 
where /(f is the fraction transformed, yields a 
slope of very nearly 4 which coincides with the the- 
oretical expectation. Since the overall transforma- 
tion is certainly not homogeneous and occurs pre- 
ferentially exclusively at grain boundaries at the 
onset, the applicability of the simple reaction equ- 
ation is undoubtedly due to the very large grain 
size of the specimens which reduces interference 
due to grain boundary impingement of the nodules 
and restricts the proportion of nodules arising from 
grain boundary sites. 

The nucleation rate can be obtained from the re- 
action equation using G = 0.019 mm per sec from 
Fig. 12 and 8.3 sec as the half time of the reaction 
(obtained from Fig. 3). The calculated nucleation 
rate was 16 nuclei per mm‘ per sec. 

Transformation at 592°C:—Beta reaction at this 
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Fig. 13—Relationship between log In {1/1-f(c)} and trans- 
formation time at 550°C. 


temperature is complicated by the appearance of 
an insular dark etching precipitate, Fig. 14, before 
much eutectoid transformation has occurred, and 
the overlapping of the fine and coarse reactions. 


By overlapping is meant the appearance of the coarse 


product before the £ phase has transformed entire- 
ly to fine eutectoid. 


Fig. 15 illustrates that at 592°C the fine and coarse 
lamellar structures are formed simultaneously. The 


8B decomposition curve, Fig. 16 must now be under- 
stood as referring to the reaction 


Fig. 15—TIllustrating the fine and coarse lamellar struc- 
tures appearing simultaneously as the 6 phase (upper 


right-hand corner) decomposes. 3 min at 592°C. X14,000. 


Reduced approximately 32 pet for reproduction. 
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Fig. 14—TIllustrating the insular dark etching precipitate 
which appears before extensive 8 decomposition at 592°C. 
45 sec at 592°C. X500. Reduced approximately 13 pct for 
reproduction. 


8B ~ fine eutectoid + coarse lamellar aggregate + 
(dark etching insular ppt.) 

The insular dark etching precipitate totally disap- 
pears by 5 min at 592°C. It never accounts for 
more than 2 pct of the field when lineal analysis 

is carried out and does not appear to be contin- 
uous with either a or y lamellae in the nodular 
reaction product. 

Appreciable amounts of coarse product are not 
formed before the 8 decomposition is about 85 pct 
complete. This can readily be seen from inspec- 
tion of Figs. 16 and 17 which are lineal analyses 
for pct 8 decomposition and pct coarse product, re- 
spectively. At the completion of the initial 8 de- 
composition, about 25 pct of coarse product is pre- 
sent. Lineal analysis for the amount of coarse pro- 
duct can be performed readily on specimens trans- 
formed at this temperature because of the larger 
size of all structures compared to those formed at 
550°C. Fig. 18 illustrates characteristic regions 
during the transformation. 

The initial decomposition rate as determined from 
a plot of In (1 - f(é) ) vs time, Fig. 19, is an order 
or magnitude less than that at 550°C and the greatest 
velocity of transformation takes place around 25 pct 
6 decomposition. The initial nodular growth rate is 
also an order of magnitude less at 592°C than at 
550°C being 0.00125 mm per sec and 0.019 mm per 
sec, respectively, Fig. 20. 
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Fig. 16—Relationship between percent B decomposition 
and sojourn time at 592°C. 
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Fig. 17—Relationship between percent coarse lamellar 
aggregate and sojourn time at 592°C. 


The plot of minimum interlamellar spacing vs 
‘time, Fig. 21, has the same general features pre- 
viously described. ‘‘a’’ now represents the comple- 
tion of 8 decomposition into the fine and coarse lam- 
ellar structures; ‘‘b’’ represents the disappearance 
of the last trace of the fine eutectoid. The rise after 
this point represents the further agglomeration of 
the coarse lamellar structure. 

Table II compares data on the initiation and com- 
pletion times of the reactions in the present inves- 


2 min. X2250 5 min. X2250 


42 hr. X1000 


Table Il. Times for Initiation and Completion of Reactions 


Transformation Temperature 


592°C 550°C 

Present Present 
Fillnow Investi- Fillnow  Investi- 
Reaction and Mack gation and Mack gation 
B > fine eutectoid start 90 sec Sssec 7 sec 3 sec 
B > fine eutectoid finish 13 min 25 min 40 sec 15 sec 
initiation of coarse eutectoid 4 min 5 min 5 min 3 min 

completion of coarse reaction 17 hr 15 hr 28 hr 8 hr 


tigation with the results of Fillnow and Mack. Dis- 
crepancies exist for the following reasons. Fill- 
now and Mack had employed manual heat treatments 
exclusively; hence, their results cannot be consider- 
ed reliable at very short times. They have not ex- 
plicitely stated criteria for initiation or completion 
of transformation. Their longer times for comple- 
tion of the coarse reaction may indicate that they 
chose a requirement of 100 pct transformation for 
completion of a reaction. Small difference in chem- 
istry between their specimens and ours may have 
affected the time for onset of reactions. 


DISCUSSION 


The high-temperature decomposition of eutectoid 
beryllium bronze is evidently a complicated process. 
While a definitive explanation has not resulted from 
the present study, it is clear that several principal 


60 min. X2250 


413 hr. X1000 


Fig. 18—Illustrating a variety of structures present in the decomposition of Cu-5.6 pct Be at 592°C, 
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Fig. 19—Relationship between the amount of untransformed 
B phase and transformation time at 592°C. 


stages are to be distinguished. The stages occur 
without significant overlap at 550°C. 

1) The initial reaction 6 ~ fine eutectoid. 

2) The transformation fine eutectoid ~ coarse 
lamellar aggregate. 

3) The agglomeration of the coarse eutectoid. 
Each of these processes will be taken up separately. 
The initial transformation 8 — fine eutectoid is 

formally similar to the austenite-pearlite reaction 

in steel in several respects. Both transformations 
take place by nucleation and growth of approximately 
spherical nodules comprised of a number of colonies 
of alternate lamellae of solute-poor solid solution 
and a solute-rich intermetallic compound. The initial 
growth rate is a constant at a given temperature; the 


growth rate increases with decreasing temperature, 
and the interlamellar spacing decreases with de- 
creasing temperature. 

In eutectoid beryllium bronze a network of fine 
lamellar eutectoid forms at 6 grain boundaries very 
early in the reaction. Following the appearance of 
network, nodular growth occurs simultaneously at 
intragranular sites as well as grain boundaries. 

An insular dark etching precipitate appears in the 
6 at the higher transformation temperature; its in- 
homogeneous distribution, small amounts of it which 
form, and its total disappearance after relatively 
short sojourns suggest that its importance in further 
8B decomposition is limited. 


The secondary reaction, the replacement of the fine 
eutectoid by the coarse lamellar aggregate was thought 


to be an unusual feature for a eutectoid alloy when it 
was first investigated.’ A review of the recent liter- 
ature of eutectoid decomposition reveals that this 
phenomenon is a fairly common occurrence °*""* and 
may even be an essential characteristic of some 
classes of eutectoid alloys. Because the theoretical 
formulations of eutectoid decomposition have been 
based on the iron-carbon eutectoid where no second- 
ary reaction occurs, the import of this reaction has 
not been appreciated. In pearlite prolonged anneal- 
ing results in a spheroidization of the cementite in- 
stead of a secondary reaction; the persistence of the 
lamellar structure in eutectoid beryllium bronze 
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Fig. 20—Relationship between nodule radii and transforma- 
tion time in Cu-5.6 pct Be isothermally transformed at 
592°C. 


even to transformation time of 413 hr at temper- 
atures of 20°C below the eutectoid temperature is 
striking. 

In order to determine whether equilibrium amounts 
of a and y phases were present at this. long transfor- 
mation time lineal analysis was performed on this 
specimen. The experimentally determined amounts 
were 51.4 pct a, 48.6 pct y which compared closely 
with the theoretical values for volume percents of 
51.1 pct, and 48.9 pct, respectively. Since the repro- 
ducibility of the measurement is only about 3 pct 
the agreement may be somewhat fortuitous. 

A reaction wherein a secondary lamellar aggre- 
gate is nucleated and grows in an initially fine eu- 
tectoid has been reported in Cu-Ga,*® Ag-Cd,” Zn- 
Cu-In," and Cu-Al.*”** While each of the eu- 
tectoid systems had features which distinguished it, 
they all seemed to be related by a phenomenon which 
is akin to recrystallization in age hardening alloys. 
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Fig. 21—Relationship between the minimum interlamellar 
spacing and transformation time at 592°C in Cu-5.6 pct Be: 
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This phenomenon is characterized by the formation 
of lamellar nodules of the equilibrium phases from 
the mixture of precipitate and matrix. It is distin- 
guished from ordinary recrystallization in that not 
only strain gradients, but also composition is re- 
laxed by the reaction. Usually the reaction initiates 
at grain boundaries and propagates into the grain 
interiors. In some systems the recrystallization 
reaction precedes microscopically detectable pre- 
cipitation; in others recrystallization occurs after 
resolution of the precipitate. Turnbull +415 and 
Treaftis *° have quantitatively investigated a simple 
recrystallization reaction which was not preceded 
by general precipitation. They prefer the desig- 
nation ‘‘cellular precipitation’’ for the reaction 
and observed that-not all the excess solute was 
precipitated from a point in the structure as the 
nodule boundary swept by. The rapid initial drain- 
age of excess solute from the supersaturated mat- 
rix was thought to have occurred by diffusion short 
circuits with the cell boundary itself comprising 
‘the most effective channel. 

In beryllium bronze the difficulties of understand- 
ing the growth of the coarse lamellar aggregate in 
the fine eutectoid have been well stated by Haynes*® 
who noted that if transformation is to take place by 
diffusion of beryllium atoms through the fine lamel- 
lae, then an exceedingly improbable set of movements 
of Be atoms is required. However, if at the tem- 
perature of the reaction the fine eutectoid structure 
observed is not composed of the a and y phases, but 
of some intermediate phase or phases which break 
down to a and y during quenching, such an inter- 
mediate phase could yield the coarse structure iso- 
thermally while not precluding the possibility of the 
6 phase breaking down directly into the coarse struc- 
ture. The results of the present study tend to deny 
this hypothesis since on reheating partially decom- 
posed specimens they continued to transform with- 
out significant differences in the morphology or the 
amount of coarse product formed compared with 
specimens which had been transformed without in- 
terruption for the same total time and temperature. 

The X-ray observations of Fillnow and Mack,’ 
Gruhl and Wasserman,” and Viswanathan® admit 
only the existence of the a and y phases under the 
quenching conditions of the experiment when the 
specimens are examined at room temperature. 
Therefore, if an intermediate phase (or phases) 
exists at the reaction temperature then the re- 
action: 


intermediate phase(s) at 550°C — Stable a and y 
phases at room 
temperature 

must be readily reversible. Since the amount of 
diffusion which could occur on reheating the speci- 
men to 550°C from room temperature is negligible 
this hypothesis appears to be untenable. High 
temperature X-ray work might provide direct evi- 
dence to settle the question. 

Turnbull and Treaftis derived an expression for 
the growth of a cellular aggregate of the form G = 
K(c) Dg6/S* where G is the rate of growth of the 
aggregate, K (c) is a function of the concentrations 
whose value is of the order unity, Dp is the cell 
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boundary diffusion coefficient, S is the interlamel- 
lar spacing, and 6 the cell boundary thickness, Sub- 
stituting experimental values from the initial 6 de- 
composition for the parameters, estimating 6 as 
10A and solving for D, one obtains a quantity of the 
order of 10 ° sq cm per sec which is compatible 
with current values for grain boundary diffusion co- 
efficients. The corresponding calculation using the 
familiar expression due to Mehl of G = K (c) (D/S), 
yields a value of D of 10° sq cm per sec. This 
value is too great for lattice diffusion of beryllium 
in copper by a factor of about 10* at the tempera- 
ture under consideration as determined by the data 
of Rhines and Mehl.” 

Growth rates could not be determined for the 
secondary reaction because of the irregularity of 
the coarse lamellae and the nonequiaxed shapes 
frequently assumed by groups of adjacent coarse 
lamellae. The elimination of the hypothesis that 
metastable phases are involved in the secondary re- 
action leaves the cellular segregation mechanism 
as the only attractive alternative. A lucid treatment 
of cellular segregation has been presented by J.W. 
Cahn” who indicates that the process is governed 
by diffusion along the cell boundary and the mobi- 
lity of the cell boundary. The initial decomposition 
is interpreted as a manifestion of a high-mobility 
low diffusivity boundary while the formation of the 
coarse lamellae requires a boundary of lower mo- 
bility and higher diffusivity to accomplish the great- 
er segregation. 

4) Minimum interlamellar spacing curves as a 
function of transformation time have been con- 
structed for 550° and 592°C. A trace of the finest 
spaced eutectoid persists until at least 40 pct of 
the coarse lamellar aggregate is present. Further 
coarsening of the lamellae takes place after com- 
pletion of the coarse reaction. 

5) The initial decomposition of the 8 phase to 
the fine eutectoid as well as the development of the 
coarse lamellar aggregate are manifestations of 
cellular decomposition governed by diffusion along 
the cell boundary and its mobility. 

6) The hypothesis that metastable phases take part 
in the transformation of the fine eutectoid to the 
coarse lamellar aggregate is highly doubtful. 

7) The development of a coarse lamellar aggre- 
gate from a lamellar eutectoid at least over some 
temperature range is a common feature in the de- 
composition of many eutectoid systems and deserves 
further investigation. 
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Technical Notes 


Intermediate Phases with the Cu,;Ca Struc- 
ture 


S. E. Haszko 


Ir is the purpose of this note to report the crystal- 
lographic data for nine new B,A compounds* having 


*These compounds, B,A, belong to space group P6/mmm (Dth) with 
A in (a); 0,0,0, in (c); +(1/3, 2/3, 0) and 3By in (g); 1/2, 0, 1/2, 
1/2, 1/2, 1/2: 
the Cu,Ca structure, with Aa rare earth and B a 
transition element, Co, Ni or Cu. In previous papers, 
some magnetic data! and preparation and crystallo- 
graphic data” for other B ;4 compounds having the 
same Structure have been reported. 

Crystallographic data for these compounds are 
shown in Tables I and II. These results are in agree- 
ment with others of this series reported previously 
by Wernick and Geller.” The abnormally large 
atomic volume of Yb metal® is not manifested in 
Ni;Yb, when one compares it with the compounds re- 
ported here and the data of reference 2. This is not 
true for the compound YbAI,, having the cubic Laves 
structure (MgCuz), to be discussed in other papers.*’° 
Thus, it appears that Yb has a valence of 3;7.é€., the 
2s and 1d electrons are lost to the conduction band.” 

Lattice constants for four of these compounds pre- 
pared by levitation melting have been reported by 
Nassau, Cherry, and Wallace.® The lattice constants 


Table |. Crystallographic Data for the BA Compounds* 


Calculated 
Volume, Density, 

a,(A) Co/dy g per cm? 
Co,Sm 5.004 3.971 0.794 86.11 8.58 
Co,Tb 4.947 3.982 0.805 84.39 8.93 
Co,Ho 4.910 3.996 0.814 83.43 9.15 
Ni,Sm 4.924 3.974 0.807 83.44 8.83 
Ni,Tb 4.894 3.966 0.810 82.26 9.14 
Ni,Ho 4.871 3.966 0.814 81.49 9.34 
Ni, Yb 4.841 3.965 0.819 80.47 9.63 
Cu,Sm 5.074 4.099 0.808 91.39 8.50 
Cu,Tb 4.96 4.15 0.837 88.42 8.95 


*All lattice constants are within +.005A except for Cu,Tb (+.01A). 


8C, S. Smith: Discussion to the above paper. 

44D. Turnbull: Acta Met., 1955, vol. 3, p. 55. 

48D, Turnbull and H. Treaftis: ‘Acta Met., 1955, vol. 3, p. 43. 
*Haynes: AIME Trans., 1951, vol. 191, p. 553. 

17W, Gruhl and G, Wasserman: ves Metallk., 1951, vol. 5, p. 92, 

18h, N. Rhines and R. F. Mehl: AIME Pranss, 1938, vol. 128, p. 185. 
93. W. Cahn: Acta Met., 1959, vol. 7, p. 18. 


Table Il. Interatomic Distances in the B5A Compounds 
By-A 

By-By By-By Byy-A 

B A (A) (A) (A) (A) 
Co Sm 2.50 2.46 2.89 3.19 
Tb 2.47 2.45 2.86 3.18 
Ho 2.46 2.45 2.84 317 

Ni Sm 2.46 2.44 2.84 3.16 
Tb 2.45 2.44 2.83 3515 

Ho 2.44 2.43 2.81 3.14 

Yb 2.42 2.43 2.80 Bals. 

Cu Sm 2.54 2.52 2.93 3.26 
Tb 2.48 2.52 2.86 3323: 


reported by these workers for Ni,Sm and Ni,Ho are 
in reasonably good agreement, while those of Co,;Sm 
and Co;Ho are somewhat low. This can possibly be 
explained by the existence of homogeneity ranges in 
these compounds. Homogeneity ranges have been 
shown to exist in some rare earth-transition metal 
compounds having the MgCuz structure.° 
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2J. H. Wernick and S. Geller: Acta Cryst., 1959, vol. 12, p. 662. 
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Dislocation Etch Pits in High- Purity Cad- 
mium 


J. H. Wernick and E. E. Thomas 


Tue etch-pit technique for revealing dislocations 
in bulk samples allows one to determine dislocation 
densities and to study their behavior under various 
mechanical and thermal treatments. We have de- 
veloped a chemical polish-etch for the development 
of etch pits on the (1100) plane of Cd which appear to 
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Fig. 1—Etch pits in as-grown Cd 
crystal. X500. Reduced approxi- 
mately 33 pct for reproduction. 


be sites of dislocations. The composition of the rea- 
gent is as follows: 


10 g CrO,; 1 cc H2SO,; 100 cc H20; and 25cc CH,;COOH 


Without the acetic acid, the solution is a well- 
known chemical polishing reagent for Cd, and the 
specimen then requires a rinse in a 2 pct H,SO, so- 
lution to remove the chromate film. The acetic acid 
addition causes pit development and at the same time 
makes unnecessary the acid rinse. No pits are ob- 
tained on the (0001) and (1120) planes, the only other 
planes examined. The etching time for the develop- 
ment of pits is 1 to 2 min. 

Cd of 99.9999 pct purity was zone refined in a 
purified Hz atmosphere and single crystals of this 
material, grown by the Bridgman technique by P. 
Schmidt, were used for this study. The degree of 
purity of the single crystals was determined by C. A. 
Renton by measuring the resistance ratios,* (Ra) 
R42 ), of a number of rod-shaped specimens (ob- 
tained by acid string cutting) whose long dimension 
was parallel to the c-axis. The ratios varied from 
27,000 to 38,700 for the particular crystal used. 

The variations in ratio are probably due to differ- 
ences in impurity concentrations and, more particu- 
larly, to imperfections. The results of measure- 
ments of this sort on material of this purity will be 
especially sensitive to differences in imperfection 
density and it is felt that some of the rods were 
probably strained during the attachment of wire 
leads and during subsequent measurement. 

Zinc has also been zone refined by this same 
technique. The resistance ratios of single-crys- 
tal specimens (grown by the Bridgman technique), 
determined parallel to the basal plane, varied from 
30,000 to 50,000. The resistance ratios obtained 
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Fig. 2—Etch pits along basal [1120] 
: * and pyramidal [1123] slip traces on 
mo (1100) plane. X100. Reduced approxi- 


3, 
ite 


4 
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Fig. 3—Portion of area of Fig. 3 at 
higher magnification. X500. Reduced 
approximately 53 pct for reproduc- 
tion. 


on single crystal sections of the zone refined ingots 


of Cd and Zn were somewhat larger than those quoted 


here. = 
A typical dispersion of etch pits on the (1100) plane 


of an as-cast crystal is shown in Fig. 2. The pit den- 
sity is of the order of 5 x10° per sq cm. Repeated 
polishing and etching gave identical etch pit patterns. 
On scratching the (1100) surface, it was noted that 
there was a high density of pits around the scratch 
along basal slip traces and indications of nonbasal 
slip. Twinning occurred as well as local recrystal- 
lization. These crude experiments tend to indicate 
that decoration is not here necessary for the reve- 
lation of dislocations as etch pits. 

Etch pits lying along [1120] slip traces (basal slip) 
and along nonbasal slip traces [112 3| at the edge of 
a specimen deformed by means of a pair of tweezers 
are shown in Fig. 3 and, at a higher magnification, 
in Fig. 4 (incident light slightly oblique). Deforma- 
tion twins are also present. It is believed that the 
nonbasal slip traces are due to pyramidal glide, 
(1122) [1123], since the angle between the traces and 
[1120] direction on the (1100) plane is approximately 
62 deg. Note the wavy nature of the rows of etch 
pits along the pyramidal slip traces, compared to the 
basal slip traces. Pyramidal glide (and wavy slip 
traces) has recently been observed in zinc by Bell 
and Cahn’ and by Gilman*’* and results when the 
basal planes are very unfavorably oriented for slip. 
The etch pit evidence presented here lends support 
that this mode of deformation can occur generally 
in hexagonal close-packed metals. 
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Fabrication of Thulium Foil 


H. H, Klepfer and M. E. Snyder 


Unt very recently, the commercial availability 
of the rare earths as metals has been very limited. 
Fabrication of mill products from these metals has 
not been studied in most cases. This note reports 
the results of the development of fabrication tech- 
niques for thulium. Thulium has a melting point of 
about 1550°C and a hexagonal close-packed crystal 
structure. It oxidizes in air to give a black oxide 
(Tm203). The procedures for producing thin thulium 
foil were developed on one ingot weighing about 220 g 
and were subsequently applied in processing about a 
pound of metal to foil. Several alternates for the 
various fabrication steps were investigated and will 
be discussed. 

The metal fabricated was in the form of commer- 
cial chill-cast ingots 1 in. in diam and 2 in. long 
weighing approximately 220 g. Impurities in the 
ingots were reported by the vendor to be 4000 ppm 
tantalum, 2000 ppm calcium, 200 ppm nickel, 100 
to 200 ppm iron, 100 ppm europium, and less than 
100 ppm copper, lutetium, and ytterbium. In addition 
to these impurities, several salt-like inclusions as 
large as 1/8 in. in diam were revealed along the 
center line of the one ingot sectioned. 

Preliminary tests indicated that small wafers cut 
from the as-cast ingot would not fabricate readily 
by rolling. Forging of copper-jacketed wafers was 
therefore attempted. At 1550°F forging was satis- 
factory but an apparent reaction of copper with 
thulium demanded investigation of lower tempera- 
tures. Therefore, the remainder of the test ingot 
was forged at 1450° F—with only minor cracking. 
All ingots forged were inserted into copper tubes of 
1 in. 1D and 0.125-in. wall thickness. The jackets 
were sealed by flattening the ends of the tubes and 
welding under helium. Heating time at 1450°F was 
30 min. Press forgings of 1/8 in. per pass were 
used, followed by 10 min reheats. When the ingots 
had been squared and reduced to 0.250 in. in thick- 
ness, the original copper jacket was stripped off and 
replaced by a new jacket in preparation for hot 
rolling. 

Hot rolling at 1450°F without edge cracking was 
readily accomplished after forging. Excellent re- 
sults were obtained with 10 pet reductions of thick- 
ness followed by 5 to 10 min reheats. After reduc- 
tion of thickness from 0.250 to 0.100 in. the copper 
jacket was removed. It was found, in fact, that hot 
rolling in air was possible. A tenacious black oxide 
similar to that seen on zirconium was formed during 
3 min reheats at 1450°F. Reduction in air to 0.010 
in. foil was possible taking 10 pct reductions per 
pass. 

HW. H. KLEPFER and M. E. SNYDER are Research Metallurgists, Val- 
lecitos Atomic Laboratory, General Electric Co., Atomic Power Dequi- 
ment Department, Pleasanton, Calif. 

Manuscript submitted May 9, 1960. [hl 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


The oxide coat formed during hot rolling in air 
could best be removed by sand blasting and pickling. 
Common pickling solutions containing polar solvents 
were found to attack the metal too rapidly and a con- 
centrated nitric-hydrofluoric acid mixture attacked 
neither the oxide nor the metal. The most satisfac- 
tory pickling solution was 52 vol pct concentrated 
nitric acid -48 vol pct glacial acetic acid. 

After forging to 0.250 in., vacuum annealing and 
cold rolling was found to be another satisfactory 
alternate to hot rolling in copper jackets. After 
forging, a hardness of Rockwell B76 was found. An- 
nealing in vacuum (2 X 10°° mm of Hg) for 1 hr at 
1200°F did not alter this value. Annealing at 1470°F 
for 1 hr brought the hardness down to R63. 

With cold rolling (5 pct per pass) the hardness re- 
turned to about R,;76 after 20 pct reduction and edge 
cracking became noticeable. However, cold rolling 
to a total of 40 pct reduction in thickness (R,83) was 
possible before edge crack propagation became 
serious. Good surface finish was obtained, and the 
metal loss due to oxidation was minimized by cold 
rolling and vacuum annealing. Using this procedure 
the yield of 1.25 in. wide by 0.010 in. thick foil from 
a 1-in. diam ingot was about 40 pct. 


Grain Boundary Sliding Versus Grain 
Boundary Migration in Creep 


N. R. Adsit and J. O. Brittain 


Ir has been suggested that grain boundary motion 
during creep is a two-stage process, 7.e., sliding 
followed by migration. Wienberg’ found alternate 
sliding and migration of aluminum tricrystals tested 
in shear. He concluded that curves of grain boundary 
sliding (G. B.S.) vs time were not reproducible from 
specimen to specimen. Couling and Roberts,” who 
worked on polycrystalline magnesium, found that 
sliding and migration were interdependent. They 
were able to correlate the amount of sliding with 
the number of sliding-migration cycles, 7.e., the 
amount of migration observed metallographically. 
Rhines, Bond, and Kissel® found that the curves of 
grain boundary sliding vs time were spasmodic but 
they did not find any migration of the boundary. 
Some recent creep tests on bicrystals of high- 
purity zinc (99.99 pct) help to elucidate the role of 
grain boundary migration in the G. B.S. process. 
The experimental technique and apparatus are de- 
scribed elsewhere.* The tests were conducted in 
vacuum or a protective atmosphere of argon. All 
specimens were stressed in simple shear along 
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Fig. 1—Two typical curves of grain boundary sliding vs 
time. Curve I was obtained from specimen 30D while 
Curve II was obtained from specimen 5I. The migration 
of specimen 5I was too small to make any qualitative ob- 
servations such as indicated on Curve I. 


the grain boundary. The displacement values plotted 
in Fig. 1 and the explanatory observations were 
made with a long working distance microscope while 
the tests were in progress. A number of tests were 
conducted in which it was observed that the G.B.S. 
and grain boundary migration varied in an unre- 
lated manner. The results reported here, Table I, 
represent extremes observed in the G.B.S. and the 
grain boundary migration. 

It was found that the curves of grain boundary 
sliding vs time were cyclic with no regular period. 
There is a definite correlation between the micro- 
structure and the deformation of the specimen which 
is shown clearly in Fig. 1, Curve I, and Fig. 2. Fig. 2 
is a photomicrograph of specimen 30D that was taken 
after the completion of the test. It was observed dur- 
ing the course of the test that the boundary slid at 
position (@), Fig. 2, and then migrated to position (0). 
There was a delay time of 80 hr for G.B.S. after 
the boundary reached position (0). Similar observa- 
tions were made on Specimen 30A. 

The G.B.S. vs time curve labeled II in Fig. 1 and 
the photomicrograph in Fig. 3 were obtained for 
specimen 5d], Table I. The G.B.S. vs time curve for 
specimens 32C and 10D were similar. The inactive 
periods in the G.B.S. curves of these specimens 
were of a much shorter duration than those observed 


Fig. 2—Specimen 30D showing the original and final po- 
sition of the grain boundary. The vertical displacements 
in the fiduciary mark are the grain boundary sliding. 
X150. Reduced approximately 42 pct for reproduction. 
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Table | 


Test 5 * 
S Orienta- Stress, Fiduci- G.B.S.* G.B.Mig 
No. tion 6) Tgb, Psi Atm ary Line x10~* In. x10~* In. 
6=140° 45.6 200 vac 1 165 “0+ 
121 105 
10D 6= 26° 46.2 200 vac 52 0 
twist=10° 
25D 6=14° 46.3 200 vac 32 
twist =7° 
258 @=14° 9.5 350 argon 57 2360 
twist = 7° 2 0 5500 
30D 350 argon 50 1800** 
twist = 10° 
30A 6 = 3° 34.5 350 argon 308 3680** 
twist = 10° 
32C 6=51° 9.5 350 argon 1 6 + 
2 180 520 


*Measured after 200 hour tests, except 51 measured after 120 hours. 
**The inactive period of G.B.S. was 118 hours in specimen 30D and 
52 hours in specimen 30A. 


Fig. 3—Specimen 5I showing very little boundary migra- 
tion. X250. Reduced approximately 21 pct for repro- 
duction. 


in specimens 30A and 30D. A comparison of the 
magnitudes of the G.B.S. and migration given in 
Table I indicates that G.B.S. can occur with essenti- 
ally no migration and also when macroscopic migra- 
tion has occurred. Note in Table I that the extremes 
can occur on the same specimen. 

Two things are to be concluded from these data. 
First, there is no explicit relation between the mag- 
nitude of the grain boundary sliding and the observ- 
able grain boundary migration, contrary to the re- 
sults of Couling and Roberts. Second, it definitely 
establishes that at least part of the inactive periods 
in the curves of grain boundary sliding vs time are 
due to migration. 


1F, Wienberg: Grain Boundary Shear in Aluminum, AJME Trans., 1958, vol. 
212, p. 808. 

4S. L. Couling and C. S. Roberts: Grain Boundary Deformation in Fine Grained 
Electrolytic Magnesium, AJME Trans., 1957, vol. 209, p. 1252. 

$F. H. Rhines, W. E. Bond, and M. A. Kissel: Grain Boundary Creep in Alumi- 
num Bicrystals, Trans. ASM, 1956, vol. 48, p. 919. 

‘N. R. Adsit; M. S. Thesis, Northwestern University, 1959. 

5W. T. Read: Dislocations in Crystals, McGraw-Hill Book Co., New York, 
pp. 157, 179, 1953. 
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The Deoxidation Equilibrium of Titanium 
in Liquid Steel 


John Chipman 


The equilibrium between titanium in liquid iron 
and titanium oxides has been studied by Hadley 

and Derge.* They have shown that a minimum oc- 
curs in the oxygen content of the metal between 

0.1 and 1.0 pct Ti, but its exact level was not fixed. 
The oxide phase in this minimum range was prin- 
cipally TiO, containing some iron oxide. On the 
other hand, for concentrations above 5 pct Ti the 
oxide phase was TiO and the oxygen content of 

the metal increased rapidly with increasing titanium 


content. From their observations and the free energy 


of TiO and TiO, reported by Kelley and Mah,’ it is 
possible to derive approximate values for the activ- 
ity coefficients of titanium and oxygen in liquid iron- 
titanium alloys and the conditions for equilibrium in 
steel deoxidation. 

Neglecting possible departures from the stoichio- 
metric composition, the condition of equilibrium 
with TiO may be expressed as follows: 


TiO = 


log K = log Ny + log [% O] + log yz, + log fy 


_ Here as a matter of convenience the titanium concen- 


tration is expressed in mol fraction while that of 


oxygen is in weight percent. The activity coefficients 


are yz; and fo. The value of log f, approaches zero 
as the concentration of titanium approaches zero, 
while that of log Vr; approaches a limiting value of 


‘in Fig. 1 the sum of log Ny, + log [% O] is plotted 
for mol fractions of titanium between 0.05 and 0.50. 
‘The smooth extrapolation gives a male of —4.15 
which corresponds to log K—log ans We therefore 
have the equation: 


TiO = Ti(s) + O (in Fe); AFfoq9+ 4.575T log yQ 
= +36,100 cal 


According to the data of Kelley and Mah,’ the free 
energy of formation of TiO at 1900°K is —82,400 cal. 
The free energy of solution of half a mol of oxygen 
in iron, taking 1 pct O as the standard state, is 
—29,300 cal. From these we write: 


TiO = Ti (s) + O (in Fe); AF fo99 = +53,100 cal 


From these equations the activity coefficient of 
titanium at infinite dilution in iron is found to have 
a value of 0.011 or log va = —1.96. This is only an 
approximate value but is *eertainly better than the 
estimated 0.05 in Basic Open Hearth Steelmaking? 

To obtain approximate values for the activity co- 
efficient at intermediate concentrations, it is as- 
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Fig. 1—Alloys in equilibrium with TiO at about 1900°K. 


sumed that log y,,/(1—N>y,)* is constant and equal 
to -1.96. This corresponds to a value of en = = 

In %;/8N 7; = 9.0 which is not unreasonable.* We 
now have the value for the activity of titanium and 
the percentage of oxygen in equilibrium with TiO. 
It is therefore a simple matter to calculate the ac- 
tivity coefficient of oxygen which is shown in Fig. 2. 
The effect of titanium is rather large, being com- 
parable to that of vanadium, but not so large as has 
been reported for aluminum. The slope of the line 
at low concentrations corresponds to ed = dln %/ 
= —0.37. 

At concentrations below 1 pct Ti the deoxidation 
constant and oxygen content for equilibrium with 
TiO, can be calculated from the foregoing data and 
the free energy of formation of TiO, which accord- 
ing to Kelley and Mah is —144,600 cal at 1900°K. The 
free energy of solution of oxygen has been given; 
that of Ti to form a dilute solution with 1 pct Ti as 
the standard state is RT In (0.5585 y,/47.9) = 
—34,800 cal. From these data we find (for concen- 
trations in wt pct): 


TiO, = Ti + 2 O; AF jog9= + 51,200 cal 
log K =-5.89 


The interaction coefficients, concentrations being 
expressed as wt pct, are ent = dlog f,,/0[% Ti] 

= +0.048 and = a log Ti] = 0.187. The 
calculation gives the following results which, in 
view of the impurity of the oxide phase, must be 
regarded as approximate: 


log fo 


0 0.1 0.2 0.3 0.4 0.5 


Fig. 2—Effect of titanium on the activity coefficient 
of oxygen. 
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Ti, pet =10 10-7 - 0810 
O, pct =0.036 0.011 0.0038 0.0028 0.0020 0.0017 


The results are compatible with the data of Hadley 
and Derge in this concentration range. The free 
energy of Ti,O, reported by Kelley and Mah would 
make this the stable oxide phase over all of the 
range considered. This is contrary to observations, 
and this oxide is therefore omitted from the calcu- 
lations. 

1R, L. Hadley and G. Derge: AJME Trans., 1955, vol. 203, p. 55. 

2k, K. Kelley and A. D. Mah: Metallurgical Thermochemistry of Titanium, 
U. S. Bur. Mines Rept. Invest. 5490, 1959. 


3Basic Open Heart Steelmaking, AIME, p. 669, 1951. 
4J. Chipman: J. Jron Steel Inst., 1955, vol. 180, p. 97. 


Self-Diffusion of Iron in Nickel Ferrite 


R. H. Condit, M. J. Brabers, and C. E. Birchenall 


In the oxidation of pure iron above 700°C the over- 
all rate is determined mainly by the rapid growth of 
wiistite, through which iron ions can diffuse rapidly.* 
Nickel added to the iron progressively decreases the 
stable range of composition of wiistite.? When enough 
nickel is added to eliminate wiistite as a stable phase, 
the spinel is the fast growing phase. This investiga- 
tion was undertaken to test the hypothesis that nickel 
substituting for iron in magnetite might decrease the 
rate of spinel growth by reducing the iron mobility. 

Nickel ferrite boules grown by the flame fusion 
process were purchased from the Linde Co. Chemi- 
cal analysis gave an atomic ratio of iron to nickel of 
2.88 and showed no other cations. They were cut in- 
to discs and ground to give flat, parallel faces. The 
experimental procedure employed was like that of 
Eisen and Birchenall® in which the distribution of 
radioactivity diffused in from a vapor deposited 
surface layer was determined by counting the resi- 
dual activity through a series of ground faces. The 
diffusivities were calculated in a manner consistent 
with the requirements discussed by Condit and Bir- 
chenall’ The details will be given in connection with 
a more extensive spinel diffusion study now in 
progress.” 

The results of the measurements are shown in the 
figure in comparison with earlier data on magnetite’ 
and zinc ferrite.° The uncertainties arising from 
scatter in the activity vs distance relationship and 
uncertainties in the temperatures are shown by flags. 

Despite the scatter it is clear that substitution of a 
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Iron self-diffusion in nickle ferrite compared with zinc 
ferrite® (ZnFe,O,) and magnetite! (Fe30,). 


considerable part of the iron in magnetite by nickel, 
in this case about one third, decreases the iron mo- 
bility substantially. Sachs’ determination of the 
distribution of iron and nickel in scales on iron- 
nickel alloys appears to show that nickel is less mo- 
bile than iron in the spinel layer. 

It is evident, therefore, that nickel plays several 
roles in reducing the oxidation rate of iron-nickel 
alloys. 1) It reduces progressively the stability 
range of wiistite.* 2) It reduces progressively the 
Stability range of the iron-nickel spinel phase in 
terms of the variation in cation to anion ratio.® 
3) As shown in this investigation, it reduces the 
cation mobility in the spinel phase which is the fas- 
ter growing phase in the absence of wiistite. 

The Fe’ was obtained from the Oak Ridge Na- 
tional Laboratory. The research was supported by 
the Air Force Office of Scientific Research (ARDC) 
under contract number AF 18(600)-967. 
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